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R&D Issues for Crystalline Silicon to Support GWNr. 
Goal by the Year 2010 

Bhushan Sopori 
National Renewable Energy Laboratory 

1617 Cole Boulevard 
Golden, CO 80401 

The demand for photovoltaic (PV) energy has been increasing at a rapid pace during the 
last few years. The silicon technology is continuing to meet this need with improved 
solar cell/module efficiency and cost. It is expected that this demand will continue to 
grow, and that by the year 2010 it will exceed lGW/yr. Other factors such as the 
"Million Solar Roofs" Program, if successful, can further enhance this demand. To date, 
nearly 90% of the PV demand is satisfied by crystalline silicon technology, with the 
balance using a-Si and other thin-film technologies. Although it is expected that newer 
technologies such as CIS and CdTe will be launched into commercial production, silicon 
is expected to continue to have a dominant role. This is based on the fact that the price 
for silicon modules has already come down, and further cost reductions, approaching 
$2N, are being contemplated. Increased productions that can raise the factory output 
levels to 25 MWfyr. can further reduce the module cost to $1.78/W. 

Clearly, silicon is facing challenges, both on the absolute terms of lowering the module 
costs and with the advent of potentially lower-cost thin film technologies. There are 
concerns as to how Si can meet these challenges, continue as the leading technology in 
the future, and meet the heavy demands in the future. The flip side of this argument is 
that the newer technologies have to compete with the performance, reliability, and cost 
of crystalline silicon technologies. 

The previous workshops have addressed some issues on high demands and cost 
reduction by improving the cell performance and the cell cost. This workshop is aimed 
at raising the awareness of these issues and initiating planning activities. At the outset, a 
workshop on the role of impurities and defects in silicon device processing may appear 
out of place for discussion of such issues. However, because a major impact on the 
production can occur precisely by improving the material quality and fabrication 
procedures, this workshop is a valuable opportunity to address these issues. Some of 
these issues are related to: 

Silicon feedstock: availability/cost/quality 
Improved material quality through improved crystal growth, and post-growth 
gettering and defect passivation 
Further understanding the performance-limiting factors and the approaches to resolve 
them 
The use (handling, device processing, encapsulation) of thinner wafers 
Higher efficiency device fabrication 
Higher throughput processes 
"PV" oriented equipment 

* Monitoring techniques 



In addition to current "wafer-based" devices, it is expected that a major effort will be 
devoted to the development of thin silicon solar cells. New understanding of the 
mechanisms of nucleation and growth, grain enhancement processes, thin film stress 
control, low-temperature gettering, and defect passivation are all a testament to the 
success of this emerging approach. 

* There are additional issues related to module fabrication, and system design and development, that 
will not be directly discussed in this workshop. 



A Study of the Manufacture at 500 MWp p.a. of 
Crystalline Silicon Photovoltaic Modules 

T.M. Bruton (BP Solar), G. Luthardt, K.D. Rasch, K. Roy (ASE), I.A. Dorrity, B. Garrard, 
L. Teale (Crystalox), J. Alonso, U. Ugalde ( IES-UPM), K. Declerq, J. Nijs, J. Slufcik 

(IMEC), A. Rauber, W. Wettling (FhG-ISE), A. Vall8ra (ICAT) 

In the framework of the EU programme APAS a study was performed by 
eight companies and research institutions with the task to determine if 500 
MWp per year could be successfully manufactured using crystalline silicon 
technology. The result of the study showed that module costs of 1 ECUNp 
using multicristalline wafers with screen printed contacts are achievable. 
Further extension of the ribbon silicon technology by the EFG process could 
lower costs further to 0.7 ECUNp. It was confirmed that it is market size 
which is a key driver in cost reduction. 

Annual production of silicon PV modules is presently around 60 MWp p.a. This is very small 
compared to the market for PV demanded by such schemes as ,,PV power for the world", the 
ALTENER study and the Madrid Conference on a ,,Renewable Energy Strategy for Europe" 
where an annual production rate of 500 M p  to 1 GWp was required. This study was a multi- 
institution study carried out under the APAS programme of the European Commission [l] to 
determine if manufacture at the scale of 500 MWp p.a. is possible with crystalline silicon 
technology. The study also examined the potential to reduce the costs by increased volume 
with the target of 1 ECU/Wp for factory gate module costs. 

The silicon PV module manufacturing process can be sub-divided into five stages: 

(1) Feedstock production, (2) crystallisation, (3) wafering, (4) solar cell processing and (5) 
module fabrication. A group was appointed to study each of these stages as a task. 

Approximate calculations of product costs were carried out at the task level but the detailed 
costing was done by the IES group in Madrid using a commercially available computer 
costing package, STAMPP (task 6). Here a population weighted and over several European 
countries averaged labor rate of 14.4 ECU/hr was used which included all social costs. 

(1) Concerning the silicon feedstock it was assumed that the demand of 5000 tons p.a. should 
be provided by a new production facility that is producing silicon only for PV applications. 
After investigating several other technical paths it was concluded that a somewhat relaxed 
Siemens process could be used for this feedstock fabrication and that the polysilicon costs 
would be about 20 ECUkg, a number which is higher than todays feedstock price which is 
based on ,,heads and tailscc of the microelectronic industry. 

(2) Three possible options to convert the silicon feedstock into a crystalline form appropriate 
for wafer production were taken into account in the study: (i) directional solidification of 
multicrystalline ingots (DS), (ii) Czochralski growth of monocrystalline bodes (CZ) and (iii) 
direct crystallization as silicon foil (EFG). For each method costs were evaluated together 
with producers assuming the most advanced technique available. 

(3) Wafering was assumed to be performed by multiwire saws (MWS) with little technologi- 
cal improvement above present day practice. Wafer dimensions were assumed as 125x 125x 
0.2 mm3 and the kerf loss as 230 pm. 



(4) Five solar cell processing schemes were considered in the study: 
Screen printing solar cells [2] which is the predominant present day manufacturing process 
(SP). This is the assumed process also for EFG material although the exact process details 
of the present EFG solar cell process are confidential. 
Laser grooving of buried grid (LGBG) cells. This is a high-efficiency process which has 
been in operation at BP Solar Espaiia since 199 1 [3]. 
MIS contacting to diffused solar cells which is developed at ASE and which has demon- 
strated reproducibly high-efficiency solar cells [4]. 
A simplified localized back surface field (LBSF) process for solar cells. The LBSF process 
which is similar to the P E E  process of UNSW, (the world record holding process) has 
demonstrated near world record efficiencies with float zone wafers at Fraunhofer ISE [ 5 ] .  

It was necessary to set solar cell efficiencies and wafer size and thickness giving full consid- 
eration to data inputs fiom wafering and module fabrication studies. Table 1 shows the effi- 
ciencies for the various technologies as assumed for the cost calculations. 

Table 1. Assumed efficiencies versus wafer type and size for different cell processing tech- 
nologies. 

(5) Two module technologies were investigated in the study: 
Reflow soldering for the tabbing process and vacuum lamination using EVA, ( S L )  
Ultrasonic welding for the tabbing process and resin in-fill between glass plates, 
(US W/RF). 

. 

Two high capacity highly automated module lines were assumed for this task. 

(6) For the detailed cost calculations seven alternative scenarios have been costed [6]. They 
are summarized in Table 2. 

Cell Technology 
Screen printed 
LGBG 
MIS-Difised 
EFG 
LBSF 

Table 2. Scenarios for costing of different crystalline silicon manufacturing technologies. The 
abbreviations used are explained in the above text. 

Process 1 Crystallization I Wafering 1 Solar Cell Proc. I Module Assemb. 

125x125 mmL, mono 
16 
18 
17 
d a  
20 

125x125 mmL, multi 
15 
16 
15 

14.4 
d a  

Scenario 1 
Scenario 2 

150x150 mm', multi 
14 
16 
13 
n.a 
d a  

Scenario 3 
Scenario 4 
Scenario 5 

The costs as specified for the five processing tasks are given in Table 3. 

DS 
CZ 

Scenario 6 
Scenario 7 

CZ 
CZ 
CZ 

MWS 
MWS 

CZ 
EFG 

MWS 
MWS 
MWS 

SP 
SP 

MWS 
n/a 

S/L 
S/L 

LGBG 
MIS 
MIS 

S/L 
S/L 

USW/RF 
LBSF 

SP 
S/L 
S/L 



Table 3. Factory cost in ECU/Wp for different crystalline manufacturing scenarios at 500 
MWp p.a. manufacture by process step. 

Process I Crystalliz. ( Wafering I Solar Cell I Module I Module ( Cost 

Scenario I 
I I I I I I 

0.28 
Scenario 2 I 0.62 I 0.2 1 I 0.12 

I I I I I I 
0.3 1 I 85.6 I 1.25 

Scenario 3 1 0.55 I 0.18 
Scenario 4 
Scenario 5 

In Table 4 the cost for the seven scenarios are specified with respect to the main cost catego- 

0.22 

Scenario 6 
Scenario 7 

ries as labour, materials, maintenance, depreciation and overhead. All costs are given in 
ECU/Wp. 

Table 4. Factory cost in ECUANp for different manufacturing scenarios broken down into the 
main cost categories at 500 MWp p.a. manufacture. 

I assembly 
0.1 1 1 0.30 

96.3 I 1.15 0.14 
I 

0.50 
0.28 

Process Labour Materials 

Scenario 2 

0.28 
0.18 
0.1 8 

0.59 
0.59 

Scenario 3 1 0::: 1 0:li 
Scenario 4 
Scenario5 0.13 0.88 

powerwp) 
86.9 

0.2 1 
0.2 1 
0.18 

0 

Scenario 6 1 0.32 1 0.94 

' ECUNCTp 
0.9 1 

0.30 
0.36 

Scenario 7 1 0.13 1 0.40 

0.83 
0.1 1 

90.9 
90.9 

These results show that the avoidance of the wafering step in the EFG process produces the 
lowest module cost. The well proven route for screen printed cells on wafers made by direc- 
tional solidification and wire sawing gives the next lowest cost and is at 0.91 ECU/Wp below 
the 1 ECU/Wp target. The technology improvements required to achieve this scenario are 
modest and all the individual parameters of ingot size, wafer thickness and cell efficiencies 

1.28 
1.34 

0.27 
0.32 

have been demonstrated. All the processes based on CZ wafers show higher costs because of 
the h~gh  wafer cost. However it can be seen that the LGBG process, with the highest effi- 
ciency, produces the lowest cost on monocrystalline wafers. 

Maintenan. I Depreciat. 

The other new processes require further improvement to be cost effective and the study has 
shown which areas must be addressed to achieve cost competitiveness. In particular the LBSF 
process which demands by far the highest labour and investment costs in this study is not 
optimized and requires more detailed study and process experience to fully specify the lowest 
cost production route. The balance of systems benefit of very high efficiency should also be 
noted. 

107.0 
8 1.5 

Overhead 
0.05 
0.07 

0.03 
0.07 

The study has shown, subject to appropriate investment, that there are no barriers to achieving 
500 MWp p.a. production of photovoltaic modules using crystalline silicon. Costs below or 
near 1 ECUNp are projected for a number of crystalline silicon manufacturing technologies. 
Investment costs are in the region of 1 ECU/Wp of installed production capacity and around 
3000 jobs would be created in a 500 MWp p.a. manufacturing plant. 

1.78 
0.71 

Cost ECU/Wp 
0.91 
1.25 

0.07 
0.12 



This study has clearly confirmed the widely held view that by increasing the market size, the 
prize of PV modules will fall. Indeed the study shows that it is market size which is one of the 
most significant factors in achieving cost reduction. 
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Grown-In Defects in FZ and CZ Silicon Crystals 

Takao ABE 
Isobe R&D Center, Shin - Etsu Handotai 

2- 13- 1 Isobe, Annaka - Shi, Gunma - ken 379-01 

ABSTRACT 

Six silicon ingots of different diameters (200, 150, 125, 100,75 and 50 mm) were grown 
from a single crystal puller under identical crucible and growth conditions. Each crystal 
included a region containing a junction between high and low growth rates. The distributions 
of SEP (Secco etch pit) defects and FP (flow pattern) defects were observed using 
longitudinal cut surfaces (110) along the growth direction <100>. Only the SEP defects were 
observed in the 50 mm crystal, and this was in the region in and around the time of slow 
growth rate. For the 75 and 100 mm crystals, a similar but smaller region of SEP defects 
was seen in the area of low growth rate. However, FP defects were also observed in the 
high growth rate regions of these crystals. For the crystals of 125 mm diameter and larger, 
both defects were found coexisting throughout the crystals. An effect on the defect density is 
still seen when the crystal growth was slowed. The behavior of the SEP and FP defects are 
exactly the same as that of A and D defects in FZ crystals, respectively. From the results 
presented here, it is c o n f i i d  that the species of intrinsic point defects is determined not by 
growth rate, but by the thermal gradient at the growth interface in CZ crystal growth. This 
has been demonstrated in the past for FZ crystal growth. 

INTRODUCTION 

As integrated circuits such as D-RAMS go to finer design rules, smaller grown-in defects 
have an opportunity to affect the device performance. Therefore, since traditional IG (internal 
genering) treatment [I] may not be enough, a high temperature hydrogen annealing has been 
proposed for denuding [2]. Moreover, epitaxial wafers which can be made free of grown-in 
defects have been used for high performance microprocessors and may be used in the future 
D-RAM generations. Finally, as the age of 3M)mm wafers comes, it is anticipated that SO1 
may be utilized for all advanced devices. The behavior of grown-in defects during the 
bonded SO1 process has been recently reported 131. 

On the other hand, concerning R-OSF (ring like distributed oxidation induced stacking 
faults) the generation and annihilation conditions have been clearly demonstrated by 
Dornberger et a1 [4]. The nuclei of these stacking faults come from one of the grown-in 
defects discussed in this paper. However, with regard to COP (crystal originated particle) [5] 
and FP defects, the generation mechanism has not been discussed. The GO1 (gate oxide 
integrity) clearly depends on the density of FP defects [6] but little has been reported (except 
one paper [7]) showing FP defects to affect the real device characteristics. This may be true 
due to the fact that actual device prpcesses include a high temperature oxidation before the 
gate oxidation. Annihilation of the FP defects in such a process has been demonstrated by 
Yamagishi et al. [6]. It should be remembered, however, that if processing temperatures are 
reduced in the future, a serious effect from the FP defects may result. 

Whereas the FP defects are associated with excess vacancies, it is shown in this paper 
that the SEP defects arise from secondary defects formed by excess silicon interstitials. The 
SEP defects may, therefore, be more important than the FP defects. Many researchers tend to 
connect the growth rate of the crystal with the formation of grown-in defects, but it is 
shown here that this concept is not true and the Voronkov theory [83 is not complete. 

EXPERIMENTS 



A conventional CZ furnace was charged with 70 kg and used for pulling 6 different 
diameter silicon crystals (200, 150, 125, 100, 75 and 50 mm). First, the 2Wmm crystal was 
grown and then poly crystal with the same weight as the 200 mm crystal was recharged into 
the puller. This process was repeated as crystals of progressively smaller diameters were 
grown. The crystals used here are summarized in Table 1. 

I Diameter (mm) 1 200 1 150 1 125 1100 1 7 5  1 50 1 

Table 1 Crystal weights (=recharged weights) of each diameter crystal. 

L 

Weight (kg) 

Each crystal was grown to about 30 crn in length. The growth rate through most of the 
crystal was fixed at 1.0 mm / min. At the middle of the crystal (approximately 15 cm position) 
the growth rate was suddenly changed to 0.2 rnm / min and held for 30 min (6 mm in 

length). To avoid the diameter increasing as the growth rate was decreased, the input power 
was changed just prior to slowing the growth (to add 14% for 200 mm and 2.5% for 50 
mm). Before returning to the 1.0 mm /min growth rate, the input power was decreased. Seed 
rotation was 15 rpm and the crucible was counter - rotated at 1.5 rpm. 

The crystals are <1W> orientation and p type 10 - 20 Rcm. Each crystal was cut 
perpendicularly to growth direction with the length of 15 cm as including the low growth rate 
region at center and then cut longitudinally to growth direction with (1 10) surface. Each 
wafer was polished with 700 p m  in thickness. These wafers were deposited vertically in 
Secco etch solution for 1 hr. to observe the SEP and FP defects. In order to observe the 
R-OSF distribution and the growth interface shape which was influenced by low growth rate, 
these wafers were annealed at 1100 C, 1 hr in wet oxygen and observed by conventional 
x-ray diffraction topography. The distxibutions of oxygen and carbon concentration were 
measured along the growth direction centerlines by IR absorption using the measurement area 
of 4 mrn in diameter. For the analysis of the defect distributions a wafer lifetime (WLT) 
method was applied using SEMILAB WT-85. In the FP defect annihilation experiment, 
PROTECH RTPF-850 as a rapid thermal annealer was used. 

RESULTS 

39.3 

Figure 1 shows the x-ray topographs of the wafers annealed for the R-OSF observations, 
but contrast of R-OSF was not clea~ly seen. The temperature fluctuations induced by the 
operation at low growth rates caused the noted diameter changes in all cases. The growth 
interfaces as revealed by oxygen striations are varied by the low growth rate, but much less 
so for the larger diameter. 

Figure 2 shows dark-field photographs using oblique lights after Secco etching. 
Macroscopic distributions of etch pits can been seen. In Fig. 2 (a) the 50 mm wafer is 
shown. There is a wide area before and after the low-growth section where SEP are 
generated. A part of this area was delineated by Nomalski optical microscopy and is shown 
in Fig. 3 (a). Various etch pits of different shapes and sizes are seen. The area before and 
after the slow growth shows SEP defects. Next, in Fig. 2 (b), the 100 mm wafer is seen. 
The area before and after the slow growth shows only SEP defects similar to the 50 mm 
sample, but in the outer high growth regions, FP and SEP defects are noted. The size of the 
core pit of the FP defect is extremely small compared to the SEP defects as seen in Fig. 3 
(a). Neverthless the size and density of the FP defects are small, we can easily observe their 
disaibutions as shown in Fig. 2 (b) owing to the extending flow patterns. The 200 mm 
wafer is shown in Fig. 2 (c). Here the effect of the slow growth on defect generation is 
only seen in the peripheral region. As can be seen in Fig. 3-((c), the defect area consists of 
both SEP and FP defects. 

18.6 

Figure 1 shows a sketch with the three types of defect regions superimposed : mainly 

12.4 2.5  
I 

8.0 4.6 





Fig. 3. Microphotographs (a), 
the upper area of Fig. 

(b) and (c) which are obtained in center area in Fig. 1 (a) - . -  
1 (b) and the middle m a  of Fig. 1 (c), respectively. 

SEP, mainly FP on growth striations, and a combination of FP and SEP. The SEP are the 
main defects for small diameter crystals, while FP defects increase with larger diameters until 
finally the mixed defects form. Figure 4 (a) and (b) give an analysis of the density of SEP 
and FP defects along the growth direction centerlines for the 50, 100 and 200 mm wafers. 
The counting volumes of each defect are 0.1 mm x 5 mm x 24.4 pm for the SEP and 1.0 mm 
x 5 mm x 24.4 pm for the FP defects, respectively. These distributions are not always in 
accord with the pattern distributions of Fig. 2. This is because Fig. 2 gives a macroscopic 
view and Fig. 4 is created by counting densities in limited small areas. As seen in Fig. 3 (b), 
the FP defects are located along growth striations and the SEP defects distribute uniformly. 

In Fig. 3 (c), both SEP and FP defects are observed randomly. From Figs. 4 (a) and (b), it 
can be understood that as the crystal diameter increases, the SEP defects decrease and the FP 
defects increase. 

Figure 5 shows a WLT distribution corresponding to Figs. 2 (a), (b) and (c) on the as 
polished surfaces. The SEP defect regions in Figs. 4 (a) and (b) have the lower WLT 
compared to the other region where is the lower density of the SEP. The values of the WLT 
in the mixed region of SEP and FP defects in Fig. 2 (b) do not show any reduction. This 
may be due to the lower densities of SEP defects. It is noted that the WLT in the periphery 
of the SEP defect regions in Figs. 2 (a) decreases clearly. This can be related to the peak 

densities indicated by p in Fig. 4 (a). 
Along the so-called R-OSF band in Fig. 4 (c), several points with the low values of 

WLT are seen. They are probably related to nuclei of the R-OSF and they are generated as 
the results of interaction with the strong growth striations. In the area after the slow growth 
rate where is free of the strong growth striation no such contrast is seen. 

The outer boundaries of the SEP defect regions in Figs. 1, 2 amd 4 coincide to the 
regions of the lowest WLT values in Fig. 5. These boundary regions probably became to the 
R-OSF bands when these wafers are annealed at 1100C, lhr in wet oxygen. 

The distributions of oxygen concentrations along the growth direction centerlines are 
shown in Fig. 6. Carbon concentrations ranged from 0.05 - 0.12 ppma for all wafers. Due to 
the slow rotation of the crucible, the oxygen content was not high even for the 200 mm 
case. For the small diameters, it was extremely low. An anomalous oxygen distribution was 
seen in the low growth rate region, and will be discussed elsewhere. 
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Fig. 4. Density distributions of the SEP (a) and FP (b) defects measured along growth 
direction on center line. 

DISCUSSION 

Habu et al [9,10,11] frst formulated the behavior of secondary defects induced by 
intrinsic point defects such as the R-OSF [12] and the AOP [13] (anomalous oxygen 
precipitation) during CZ crystal growth. They postulated the main species of the intrinsic 
point defects at growth interface. However, from our experimental results [12,13,14,15], we 
have reported that there is no universal equilibrium concentration of intrinsic point defects 
during growth as far as the thermal gradient exists. The predominant point defects, whether 
excess silicon interstitids or vacancies at the growth interface are determined by the growth 
condition. This relation was first proposed by Voronkov [B] based on the experimental result 
obtained by Roksnouer et al. 1161. Recently, Domberger et a1 [4] demonstrated that, Vo~onkov's 
theory clearly agree with their experimental results. When V / G > Ccrit = 1.3 x 10' cm m i d  
K-', the FP defects generate. On the other hand, when V/G < Ccrit, large defects believed to 



Fig. 5. Wafer lifetime maps. 50mm (a), 100mm (b) and 200mm wafers in diameter (c). 
.- Relative WLT values gre represented by different levels of darkness. 

be SEP appear. (V is the growth rate and G is the themal merit at growth interface.) 
However, the V / G relationships only explain that higher growth rate is necessary to 
compensate for larger themal gradients and the themal gradients in large diameter crystals 
are small compared to the smaller sized crystals. 

They did not measure the actual thermal gradients of the growing crystal but employed 
the theoretical calculation values simulated using the commercially available finite element code 
FEMAG which include the effects of the shapes of growth furnaces and crystal diameters. 
The effect of growth rate on thermal gradient was ignored. The higher growth rate on the 
same diameter introduces the smaller the~mal gradient as shown in our experimental results in 
the FZ crystal growth. The thermal gradient should be a reverse function of the growth rate. 

Moreover, if the Voronkov's relation is kept even when the growth rate is zero, excess 
interstitids should be generated independently of the thermal gradient. However, when a 
crystal is heated with uniform temperature distribution, the vacancy rich crystal will be 
realized. It can be said that vacancy is predominant in equilibrium state of silicon in terms of 
the thermal gradient (when G = 0). On the other hand, heating with a strong thermal gmhent 
brings about excess interstitials as shown in the experimental results by Roksnoeur et al. 
[16]. They demonstrated that the D defect region changes into the A defect region by in situ 
annealing after growth. 

We have proposed that the principal parameter determining whether excess silicon 
interstitials or excess vacancies is only the thermal gradient G based on results using FZ 
crystals [l4]. In this paper based on CZ crystals, it is again proposed that growth rate is not 
a controlling parameter. 

In these experiments, the growth conditions such as the crystal puller configuration, the 
initial melt level and especially the growth rate are the same for the 6 crystals of diameters 
from 50 to 200 mm in diameter. Nevertheless, the FP defects do not generate in the 50 mm 
crystal at the growth rate of 1.0 mm / min. When the growth rate is reduced to 0.2 mm / min, 
as seen in Figs. 1 (a), 2 (a), and 4 (a), a high density of SEP appear not only in the low 
growth region, but also in the sections before and after this part. Such extraordinary effects 
have been previously reported for FZ crystals [14,15], the fundamental reason for this 
phenomenon is not fully understood, but we have proposed that the high thermal gradient 
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Fig. 6. Oxygen concennation distributions along growth direction. 

effect extends to the region of the material already grown and continues after the growth rate 
is restored. 

In the 75 and 100 mm crystals grown at 1.0 mm / min, FP defects spread across the 
whole area except the periphery. However in the low growth section (0.2 mm / min, 30 min) 
and adjacent areas the FP defects disappear. On the contrary, SEP defects emerge. This fact 
is exactly the same phenomenon [l5] which one of the authors has reported in FZ crystals. 
There the D defect region changes into an A defect region by stopping the growth of a 40 
mm diameter crystal for 2 min. Therefore, it is reasonable to conclude that the origin of the 
SEP defects is the same as that of the A defects and the origin of the FP defects is the 
same as that of the D defects in FZ crystals. 

For the CZ crystals greater than 125 mm in diameter, the effect of the low growth rate 
does not show so clearly the replacing of FP defects with SEP defects. This indicates that in 
the larger crystals, the thermal gradient is relatively small and the heat capacity is large 

enough to minimize the effect of the low growth rate. However, from the previous 
discussions, the parameter controlling whether excess interstitials or vacancies is predominant 
at the growth interfaces is the thermal gradient and not the growth rate. Merent lattice strains 
are induced which allow for excess silicon interstitials or vacancies. 

Using the same growth conditions for different diameter crystal brings about differences 
in melt convection and evaporation of oxygen from the melt. Hence, the oxygen concentration 
varied widely. However, the behavior of the SEP and FP defects is consistent and 
independent of the oxygen concentration. Therefore, it appears that the interaction between 
intrinsic point defects themselves is dominant, rather than the interaction between the intrinsic 
point defects and oxygen atoms. In the larger crystals, both the SEP and FP defects are 
mixed in the same regions. There are two possibilities to explain the intrinsic point defect 
interaction. One is the idea that the interaction between the same kind of defect (interstitials 
or vacancies) is stronger than the interaction between interstitials and vacancies. (If vacancies 
interacts with interstitials they are annihilated as they combine.) The second explanation is that 
the reaction temperatures are different. For instance, the reaction temperature for excess self 
interstitials may be higher than that for excess vacancies ; possibly over 1200 C for excess 
inters titials and under 1200 C for excess vacancies as previously reported for FZ crystals [ 1 51. 

Previously, it has been noted that the FP defect density has a direct relationship with 
GO1 [ 61. So crystals having a lower density of FP have been required. These were created 
by using an after-heater during the crystal growth process. 

However, as the density of FP defects decrease, their size increases. A solution which 



Fig. 7. Annihilation rate of the FP defects normalized with densities in as-grown state 
on different crystal diameter. 

Annealing : 1250°C dry O2 

provides a smaller density of larger and more stable defects is not desirable for future &vice 
characteristics. Figure 7 shows the results of an annihilation experiment on FP defects using 
a RTA. The FP defects annihilate quickly when the specimens are thin, as in a wafer. The 
annealing temperature used was 1250 C in an ambient of dry oxygen. The process was 
ramped up and down from and to room temperature in 20 sec. Two crystals were examined : 
one was 150 mm in diameter with a relatively high growth rate of 1.18 mm / min and the 
other was 200 mm grown at 0.8 mm / min. It can be seen that the FP defects of higher 
density disappear faster than those of lower density. This may be due to the defects being of 
a bigger size. 

In the future, for crystals of 300 mm and larger, the sizes of FP and SEP defects are 
expected to be large. In order to prevent these defects, the authors propose that as fast a 
growth rate as possible be used even though there would be an increase in the density of 
the FP defects. 

CONCLUSION 
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When crystals of different diameters are grown from the same growth condition at both 
high and low growth rates, the SEP defects are generate in the low growth region and the 
regions adjacent to it in the smaller crystals. In the rest of the high growth regions FP 
defects appear except near the periphery. For larger crystals, the effect of the low growth rate 
is small but still exists in the periphery. Both types of defects appear together. From the 
analogy with FZ crystals, the SEP defects relate to excess silicon interstitids similar to the A 
defects, and the FP defects are associated with excess vacancies as are the D defects in FZ 
material. The oxygen in CZ crystals does not significantly disturb the fornation of either 
defect. Finally, it may be concluded that the essential parameter determining the species of 
intrinsic point defects at the growth interface is not the growth rate, but the thermal gradient. 
From the viewpoint of perfect crystals, the properties of FP defects are understood to some 
extent. However, the SEP defects may be more harmful to devices of the future and more 
fundamental analysis is needed on them. 
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ABSTRACT 

The supersaturation of point defects occurs in the melt-grown crystals 

during the cool down. To reduce the supersaturation, the point defects 

cluster together to form embryonic dislocation sources. In the presence of 

thermal gradient-induced stresses, these dislocations multiply. Thus, the 

perfection of the crystal is impaired. 

Two approaches have been used to reduce the density of dislocations. 

First, by binding the point defects with some impurities so that they cannot 

cluster together to form dislocation sources. Both electronic and size 

interactions between the point defects and the impurities may be important 

for this purpose. Second, to strengthen the crystals by the addition of suitable 

impurities so that the probability of thermal gradient-induced slip is reduced. 

Examples of the two approaches will be presented. 



1. INTRODUCTION 

That dislocations have deleterious effects on the performance and 

reliability of the minority carrier devices, such as solar cells, light emitters, 

photoelectrons, etc., is well documented. Ishida and Kamejima (1979) have 

shown that dark line defects observed in the degraded regions of 

GaAlAs/GaAs double heterostructure laser diodes originate from existing 

dislocations. Dutt et al. (1981) have demonstrated that dislocations and 

stacking faults in GaAlAs layers, grown on poorly prepared GaAs surfaces, 

have a marked effect o the performance of light emitting devices. 

Meier et al. (1985) have examined in influence of dislocations on the 

minority carrier diffusion length and the efficiency of silicon solar cells. They 

have seen that the increase in the density of dislocations lowers the minority 

carrier diffusion length. This decrease is in turn reflected in the reduced 

efficiency of the solar cells. 

Beam et al. (1990) have shown that during homoepitaxy all the substrate 

dislocations intersecting the surface are replicated into an epitaxial layer. This 

observation implies that substrates having low dislocation densities are 

essential for the growth of high quality epitaxial layers. 

It is clear from the above discussion that substrates with low dislocation 

density are required for reliable minority carrier devices. To achieve this 

objective, an understanding of the origins of dislocations in as-grown crystals 

is essential. Then, some schemes must be designed to reduce the density of 

dislocations. These topics are briefly covered in the present paper. 



2. ORIGINS OF DISLOCATIONS IN CRYSTALS GROWN FROM THE MELT 

The introduction of dislocations during the seeded growth from the melt 

could result from three different sources. First, dislocations present in seed 

crystals could propagate into a growing crystals. Second, the supersaturation 

of point defects could occur during cool down. This supersaturation could be 

reduced by the clustering of point defects into dislocation loops. Third, 

dislocation loops in the growing crystal could multiply under the influence of 

thermal gradient-induced stresses. Since it is possible to grow using 

dislocated seeds crystals having high perfection, the seed quality does not 

appear to influence the quality of as-grown crystals (Mahajan et al. 1981). In 

addition, the incorporation of a necking procedure during growth can also 

reduce the effects of the seed quality. 

During growth, the non-equilibrium concentrations of point defects are 

incorporated into the crystals. The free energies of the crystals, crystallizing in 

the diamond cubic and zinc-blende structures, can be lowered if the excess 

point defects cluster into embryonic faulted loops on (111) planes. These 

loops grow by the absorption of either interstitials or vacancies. When the 

loops each a critical size, they undergo unfaulting, resulting in perfect 

dislocation loops. Such loops have been seen in float zone silicon crystals 

(Fo11 and Kolbesen 1975, Petroff and de Kock 1975,1976). 

The nucleation of the faulted loops occurs preferentially on dopant 

atoms and their clusters because of the strain energy considerations. 
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Therefore, the distribution of the loops would tend to follow that of the 

dopant atoms, i.e., impurity striations. This effect is illustrated in Fig. 1 that 

shows the distribution of loops in a longitudinal section of a dislocation-free 

float zone silicon crystal as revealed by x-ray topography (de Kock 1980). 

Fig. 1. X-ray topograph of a longitudinal section of a dislocation-free float zone 
silicon crystal revealing lithium-decorated A swirl defects. 

To form faulted loops, two {Ill} layers of either interstitials or vacancies 

must be added to the crystal. The situation is a bit more complicated in the 

case of the 111-V crystals. In this case, one of the layers contains group 111 defect 

species, whereas group V defect species reside in the second layer. 

If thermal gradient-induced stresses are low, the critical resolved shear 

stress of the crystal may not be exceeded during the cool down. Its 

ramification is that the crystal will only contain dislocation loops discussed 

above. As a result, it will be of high quality and will be macroscopically 

dislocation-free. However, if the critical resolved shear stress is exceeded, 

then the loops can act as dislocation sources, multiplication occurs by glide 



and the dislocation density increases. Since slip occurs on (111) planes of the 

diamond cubic and zinc-blende structures, the etch pits due glide-induced 

dislocations are aligned along specific crystallographic directions on a given 

plane. This effect is illustrated in Fig. 2 that shows the alignment of etch pits 

along the [I101 direction of a (001) M wafer that is highly dislocated (Mahajan 

1989). 

Fig. 2. Typical dislocation etch pit distribution observed on a (001) slice of 
highly dislocated S-doped InP wafer. Marker represents 0.lmm. 

The thermal gradient-induced stresses are the major source of 

disloc~ation in 11-VI and 111-V crystals because they are softer materials. This 

is elegantly demonstrated in the study of Jordan et al. (1980). In Fig. 3 (left), a 

photomicrograph obtained from a {001] tellurium-doped GaAs wafer is 

shown. The key features of the observed dislocation distribution are: (i) its 



four fold symmetry, (ii) maximum density at the <loo> edges, (iii) minimum 

density midway between the center and <110> edge, and (iv) intermediate 

densities at the center and the <110> edges. Jordan et al. (1980) have 

rationalized the results of Fig. 3 (left) in terms of slip caused by thermal 

gradient induced stresses. The computed dislocation density contour lines are 

shown in Fig. 3 (right). It is remarkable that their analysis can predict the 

salient features of the observed dislocation distribution. 

Fig. 3. (left) Photomacrograph obtained from a KOH etched {100} GaAs wafer. 
The crystal was cut close to the top end of a Te-doped boule grown by the 
liquid encapsulated Czochralski technique. (right) Constant dislocation 
density contour lines for the top wafer were obtained from a boule grown 
along the < l o b  direction. 



3. REDUCTION OF DISLOCATION DENSITIES 

Two approaches have been used to produce crystals with lower 

dislocation densities. In one of the schemes, point defects are prevented from 

clustering by binding them with suitable impurities so that embryonic 

dislocation sources do not form. In the second approach, crystals are 

strengthened by the addition of suitable impurities. This reduces the 

probability of thermal gradient-induced slip. 

de Kock et al. (1979) have investigated the influence of different dopants 

on the formation of microdefects, i.e., embryonic dislocation sources, in 

macroscopically dislocation-free Czocharalski silicon crystals. The density of 

the microdefects is reduced for certain dopants. These results can only be 

understood if it is invoked that there is binding between the point defects and 

the dopant atoms. The interaction appears to be electronic in nature and does 

not depend on the size of the dopant atom. 

The efficacy of zinc in reducing the dislocation density in Id? crystals is 

considerably higher than that in the case of GaAs. Tucker and Hooper (1975) 

have suggested that the zinc atoms form complexes with the vacancies and 

thus prevent them from clustering into microdefects. On the other hand, the 

complexes may not develop in GaAs, leading to diclocation sources that can 

multiply under the influence of thermal gradient-induced stresses. It can also 

be argued that the above results cannot be explained on the basis of the size 

differentials between the dopant and host lattice atoms. 



The above results imply that point defect-dopant interactions are 

electronic in nature. Therefore, to select suitable impurities for controlling 

the dislocation density, information on the electronic properties of the point 

defects in the host lattice is important. 

A number of workers have shown that the perfection of InP crystals, 

grown by the liquid encapsulated Czochralski technique can be substantially 

improved by heavy doping (Seki et al. 1976, 1978 and Cockayne et al. 1983). 

High doping could affect the density of dislocations in two ways. First as 

discussed previously, the impurities could interact with the point defects and 

thus present them from clustering into potential dislocation sources. Second, 

hardening of the lattice by the impurities reduces the probability of 

introducing dislocations by thermal-gradient-induced stresses. Ehrenreich 

and Hirth (1985) visualize that when some of the Ga atoms on the group III 

sublattice in GaAs are replaced by in, five-atom InAs, tetrahedral units are 

produced within the matrix. The volume of the InAs, unit is larger than that 

of the GaAs, unit because the In-As bond is longer than the Ga-As bond. The 

strain field associated with the InAs, unit interacts strongly with glide 

dislocations, leading to strengthening of the GaAs lattice by the addition of In. 
L 

Ehrenreich and Hirth believe that this solid solution strengthening is 

responsible for the reduction of dislocation density observed in LEC grown In- 

substituted GaAs. Extending the Ehrenreich-Hirth approach to S- and Te- 

doped InP and neglecting the charge transfer-induced size effects, it can be 

argued that Te should be more potent than S in reducing the dislocation 



density. This assessment is not borne out by the experimental observations 

(Seki-et al. 1976, 1978). It is reckoned that in the case of the isoelectronic 

impurities, the size differentials between the impurities and the host lattice 

atoms may be responsible for reducing the dislocation density, whereas the 

point defect-impurity interactions along with the size effects could improve 

the crystal perfection in the case of electrically active impurities. 

In summary there are two sources for the introduction of dislocations in 

as-grown semiconductor crystals: (i) point defects, and (ii) thermal gradient- 

induced stresses. The influence of the stresses can be reduced substantially by 

the addition of suitable impurities to the crystals. These impurities either 

bind the point defects and prevent them from clustering into embryonic 

dislocation sources or strengthen the lattice by introducing strain centers in  

the host lattices. 
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The electrical activity of dislocations as recombination centers is manifested 
in three primary ways: 1) the intrinsic activity of imperfect bonds on the 
dislocation line; 2) the activity of point defect debris associated with 
dislocation glide; and 3) the activity of precipitates and impurity 
atmospheres in the vicinity of the dislocation line. 

The intrinsic activity of imperfect dislocation bonds depends largely on the 
kink site density, because the dislocation core dissociates and reconstructs to 
minimize the density of dangling bonds. For typical silicon materials that 
have been plastically deformed, NT ( ~ r n - ~ )  - lo6 Nd ( ~ r n - ~ ) ,  where NT is 

the density of recombination centers and Nd is the dislocation density. 
Figure 1 shows the data that enable this conclusion. 

The point defect debris are created by cross slip in concentrations that can be 
x10 higher than the intrinsic electrical activity. These defects disappear 
upon annealing at temperatures of 900C or higher. Figure 2 shows evidence 
of this behavior. 

Precipitates act as short circuits in solar cells. Impurity atmospheres 
enhance the recombination velocity in the dislocation core region. However, 
dislocations getter metallic impurities from the bulk of the active region. 
Therefore, dislocations, like grain boundaries, can play a beneficial role 
when present in controlled numbers. One must engineer the spatial 
distribution in a way that minimizes the detrimental effect on open circuit 
voltage. 

The energy level structure for intrinsic activity is shown in Figure 3, as 
observed by several measurement methods. The Fermi level is pinned to 
produce p-type conduction in heavily dislocated regions. 



The accumulation of charge in the vicinity of the dislocation core induce 
band bending as shown in Figure 4. This band bending enhances the capture 
cross section for minority carriers. It also gives rise to an occupation 
dependent recombination rate. This, recombination proceeds at a slower rate 
at high injection levels. 

The observations listed above have been reported for SiGe alloys and misfit 
dislocations produced by heterostructure growth. Hence, they are 
considered to be generic to dislocations in silicon materials systems. 
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Introduction. 
One of the most important and critical parameters of photovoltaic (PV) silicon is the diffusion 

length (lifetime) of minority charge carriers. This parameter determines the effectiveness of solar cells and 
is significantly lower in PV silicon than in CZ and FZ silicon. In this paper, we discuss the role of 
precipitates and agglomerates of transition metals in the reduction of lifetime in PV silicon. 

Transition metals form electrically active levels in the bandgap and can act as minority carrier 
recombination sites, decreasing the lifetime. CZ silicon manufacturers routinely use minority carrier 
diffision length measurement (for example, SPV) as indication of the level of contamination by transition 
metals. The first studies of the effect of transition metals on solar cell efficiency made on CZ silicon, 
revealed that the critical contamination level, which leads to a substantial decrease in solar cell efficiency, 
is individual for each metal. The frequently cited results of Hopkins et a2'12 are presented in Fig. 1. It is 

interesting to note that, according to Ref 1,2, 
the most critical metals for CZ solar cell 
performance are Ti, V, Cr and Al, whlch have 

* lec16 
a deleterious effect in concentrations 10 l- 10 l2 

g ~ r n - ~ .  On the contrary, Fe, Co, Ni and Cu, 
$ le+lS 
c 

which can be easily incorporated into the 
V) 

l e d 4  
volume of the wafer during any heat treatment 

Y 

s 
and are considered the chief metal 

2 le*13 
m 

contaminants in the semiconductor industry 
-U are (according to Ref 1 ,2) tolerable in CZ solar 

le+12 cells in concentrations up to 10 14- 1 016 ~ r n - ~ .  
Q 

te+ i l  Numerous gettering techniques have 
Ti V Cr Mn Fe Co Ni Cu Pd Ag Au been developed to decrease the concentration 

of metals in the critical areas of the wafer. 
Fig. 1. Threshold impurity concentrations for CZ solar They are based on creation of artificially 
cell performance reductions (after Hopkins and ~0hatg-i~) formed precipitation sites (i. e., oxygen 

precipitates or dislocations) or regions with 
elevated solubility of impurities (backside aluminum layer) in non-critical areas of the wafer. The 
experiments, made on FZ and CZ material have shown that the diffusion length, drastically decreased after 
intentional iron contamination, could be restored by a gettering procedure (Fig.2, FZ,CZ). This means that 
the interstitially dissolved metals could be gettered almost completely. However, the same gettering 
procedure was found much less efficient on low-cost PV material (Fig.2, EFG). 

Gettering by precipitation can be analyzed by measuring the precipitation rate, as demonstrated by 
~ i l l e s ' ~ ~ .  The determination of the density of precipitation sites from iron precipitation kinetics is based on 
Ham's lad", from which it follows that the precipitation rate is proportional to the density of precipitation 
sites. Using this approach for various silicon solar cell materials (including FZ, CZ, MCZ, EFG, 
SOPLIN)~?*~~~'~~ it was revealed that the precipitation rate of iron was proportional to the as-grown minority 



250 , r 1 1  Fig.2. Dependence of 
0 As-grown material 

after Fe diffusion 
afkr gettering 

minority canier diffision 
length in as-grown sample, 
after iron diffision and 
after phosphorus-diffision 
gettering for three types of 
material: float zone (FZ), 
Chochralski-grown (CZ) 
and edge-defined film-fed 
grown silicon for solar cells 
(Ref 8). 

carrier lifetime and inversely proportional to the square of the diffusion length (Fig.3). In other words, in 
materials with low initial &&ion length iron precipitated very quickly, indcating that the materials with 

78910 a low lifetime contained a higher concentration of precipitation sites * . 
Structural investigations of grains with low &&ion length revealed that they contained high 

densities of dislocations and intragranular defects. The nature of the latter type of defect is still being 
investigated. In a recent paper by M. werner1 ' several types of microdefects were reported. In particular, 
she reported spherical particles and planar defects lying in f 1 1 1) planes. The size of the defects was below 
100 nm. They might contain (or even consist of) precipitated transition metals. The last premise is 
confirmed by spatially resolved X-ray fluorescence data12*", which indicated that the grains of as-grown 
multicrystalline silicon with low initial diffusion lengths and high density of precipitation sites contained 
agglomerations of Fe, Cr and Co in significant concentrations (Cu concentration could not be measured 

As grown material 
carrier recombination rate L ' ~  (pm-2) 

Fig. 3. Dependence of iron precipitation rate 
on lifetime of minority charge camers in as- 
grown semiconductor. The data were obtain 
on diflFerent types of materials: FZ, CZ, MCZ, 
EFG, SOPLIN. 

since the sensitivity of the setup to copper was too 
low). Agglomerates of metals were found both on 
dislocations and in virtually dslocation-fiee regions1 * . 

It is clear that extended defects (includmg 
clusters of microdefects, dislocations and grain 
boundaries) are the main culprits of the low &fision 
length in PV silicon. Most transition metals in the 
dssolved state do not represent significant trouble 
since they can easily be gettered. However, they readily 
precipitate on lattice defects. The decrease of the 
diffision length due to contamination of extended 
defects was found to be at least 4 to 5 times hgher than 
it would be just due to the presence of metals in the 
interstitial state13. Unfortunately, gettering becomes 
inefficient if the metals have precipitated on 
microdefects and  dislocation^'^. One of the factors 
hindering effective gettering of precipitated metals is 
dissolution of precipitates. If the binding energy of 
metals to defects is high, they can not be mssolved 
within a reasonable amount of time at normal gettering 
temperatures. PV material can be improved either by 
finding better gettering treatments (which includes both 



development of advanced temperature treatments and new methods to create gettering sinks), or by 
development of passivation techniques whch can reduce the recombination activity of these clusters. This 
requires a good deal of knowledge of the properties of precipitated (agglomerated) transition metals. 
Whereas most 3d metals whch can be quenched into the interstitial state are fairly well studied, the 
morphology of their precipitates and the nature of their recombination activity is generally rather poorly 
understood. This paper provides a review of the literature data reported on the structure and recombination 
activity of Cu, Ni, Co and Fe precipitates. The most recent experimental data, obtained by the authors, are 
presented as separate papers at h s  conference. It is shown that when these metals form small precipitates, 
they may have significant influence on minority carrier lifetime, even if their local concentration is about 
1 012- 10') cmS, which is indeed much lower than the estimate of Ref. l,2 (Fig. 1). 

Properties and recombination activity of copper precipitates. 
The process of Cu precipitation is determined by the cooling rate, amount of copper present and 

already existing defects. The effect of cooling rate was explored by several authors (see, for example, Ref. 
l5 and references therein). In the absence of other extended defects, for veq slow cooling rates, copper 
outdiffuses fiom the bulk of the sample and creates surface defects. For the memum range (air cooling, 1 

16,17,18 to 25 Ws), copper forms colonies of precipitates in the near surface regons . For the fast cooling rate 
(quench, >lo0 Ws) it precipitates in the 

Copper precipitate colonies can be detected by preferential etching of Cu-diffised wafers, which 
leads to the formation of large star-shaped etch pits in the regions, containing Cu precipitates18. Various 
E M  investigations (Refs. 1gy2122) revealed that the size of precipitate colonies can range between 0.5 and 
80 pm, and they protrude up to 40 pm into the bulk of a Si wafer. The colonies consist of small particles 
forming planar arrangements parallel to Si { 1 10) and sometimes (00 1 ) planes. The colonies are usually 
bounded by edge-type dislocation loops. The &meter of the particles varies between about 7 nm (even 
values as low as 1 nm were reported23) in the vicinity of the dislocation loops and 20 nm for precipitates at 
least 50 MI away from the boundmg dislocation. Copper-based colonies show high recombination activity 
- Correia et a t 4  recorded EBIC contrast as high as 93% on a colony. The model of growth of planar 
precipitate colonies by a repeated nucleation process on climbing edge dislocations has been proposed by 
Nes et al 17y2225 based on a mechanism described by Silcock et a12! 

Copper usually decorates extended defects. The precipitation of copper was reported along 
dislocations 2728,29,30 , on stacking faults 3 1,32,33,24,34,35 , on punched-out dislocations around oxygen 
precipitates and oxygen-induced stacking faults 36,37,38,39,33 , grain boundaries 40,232 1,41 or on implantation 
induced cavities 42,43,44,45 . If several kinds of extended defects are present in the sample, cop r may 
decorate one of them preferentially, dependng on the cooling rate. As shown by Shen er in slowly 
cooled samples, Cu develops precipitate colonies in the region away from Frank partials and does not 
decorate them even on an atomic scale. Cu colonies originate from punched-out dislocation loops although 
they are much lower in density and smaller in size than Frank partials. At the same time, a high density of 
Cu precipitates was observed on Frank partials when samples were cooled fast. 

M e r  fast quench, copper forms precipitates in the bulk of silicon in the form of thin platelets, lying 
mainly in the { 1 1 1 ) planes. The size of the platelets depends on the cooling and usually ranges 
between 20 and 600 nrn. In all cases, the platelets are surrounded by strong deformation fields. The atomic 
structure of the precipitates is not clear. M.Seibt reported1' that after fast quench copper forms copper- 
silicide islands, which are surrounded by thin extended defects, similar to staclung faults. The earliest 
stages of copper precipitation investigated so far are characterized by platelets with a thickness of only two 
or three lattice planes48"5. Larger and thicker precipitates, whch were not sumomdeed by stacking faults, 
were reported in Ref. 47. 



The equilibrium phase diagrams of the binary Cu-Si system show no silicon-rich silicides 49,50,5 1,52 

The structure and composition of Cu-Si particles is still being discussed. As the metal rich silicide Cu3Si is 
in equilibrium with Si below the eutectic temperature of 850 '~  (Ref. 5 I), it is commonly accepted that the 
chemical composition of copper silicide is Cu3Si. This composition is supported by energy dispersive X- 
ray analysis, which showed that the particles consist of copper and silicon only and the copper content is 
larger than 72 at. % (Ref 23). On the basis of electron-difiaction patterns the crystal structure of copper 
silicide was suggested to be b.c.c. P 53,23,47,22 .27,38,55 , ~c .c . '~ ,  &amond cubic54, q-Cu3& , or orthorhombic q7'- 
C U ~ S ~ ' ~ ?  The last structure is the most commonly accepted. 

It was suggested by El Kaj baji et up7, that the important factor controlling the morphology of the 
precipitates is the stored elastic energy. The elastic stress orignates from the &fference in unitcell 
volumes of the silicon lattice and Ci3Si platelet. f-Cu3Si has a relatively large molecular volume (volume 
for one silicon atom) of 46 (compared to the molecular volume of silicon of 20 A~)~' ,  which means that 
for every silicon atom consumed, approximately 1.3 silicon interstitials should be emitted. If the excess 
interstitials can be absorbed rapidly either by dislocations or at grain boundaries, the stress will be relaxed 
and the precipitates will be spherical. This is what is observed at relatively slow cooling rates, especially 
near the surface, at grain boundaries or along dislocations. If silicon interstitials cannot be absorbed, as in 
regions of perfect crystal, or if the cooling rate is too fast, or under con&tions of overall excess of self- 
interstitials due to oxidation, the elastic stresses cannot relax and favor the growth of a platelet. The stress 
can partly be relaxed, forming dislocation loops and stacking faults around the precipitates. 

The electrical activity of dislocations and boundaries, contaminated with copper, was studied in 
several papers 2 I ,58,59,6O,6 l,62 . As a rule, one peak appears in the DLTS spectrum of n-Si at a temperature of 
about 200 K 63,6420 . A copper-related DLTS peak with similar temperature position was reported by 
Broniatowski et a121bo and by Hamet et a t 1  for twinned boundaries. ~amrnet~  reported that the width and 
position of the peak depended on annealing conditions and cooling rate. The broadening of the DLTS 
peap19s8 and ~ ~ ~ c - r e s u l t s ~ ~  inchcated that there was not a single level but a set of closely spaced levels or 
a defect band due to copper. These results were supported by results of ~ .~r iep 'O,  who established that 
the width of the DLTS peak depended on the diameter and structure of precipitates. Tius broadened peak 
seems to be the most important level due to precipitated copper in silicon. However, since the parameters 
of such broad peaks cannot be determined using the traditional Arrhenius plot, there is as yet no reliable 
data on the parameters of this defect. 

The width of the peak becomes extremely wide after very fast quench65. Variations of the DLTS 
rate window and the filling pulse length showed that this was a single peak due to one extended defect, 
forming a band-like state in the upper half of the bandgap. The position of the defect band depended on the 
cooling rate. For the fast cooling rates (about 2000 Us), the band was estimated to be approximately 
between Ec-0. 15 eV and EJI.40 eV. In the case of more complicated thermal treatment, consisting of 
several steps, a complicated spectrum consisting of several peaks and a broad band between 90 K and 200 
K was registered6'. The last result shows that the copper-precipitate-related defect band, which can be 
formed by fast quench, may also appear after slow cool. This possibility also follows from the paper of 
Correia et aLZ4. He detected the formation of related platelets, lying in (1 1 1) planes with the diameter of 
about 12 m after copper diffusion followed by slow cool. The structure of these platelets and the 
existence of strong electric fields indicate that they are similar to precipitates obtained after a fast quench. 

The recombination activity of copper precipitates was shown to be significantly higher than that of 
interstitial copper@. The diffusion length, limited solely by interstitial copper in concentration of about 
1015 cm3 was estimated to be about 110 pm in ptype silicon. However, difision length was similarly 
limited by copper in concentrations of only 1012 ~ m - ~ ,  if it formed platelets of the same size as after quench 
in 10% N ~ O H ~ ~ .  The low recombination activity of interstitial copper corresponds well with the 
expectation that the interstitial copper level should be close to the conduction band and that it should be a 



shallow donor. Usually, one expects an active recombination center to be a deep level close to the mid-gap 
rather than a shallow level. Since copper-related extended defects form a band not far from the middle of 
the bandgap, they should provide an excellent recombination channel for minority camers. 

Properties and recombination activity of nickel precipitates. 
As with copper, nickel can not be kept at interstitial sites at room temperature and precipitates 

during or immediately after the quench. For nickel, the silicide in equilibrium with silicon is Nisi2 which 
has the cubic CaF2 structure and can be visualized as an fc.c. lattice with nickel atoms at the origin and 
silicon atoms at fa/4[111]. Since the lattice parameter of Nisi2 differs from that of silicon by less than 
0.4%, the volume change associated with nickel precipitation is small. 

Fast quench of nickel diffused FZ silicon leads to the formation of platelets consisting of only two 
(1 1 1)-planes of Nisi2. The diameter of these platelets varies between 20 nm and 0.9 pm depending on the 
quenchmg rate and the initial concentration of interstitial nickel6'. The atomic structure of the precipitates 
was established fiom TEM  measurement^^^. In agreement with a model proposed earlier68 for Nisi2- 
Si{l 1 1) Schottky banier junctions, the precipitate-matrix interface was found to be built up by Si-Si 
bonds, leaving nickel in sevenfold coordination. The formation of Nisi2 platelets involves a displacement 
of (a/4)4 1 I> in the silicon lattice. Ths shift is compensated by a dislocation at the border of the 
particle67. 

The DLTS spectra of n-type silicon samples revealed a band-like state with the estimated position 
of the band between E,-0.4 and E,-0.6 eV9. Since the position of the defect band was even closer to the 
middle of the bandgap than that of Cu3Si, one can expect fiom Nisi2 precipitates a comparable (if not 
lugher) recombination activity. 

The recombination activity ofNiSiz precipitates was studied experimentally by M.Kitt1er et aP7' .  
Nickel was dfhsed into FZ Si at 1 0 5 0 ~ ~  (which corresponds to the solubility of 5x  1017 ern-), ~ e f . ~ ~ ) .  
After quenching, the samples were annealed for 20 min in the range 500-800'~. After this treatment, 
hexagonal nickel-silicide platelets with hameter of about 250 nm and thickness about 15 run were formed. 
Their density was about lo9 cm". The diffusion length depended slightly on the temperature of the 
ripening heat treatment and varied between 7.2 and 12.3 pm70. The precipitates showed large EBIC 
contrasts (about 40%), which were tentatively explained by existence of space-charge regions around the 
particles7'. 

The recombination activity of interstitial and precipitated nickel cannot yet be compared because 
there are no experimental data on limitations in diffusion length due to interstitial nickel. 

PropeMes and recombination activity of cobalt precipitates. 
Cobalt is the lightest of the fast-diffusing 3d transition metals. Unintentional cobalt contamination 

is very rarely found in samples after processing. The solubility of cobalt is lower than that of copper and 
nickel and is close to the solubility of iron and manganese72. During cooling of the sample from high 
temperature, cobalt precipitates completely. Cobalt forms silicides which exhibit a decreasing metal 
content with increasing temperatures: CoSi between 375'~ and 500 '~  and CoSiz at temperatures above 

0 50 5 50 C . The structure of CoSi2 is similar to that of Nisi2 (Ref.73374). Similar to nickel, cobalt can be bound 
to cavities75 and twin bo~ndaries'~. 

To the best of our knowledge, very little is known about the electrical activity of cobalt 
precipitates. This is primarily due to the relatively low solubility of cobalt and low density of cobalt 
precipitates after the quench. Because of the almost complete precipitation of cobalt, the correlation of the 
residual electrically-active defects to defined defect structures is questionable. Though several 
investigators reported deep levels due to cobalt 77,7~,79,~0,81,~2 , the nature of these levels is still uncertain. 



Properties and recombination activity of iron precipitates 
Interstitial iron fonns, together with manganese and chromium, a group of moderately-fast 

diffusing transition metals. As a consequence, iron can be quenched at interstitial sites even after 
moderately fast cooling. After a short storage at room temperature, it foms electrically active complexes 
with shallow acceptors (B, Al, In). Iron precipitates during slow cooling of the sample from diffusion 
temperatures or during subsequent annealing performed at lower temperatures. For iron, the silicides in 
equilibrium with the silicon are a-FeSi2 and $-FeSi2 above and below 91 ~ O C ,  respectively. Both 
modifications have been found e ~ ~ e r i m e n t a l l ~ ~ ~ " ~ .  Iron silicide is known85 to have cubic structure with 
tetragonal symmetry for a-FeSi2 and orthorhombic symmetry for P-FeSi2. The volume of the unit cell of 
iron silicide is less than that of silicon and the precipitation of iron requires absorption of silicon self- 
interstitials (approximately 0.1 1 self-interstitials per precipitated iron atom4a). Since iron and copper 
precipitation are associated with volume changes of opposite sign, co-precipitation should be effective for 
strain reducti~n~~. 

The precipitation of iron on grain boundaries86987 and  dislocation^^^, leading to the increase of the 
recombination activity of these defects were reported. Unlike Cu and Ni, moderately diffusing iron 
requires slow cooling to precipitate at a grain boundarya7. Iron precipitates easily on oxygen-related bulk 
stacking faultssg and on Frank-type partial dislocationsg0, significantly enhancing the EBIC contrast. 

The recombination activity of precipitated iron was studied by Hieslmair et a19'. It was shown that 
the lowest diffusion length was obtained after the diffusion of iron and quench, when iron foms FeB pairs. 
This value increased during precipitation and then slightly decreased again. The final diffision length, 
obtained after precipitation, was 15 to 40% higher than in the beginning of the precipitation. The nature of 
the decrease of the diffusion length at the end of precipitation is still unclear. One of the possible 
explanations can be Ostwald ripening, occurring as the precipitation nears completion, which could 
eliminate many of the smaller precipitates, making larger precipitates more active. However, this still 
needs to be investigated. The initial (after quench and formation of FeB pairs) and final (after the 
precipitation is complete) diffusion lengths are close, demonstrating that iron is nearly equally dangerous 
to the lifetime in both the interstitial and precipitated states, which confirms the data reported earlier92. 

Discussion 
PV silicon contains a significant density of grown-in dislocations and microdefects, whlch indeed 

provide efficient and stable sinks for transition metals. The enhancement of the recombination activity of 
grain boundaries and dislocations in silicon by precipitates of copper, iron and nickel is a well-known 
phenomenon. As-grown grain boundaries are often reported to be electrically inactiveg3, which is 
confirmed by theoretical calculations 94,95,96 and TEM datag7, showing that most of the clean and 
reconstructed grain boundaries do not have energy states in the forbidden gap. The impurities precipitated 
at extended defects introduce deep levelsg8 in the forbidden gap and act therefore as recombination 
centersg9 for minority carriers. Numerous EBIC data 100,101,41 confinned the increase in recombination 
activity of boundaries and dislocations after C y Fe, Ni contamination. Besides recombination through 
well-defined deep levels, there might be enhanced recombination at metal decorated interfaces similar to 
surface recombination. 

The other type of transition-metals-related defects, which may be deleterious to the performance of 
solar cells, are micro-precipitates of metals, formed in the bulk. Fundamental studles, performed on FZ 
silicon showed that micro-precipitates, forming a defect-related band in the bandgap, may substantially 
enhance the recombination activity of precipitated metals. Though the formation of micro-precipitates in 
FZ silicon usually requires fast quench, some experimental data (particularly obtained for copper) indicate 
that micro-precipitates may also appear in slowly cooled samples. The existence of dislocations, 
boundaries or lattice defects seems to favor their formation. It can be argued that, at least in the case of 



copper, these extended defects provide effective sinks for silicon self-interstitials, formed during the 
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growth of copper-silicide, thus decreasing the 
potential barrier for precipitation. 

The influence of contamination by 
transition metals on lifetime in PV, CZ and FZ 
silicon was investigated in numerous papers. 
Naito and ~ a k a s h i z u ' ~ ~  compared recombination 
lifetime of CZ samples after contamination of 
the samples by spin-coating method and 
following heat treatment (Fig.3). This figure 
clearly demonstrates that iron is the most 
dangerous impurity in the bulk of silicon. This is 
due to strong recombination activity of 
interstitial iron and FeB pairs103 and is in line 
with the conclusion of R.Falster et ato4 that the 
FeB pair is the dominant recombination center in 
current ptype as-grown CZ material. High- 
quality CZ material does not offer enough . -. 

log of surface impurity concentration (atoms/m2) precipitation sites for copper and, if 
contamination level and the degree of 
supersaturation are relatively low, copper 

Fig.3. The dependence of recombination lifetime on remains dissolve interstitially or forms 
contamination level (after Naito et allo2). complexes with other impurities. Since the 

recombination activity of interstitial copper is 
very low, it influences the recombination lifetime only if contamination exceeds lo1* ~ r n ' ~ ,  which is in a 

- good agreement with our own estimates66 and with the experimental data of ~ . ~ i ~ a z a k i ' O ~ .  
The recombination activity of metal-silicide-precipitates, whch are the main impurity type in PV 

silicon, is either comparable, or significantly higher than that of interstitial metals. For copper, it depends 
on the morphology of the precipitates. If the precipitates are small and form a wide defect band, their 
recombination activity can be one-two orders of magnitude higher than that of interstitial copper. For iron, 
the diffusion length after precipitation is slightly higher than before precipitation. For nickel, there is no 
experimental data for the recombination activity of the interstitial Ni and comparison of recombination on 
interstitial and precipitated nickel is not possible. However, since it also fonns a defect-related band, one 
may assume that, as with copper, the recombination activity of nickel is enhanced by precipitation. Since 
the apparent amplitude of the defect-band-related DLTS signal is much lower than the real defect 
concentration, it can partly explain why it is difficult to measure by DLTS deep levels responsible for 
lifetime degradation in PV silicon. 

Conclusions 
The recombination activity of transition metals (especially Cu, Ni) may be substantially enhanced 

after formation of precipitates in the bulk or at the existing extended defects. In the case of Cu and Ni the 
formation of precipitates is followed by the formation of a defect-related band in the bandgap. The nature 
of this band is not completely understood. This band seems to be much more favorable to the 
recombination of minority charge carriers than the states of individual interstitial atoms. It was also 
argued7' that electrostatic effects (attraction of minority charge carriers by space-charge region around the 
precipitates) may enhance recombination. Another recombination mechanism, suggested in this review, is 
the surface recombination at the interface between silicides and silicon. The understanding of the 



morphology and electrical properties of precipitates of transition metals in silicon is of crucial importance 
to increase the efficiency of solar cells manufactured from cost-efficient PV material. 
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Multicrystalline silicon grown by directional solidification and polycrystalline RGS silicon are low cost 
materials for photovoltaic applications. The properties of solar cells made from these materials are mainly 
determined by dislocations, grain boundaries and intragrain defects such as impurities, small clusters of 
atoms or precipitates. Because of the use of quartz and graphite parts in both processes oxygen and carbon 
are the main impurities but are introduced in different quantities. The concentrations are generally higher in 
ribbon material and are close to the solubility limits. 

Oxygen is known to affect the conversion efficiency of solar cells. Both for Cz - and multi- 
crystalline silicon an improvement of the solar cell performance as well as a degradation has been reported 
[I, 21. Oxygen can form a variety of defects that affect the electrical behavior differently. Clusters of a few 
oxygen atoms and various sizes and crystal structures are observed for larger SiO, precipitates. Well known 
defects are the Thermal Donors which are clusters of a few oxygen atoms and h e  New Donors that have 
been connected with SiO, precipitates [3]. In addition, oxygen can precipitate at grain boundaries and 
dislocations and change their electrical behavior. 

The defects can also have an impact on the diffusion length, the mechanical strength and on the 
properties of the pn - junction if they are large enough to penetrate the space charge region [4]. 
Furthermore, oxygen precipitates are efficient gettering sites and can reduce the efficiency of the 
phosphorous and I or aluminum gettering steps during solar cell processing. The evolution of the oxygen 
defects depends very much on the thermal history of the material and every thermal step between crystal 
growth and solar cell process has to be considered. 

In this paper results are summarized that demonstrate the important role of oxygen - induced defects 
in multicrystalline ingot and RGS ribbon silicon. Furthermore, in a systematic study the oxygen 
precipitation in polycrystalline silicon is investigated under definite conditions. In addition, a numerical 
program has been developed that allows one to simulate the precipitation process and to determine the size 
and density distribution of the precipitates for any thermal treatment The numerical results are compared 
with experimental investigations on mc - and RGS silicon that has been processed under various conditions. 
The aim of this approach is to predict the size and density of oxygen - induced defects for any sequence of 
thermal treatments that a material experiences. 

Multicrystalline ingot silicon 

2.1 Selective etching of microdefects 

Microprecipitates can be detected in mono- and multicrystalline silicon by selective etching. Figure 1 
shows a typical example where in addition to the large etch pits from dislocations shallow pits occur. 
Repeated etching after the removal of a thin surface layer shows that the defects are small precipitates. 
They occur both in as grown ingot silicon from various suppliers, in RGS ribbon silicon, and in CVD and 
LPE thin films de osited on multicrystalline silicon substrates [5] .  The density of the shallow etch pits P varies between 10 to lo8 cm". It has been found, however, that more microdefects become visible if the 
surfaces are chernomechanically polished with alkaline slumes before the etching step. We assume that 
both size and decoration of the precipitates during polishing determine if a shallow etch pit is formed. 

The TEM investigations that shall be presented in the following chapters show that at least a part of 
the shallow etch pits are due to oxygen microprecipitates. This assumption is also supported by the fact that 



Figure 1 Shallow etch pits of microdefects in multicrystalline (left) and RGS ribbon silicon after 
chemomechanical polishing and selective etching. Large etch pits are dislocations. (1 cm = 8 m). 

the density of the etch pits increases after annealing 
particularly in the temperature range between 700 - 
900°C when most of the oxygen precipitates as will 
be shown later (figure 2). The defects that are 
responsible for the second increase at lower 
temperatures has not been identified yet but may also 
be due to oxygen - related precipitates. So far it is 
not possible to determine the density of oxygen 
precipitates exactly from etch pit investigations but 
within an order of magnitude the results agree with 
the densities determined from TEM investigations 
(table 1). 

5 I I I I I Figure2 Density of shallow etch pits as a 
o 400 600 800 1000 1200 function of the annealing temperature after 

Annealing Tempe- precipitation of oxygen. 

Table 1 

Density of microdefects as determined by TEM and selective etching for as-grown and annealed specimens. 

Sample TEM defect density Etch pit density 
[cm -21 [cm -21 

as-grown 3 x 106 6 x 106 
as-grown < 104 0 

950OC 3 x 108 - 

1050OC 1 x 106 2 x 206 



2.2 Annealing experiments and FTIR results 

The oxygen concentrations in multicrystalline silicon ingots vary between 1 - 20 ppma, in RGS ribbon 
silicon between 20 to 40 ppma which is close to the solubility limit. The tendency to precipitate is thus high 
particularly in the RGS material. During crystal growth and solar cell processing the material experiences 
several high temperature annealing treatments. The temperature regime around 800 - 1050 "C is particularly 

. important for the diffusion of phosphorous to form the p-n junction. The oxygen concentrations are 
comparable to Cz - silicon where the oxygen precipitation has been thoroughly investigated [63. Therefore 
the question arises whether oxygen in polycrystalline silicon shows a similar behavior. 

The annealing behavior of oxygen was studied by FTIR spectroscopy in multicrystalline silicon 
specimens with various initial oxygen and low carbon concentrations (below the detection limit of 5 x 
anJ). The first results showed that the previous thermal history of the specimens had an influence on the 
annealing behavior. Therefore the specimens were preannealed at 1260 "C for 1 hour which turned out to be 
sufficient to eliminate any previously formed nucleation centers that are responsible for an enhanced 
precipitation of oxygen. The specimens were annealed then at different temperatures between 2 to 24 hours. 

Some results are summarized in figure 3. The main result is that the interstitial oxygen 
, concentration decreases between 750 - 1050 "C. The corresponding FTIR spectra confirm the formation of 

the Si02 phase. In addition, stacking faults are observed by etching at 1050 "C. Below the oxygen 
concentration of about 2 x 1017 cm" precipitation does not occur anymore. 

The comparison of the results with Cz - silicon of the same oxygen concentration (and no carbon) 
shows essentially the same precipitation behavior after preannealing below 1050 "C. Therefore it appears 
that the presence of dislocations and grain boundaries in mc - silicon has no influence on the precipitation 
process below that temperature. However, the FTIR spectra also show that above 1050 "C the SiO, 

- precipitate line at 1224 cm" disappears again. Above this temperature the oxygen diffuses fast enough to 
reach the dislocations which have a mean distance of 10 rn. This indicates that oxygen prefers to 
precipitate at dislocations then which does not produce a signal in the FTIR spectrum. The TEM results for 
RGS silicon presented later c o n f m  this. 

as grown 4 

Wavenumber [cni '1 

Figure 3 Concentration of interstitial oxygen in multicrystalline silicon after annealing at different 
temperatures (a, left). Specimens are pre-annealed at 1260°C for 1 hour. Corresponding FTIR absorbance 
spectrum showing the interstitial oxygen and S i q  precipitate lines (b). 



TEM investigations of the same specimens were performed to study the structure of the microprecipitates in 
the as-grown and annealed specimens. The following types of precipitates are observed : spherical (figure 
4) and platelike defects (figure 5 and 6). Lattice images confirm the amorphous structure of the spherical 
defects that are typical for SiO, precipitates. For the platelike defects several different types occur : a single 
platelet on (1 11) planes (figure 5a) or several parallel plates connected to each other. in addition, HREM 
imaging shows (1 11) platelets with a thickness of one or two atomic layers. They contain an extra (1 11) 
lattice plane which suggests that they may be extrinsic stacking fault The nature of the platelike defects in 
general is not clear. Whether they are platelike amorphous SiO, precipitates and I or extrinsic stacking 
faults could not be determined yet. 

Both spherical and platelike defects occur already in the as-grown multicrystalline material. The 
densities increase however after annealing around 900°C. Above 1050°C only the platelike precipitates are 
observed. In the same temperature regime the 1224 cm-I absorbance line in the FTIR spectra disappears. As 
discussed in the previous section we assume that most of the oxygen diffuses now to dislocations and 
precipitates there. Table 1 summarizes the results for the densities in as-grown and annealed specimens. 

Since the TEM study has not been completed for all annealing conditions a comprehensive 
comparison with Cz - silicon is not yet possible. However, apart from the multi-platelet defects similar 
types of oxygen precipitates and oxygen related defects are also observed in annealed Cz - silicon. 

Figure 4 TEM micrograph of spherical precipitates that occur both in as-grown and annealed 
mu1 t i c ry s t . e  silicon (e.g. here at 950°C for 24 hours). 

Figure 5 TEM micrograph of a platelike precipitate (left) and a multi-platelet defect 



Figure 6 HREM micrograph of a thin platelike defect on a (1 1 1) plane. The defect consists of an extra 
(1 11) plane . 

2.4 Decoration of dislocations 

The FTIR and TEM results show that oxygen segregates or precipitates at dislocations if there is sufficient 
time for diffusion. One can assume however that even for shorter times or lower temperatures some of the 
oxygen in the vicinity will diffuse to the dislocations and decorate them. As a result dislocations may have 
different recombination behavior depending on the degree of decoration in different parts of the wafer. 

Since a large number of dislocations has to be analyzed locally to investigate this hypothesis 
quantitatively we applied the LBIC method with a high spatial resolution. In regions of higher dislocation 
densities the short circuit current is mainly determined by the local recombination behavior of the 
dislocations. A typical example is shown figure 7 where the dislocation density varies over two decades. 
The dislocation density in the area under investigation was determined by etching and the etch pits 
automatically counted by an image processing system. Both the LBIC and optical image are correlated to . 

each other with an accuracy of about 5 m. 

Figure 7 LBIC topograrn of an area with varying dislocation density (left). The etched surface of the 
same area is shown on the right. The dislocations densities are determined by counting the etch pits (not 
visible here at this magnification) and are correlated with the local light beam induced current. 



The results for two different areas are shown in figure 8 where the short circuit current is depicted as a 
function of the dislocation density. In both cases the current saturates below a dislocation density of about 
ld cm" which indicates that for lower densities the dislocations are not the recombination limiting defects 

any more. For dislocation 

etch pit density / 

Figure 8 Short circuit current as a function of the dislocation 
density in two different regions of the same wafer. 

densities above about 5 x 106 
an" the etch pits begin to 
overlap which limits the 
accurate determination of the 
density. 

The important result, 
however, is that the recombi- 
nation behavior of the 
dislocations in both regions 
differs. We assume that this is 
due to a different degree of 
contamination. Since the TEM 
investigation of the dislocations 
in rnc - silicon did not reveal any 
differences in the dislocation 
structure one must assume that 
only very small amounts of 
impurities are responsible. In 
view of the result that oxygen 
tends to segregate at dislocations 
particular at higher temperatures 
we assume that this element also 
plays a role here. Possibly 
metallic impurities have to be 
considered as well. 

RGS ribbon silicon 

Compared to polycrystalline ingot silicon RGS ribbons have a very different microstructure. The grain size 
varies between 200 - 500 pm and the dislocation density from 16 to 10' cm". This is due to the faster 
solidification and a shorter growth time. The ribbons solidify within a few seconds. In addition, the 
impurity levels are generally higher, in particular the concentrations of oxygen and carbon are close to the 
solubility limits. Nonetheless, efficiencies of 10% have been reached recently with short circuit currents of 
19 mA/cm2 (without AR coating) that are comparable to multicrystalline solar cells. The main reason for 
the lower efficiencies is a reduced open circuit voltage which indicates loss mechanisms in the pn - junction 
of the solar cell. The investigations focused therefore on defects in the space charge region of fabricated 
solar cells. 

3.1 LBIC investigations 

LBIC topograms show a rather uniform distribution of the shoa circuit current in the entire cell. Due to the 
smaller grain sizes a high spatial resolution is required to identify areas of higher recombination. An 
example is shown in figure 8 where the enlarged area is measured with a lateral resolution of 6 pm. The 
comparison with the defect structure on the etched surface reveals that the dark areas mainly correspond to 
grain boundaries. This is in contrast to rnulticrystalline ingot silicon where areas of low recombination 
current are generally due to higher dislocation densities. Although under different processing conditions the 
distribution and number of recombination active grain boundaries can vary considerably they are generally 
more dominating compared to mc - ingot silicon. 



5 cm2 RGS solar cell (left). An enlarged region measured with a Figure 8 LBIC topogram of a 5 x 
spatial resolution of 6 m is shown on the right. Dark areas are regions of hcgh recombination and low 
current and are caused by contaminated grain boundaries. 

3.2 TEM investigations 

The TEM investigations of the ribbon material show the following distribution of SiO, precipitates. In the 
bulk region spherical, amorphous precipitates are observed but no platelike defects as in ingot silicon. In 
addition SiC precipitates occur probably because of the high carbon concentrations in the material. The size 
of all defects varies between 20 - 50 nm and the typical densities of the bulk precipitates are between 10" 
and 1012 ~ m - ~  (see table 2). This also corresponds to the densities that are obtained from the etch pit 
investigations. In addition to the bulk defects precipitation also occurs at grain boundaries and dislocations. 
Typical examples are shown in figure 9. The strong recombination of grain boundaries as observed in the 
LBIC topograms is thus due to a heavy contamination with SiOz and Sic precipitates. 

These extended defects also penetrate the space charge region of the solar cells. It is thus likely to 
assume that these defects are responsible for the lower open circuit voltage of RGS solar cells because they 
may provide a conducting path through the pn - junction. SiO, and Sic  precipitates are, however, not 
necessarily conductive therefore we assume that a contamination with metallic impurities is also required. 
During the formation of the pn - junction metallic impurities are particularly gettered into the emitter and 
space charge region which may explain the activation of the extended defects in this area. Systematic 
variations of processing parameters seem to support this assumptions but a conclusive proof is still lacking. 

Figure 9 TEM images of S i q  and Sic  precipitates at grain boundaries (left) and dislocations (right) 
in RGS ribbon solar cells. 



4. Numerical simulation of the oxygen precipitation 

The experimental results demonstrate that the distribution of oxygen and SiO, precipitates depends very 
much on the processing conditions. Because of the impact on the device performance it is desirable to 
know the modifications of oxygen which occur for a given sequence of thermal processes. In recent years 
much progress has been made in the theoretical description and numerical simulation of the oxygen 
precipitation in Cz - silicon [7-111. The precipitation process consists of two steps : nucleation and growth. 
More recent theories take into account both factors which allow one to simulate the precipitate size 
distribution in addition to the loss of interstitial oxygen 19-1 11. Based on one of the latter models the 
following simulations are performed. 

4.1 Theoretical description 

The simulation is based on a theoretical model used by Schrems [l 11. The precipitation process is described 
by a particle size distribution function f (n, t) which depends on the number n of oxygen atoms in the 
precipitate and the time t. The growth of a precipitate containing n atoms is described by chemical rate 
equations of the following type 

with the growth rate g(n,t) and the dissolution rate d(n,t). The condition for particle conservation 
determines the equation for n = 1. If n is large enough (n z 20 in our calculation) the equations can be 
approximated by a Focker - Planck type system 

with 

The growth rate g (n, t) and the dissolution rate d (n, t) are given by 

where @f and ~ f ~ ~ q  are the non-equilibrium and equilibrium concentrations of Oi at the precipitate - 
n o 

matrix interface,-respectively. G(n) is the Gibbs free energy that yields the chemical driving force for 
precipitation. In addition, certain boundary conditions are required. For the simulation the following 
parameters are used : the parameter = 0.22 [ll] and the interfacial energy a = 0.48 J / rnZ [12]. The 
equilibrium concentration and the diffusion coefficient for oxygen are taken from reference 1131 : 

4.2 Numerical results 

The simulation allows one to monitor the evolution of the precipitation process as a function of time. Two 
example shall be discussed. In the first case the oxygen precipitation in rnc - silicon is simulated for the 



same conditions that have been used in the experimental investigations. A uniform oxygen concentration at 
the beginning is assumed. The calculated size distribution for a 1050°C and 24 hours anneal is shown in 
figure 10a. The precipitated oxygen mainly occurs in clusters with about 10' atoms which corresponds to a 
precipitate size of about 20 nm assuming a spherical shape. This is indeed observed by the TEM 
investigations. The remaining interstitial oxygen is shown in figure lob as a function of time and compared 
with the experimental results. The agreement is quite well except for the temperature 1050°C where less 

, oxygen has precipitated than calculated. This may be due to the fact that in this temperature range 
precipitation occurs mainly at dislocations. The simulation of this process may require different parameters 
that are not known. 

The second simulation is performed for the RGS process which is much faster and consists of 
several temperature steps. The initial oxygen concentration is 2 x 1018 cm". Figure 1 l a  shows the size 
distribution function at two different times. Due to the high oxygen concentration the precipitation occurs 
quite rapidly within a short period of time. The remaining interstitial oxygen is shown in figure 1 l b. The 

- mean size and the density of the SiO, precipitates obtained from the simulation are given in table 2 and 
compared with the TEM results. The agreement in this and other case that cannot be presented here is quite 
good. However, there are still not sufficient experimental data available for a comprehensive comparison 
with the simulation. In particular it is not yet possible to study the influence of carbon on the precipitation 
process. 

Table 2 
Measured and calculated sizes and densities of SiO, precipitates in RGS ribbon silicon. 

I Size [nm] Density [a3] q [d] I 
I RGS cell 20 - 50 4.9 x 1011 6 x 1017 

Simulation 22 5.9 x 10" 4 loi7 I 

Number of w e n  atoms Trne [h] 

Figure 10 The size distribution function as function of the number of the precipitated oxygen atoms for 
a 24h anneal at 1050°C for mc-Si (left). The total interstitial oxygen concentration as a function of the 
annealing time and comparison with experimental results (right). 



Number of O atoms Tme [s] 

F'igure 11 The size distribution as a function of the number of the precipitated oxygen atoms for the RGS 
process (left). The total interstitial oxygen concentration as a function of the annealing time (right). 

The results have been used already to modify the RGS processing sequences in such a way that different 
precipitate distributions were obtained. Solar cells from these materials i n d d  show that this has an impact 
on the device performance. 

5. Summary 

The oxygen precipitation can be an important factor in polycrystalline solar cells made from ingot and RGS 
ribbon silicon. In this report it has been shown that the distribution and size of the precipitates depends 
considerable on the thermal history of the material. The bulk precipitation is comparable to Cz - silicon, 
however, higher carbon concentrations, dislocations and grain boundaries that are not present in 
monocrystalline material can have a significant impact on the precipitation process in particular 
temperature ranges. The ramifications of the various types of precipitates and decorated extended defects 
on the device performance are not completely analyzed yet, but there is substantial evidence that these 
defects have to be taken into account. It could also been shown that numerical simulations are already 
sufficiently accurate now to support the development of the polycrystalline material and to improve the 
crystal growth as well as the solar cell processes. 
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ANALYSIS OF IRON PRECIPITATION IN SILICON USING MINORITY 
CARRIER LIFETIME MEASUREMENT 

Worth B. Henley and Deepak A. Ramappa 
Center for Microelectronics Research, University of South Florida, Tampa, Florida 

Abstract 

Temperature dependent i o n  precipitation in float-zone grown silicon wafers has been 
experimentally investigated. Results of iron precipitation experiments over a wide thermal process 
temperature range and time are presented. Precipitation of iron in silicon was analyzed by a 
quantitative assessment of change in interstitial iron using a surface photo voltage minority carrier 
lifetime analysis technique. Contamination levels of iron in the range 10" to 1013 atoms/cm3 are 
investigated. It is concluded that maximum iron precipitation occurs in the temperature range of 
500°C to 600°C. Iron precipitation is rapid in this region where more than 90% of the interstitial 
iron precipitates in a period of 30 minutes. 

Introduction 
Metallic transition elements are prevalent contaminants in Si which can degrade device 

performance either by forming metal silicides or/and by acting as recombination centers. Iron is 
one of the primary heavy metal impurities in silicon. Commonly reported sources of iron 
contamination include ion implanters, contaminated chemicals, and wafer handling tools. Iron 
W s e s  rapidly through the silicon matrix by interstitial diffusion. Because of the high difFusivity 
(approximately 10" cm2/s at 900"~)' iron contaminates introduced from the wafer surface during 
t h e m  processing diffuse throughout the bulk of the wafer. The steep, retrograde temperature 
dependence of iron solubility in ~ i '  results in supersaturation during wafer cooling from high 
process temperatures. This supersaturation is responsible for localized precipitation. 

Iron plays an important role in the decoration of defects in silicon.2J This can be very 
detrimental to device region of the wafer, as strain fields and process induced defects can localize 
the Fe impurities in this sensitive area.6 It is well accepted that iron contamination degrades gate 
oxide integrity and decreases yield as devices are scaled to sub-micron  dimension^.^ 
Unprecipitated iron remains as the interstitial deep level impurity Fei or as Fe-B pairs in p-type 
silicon. It reduces minority carrier lifetime and increases diffused junction leakage. 

Generally for contamination levels of practical concern, at temperatures below 800°C the 
Fe-Si system is metastable and thermodynamically favors iron- silicide precipitation. The iron 
solubility limit in silicon at 500°C is about 2x10~ atoms/cm3. Since the best commercially available 
wafers today typically contain 5x10' atorns/cm3 of iron, the fact that iron supersaturation and 
precipitation can occur are a matter of general concern to the technologist. 

The tendency for iron precipitation to occur is influenced by the amount of time for 
nucleation and embryo growth before the lower silicide reaction (formation) temperature is 
reached. This is illustrated in Figure 1, which shows the temperature cycle of a typical anneal or 



Figure 1: Typical silicon IC fabrication thermal cycle showing where precipitation is most likely 
to occur. 

oxidation process. Previously reported lower silicide temperatures vary between 300°C and 
5000~.*-~ Iron-sjlicide (FeSi2) precipitation favors heterogeneous nucleation.1° This can be useful 
for some internal gettering procedures as oxygen precipitates may serve as favored precipitating 
sites. It has also been shown that the internally gettered iron is often not the precipitate phase." 
Redissolution of the FeSi2 phase or release of gettered atomic iron" remains hazardous to the 
surface device area. 

Fe precipitation in Si has been previously studied in highly contaminated silicon to 
3 10,12-15 1016 Fe atomslcm ] and in the lower temperature range of 100°C to 3 0 0 ° C ~ ~ ~ ~  In this paper 

we present an experiment which quantitatively evaluates Fe precipitation in lightly contaminated 
Si [lo1' to 1013 ~e atoms/cm31. Law oxygen content float zone (FZ) grown silicon crystals were 
used in experimentation, so as to avoid the uncertainties introduced by O2 precipitation and the 
consequent gettering uncertainties. Precipitation over the entire temperature range of 300°C to 
900°C over different process times have been experimentally evaluated. 

To analyze precipitation of iron in silicon, quantitative interstitial iron (Fei) concentration 
measurements, were performed using the technique of surface photo voltage (S PV) minority 
carrier lifetime analysis. The SPV method - has very good sensitivity in detecting low 
concentrations of bulk Fei in the silicon wafer.7 Interstitial Fe concentrations are measured before 
and after a precipitation anneal. Any decrease in Fei is assumed to be due to formation of the 
FeSh precipitate phase. This change in interstitial Fe (mei) is used to analyze the iron 
precipitation quantitatively with respect to time and temperature. A characteristic relationship 
between the precipitating iron and annealing time over the entire process temperature range is 
deduced. 

Exgeriment 
The experiment can be broadly analyzed in two stages. First iron was diffused from a 

surface source into the wafer, to obtain a stable and uniform Fei concentration in the wafer. 
Following the in-diffusion, the iron rich surface region was chemically removed and various 
anneals were performed. Iron precipitation was monitored by comparing the change in interstitial 
iron after the thermal anneal process. 



The experimentation was performed using 3 inch, 1-2 a-cm, P-type FZ grown <loo> 
wafers [Wacker-Chernitronic]. Starting wafer background ion  concentration was determined to 
be 4x10'~ atoms/cm3. The samples were cleaned in the order HF--SCl--HF--SC2--HF, where the 
HF was diluted with water in the ratio 150. SC1 was a 1:2:10 solution mixture of ammonium 
hydroxide, hydrogen peroxide and water heated to a temperature 65OC. SC2 was a 1 : 1 :5 solution 
mixture of hydrochloric acid, hydrogen peroxide and water maintained at 65OC. The background 
level of iron contamination fkom the starting wafers, cleaning procedure and subsequent furnace 
processing was established to be about 6 x 10'' atoms/cm3 at 900°C. Thus the wafer processing 
procedure introduced about 2 x lo1* atoms/cm3 of Fei into the samples. This is typical after a high 
temperature thermal process. 

Selected samples were intentionally doped with iron by immersion in a 100 ppm solution 
of femc chloride (FeC13) for 10 minutes and then nitrogen blow-dried. To obtain a target Fei 
concentration of 2x10'~ atoms/cm3 a diffusion temperature of 900°C was used according to Fe 
solubility data.'*15 The wafers were slowly ramped up to minimize lattice deformation and were 
diffused for 40 minutes in a nitrogen ambient. After the in-diffusion heat treatment the samples 
were quench cooled by blowing cool nitrogen vapors onto the surface during withdrawal from the 
furnace. Other techniques and materials of quench cooling such as oil immersion, &-ethylene 
glycol, and water were evaluated but dismissed as they caused signifcant amount of thermally 
induced lattice damage, which disrupted minority carrier lifetime measurements. The nitrogen 
cooling cooled the sample down from 900°C to room temperature in about 2 minutes. Such rapid 
cooling was performed to prevent any unwanted precipitation and to ensure most of the iron 
remained in an interstitial state. 

The surface of the samples were chemically etched to remove any Fe rich areas on the 
surface. The etchant was a concentrated reagent mixture of nitric acid(HNOs), glacial acetic 
acid(CHaCOOH) and hydrofluoric acid(HF) in the ratio 6: 1: 1 [Dash etch 17]. They were etched for 
3 minutes, to remove a surface layer of about 60 pm. 

Interstitial iron concentration (Fei) and the change in Fei was monitored using a surface 
photo voltage (SPV) minority carrier lifetime analysis technique. The SPV method is an analytical 
technique for the measurement of minority carrier diffusion length and thus lifetime of carriers in 
semiconductors. It provides a fast, non-contact, non-invasive measurement. Iron concentration 
was determined fkom the lifetime measurements using well known Fe-B pairing relationships 18J9.22 

outlined below. The iron concentration measurement was made at 10 points across the wafer and 
care was taken to measure the same sites on the sample. 

For the precipitation studies the mas& samples were annealed for different times and 
temperatures. The specimens were annealed in a nitrogen ambient, over the temperature range of 
300°C to 900°C, for times of 5 to 90 minutes. All the experimental specimens were cooled at a 
similar rate to keep the cooling rate constraint as a non-variant. Quantitative measurement of Fei 
of each sample, was performed by the SPV technique. By comparing the pre-anneal interstitial 
iron concentration to that following the anneal, the precipitated fraction was easily calculated. 



Results 
The mount of Fe diffused into the silicon wafer from the surface contamination was 

chiefly a hc t ion  of the drive-in temperature and independent of the drive-in duration for a drive- 
in time of greater than 15 rnhutes. Since both the drive-in and anneal were performed in nitrogen 
ambients, oxide growth was avoided and thus prevented Fe out diffusing into the oxide.7 For the 
900°C drive-in temperature used here, the described intentional contamination procedure routinely 
yielded silicon wafers with approximately 2x10'~ atorns/cm3 interstitial iron concentration in 
agreement with solubility considerations.' Wafer mapping showed the iron concentration 
uniformity to be to be f 10%. 

Non-contaminated control Si wafer samples processed with the Fe doped wafers showed 
some degradation in diffusion length following the thermal drive-in process. This was most likely 
due to the rapid quenching fiom the 900°C process resulting in a thermally induced native defect 
structure. Typical diffusion lengths and the corresponding Fei concentrations measured on the iron 
doped Si samples are shown in Table 1. The Fei concentrations of all the iron contaminated 
samples, averaged around 2.7~10" Fe atoms/cm3. Iron concentration on the non contaminated 
control samples was typically 6 x 10'' atoms/cm3. 

Table I. Typical ninority carrier diffusion lengths and interstitial iron concentrations 
measured on clean and iron doped silicon after annealing and quench cooling. 

The precipitation anneal experiments showed the change in post anneal interstitial iron 
concentration to be highly dependent upon the annealing temperature and time. Figure 2 clearly 
shows that sigdicant precipitation occurs over the temperature range of 400°C to 800°C. The 
greatest loss of interstitial iron was seen in the range of 500°C to 600°C. Our ability to discern 
changes in interstitial iron was limited to about the 10" atorns/crn3 range due to the background 
wafer defect structure effects on the SPV measured carrier Hetime. Thus, we have been unable to 
clearly asses what occurs beyond the 90 minute annealing. It is evident that significant 
precipitation can occur in the 500°C to 600°C process regime. A loss of more than two orders of 
magnitude in interstitial iron i s  noted. Above a temperature of 800°C, precipitation is much 
reduced and redissolution of pre-existing precipitates or release of some previously gettered iron 
is observed which can result in an increase in the final Fei concentration. 

I Sample 

Fe doped 

Uncontaminated wafer 

Figure 3 further illustrates the time/temperature precipitation tendencies of the iron- silicon system 
Here the dramatic effect of the process temperature is seen clearly. For temperatures above 
700°C, there is less effective solute supersaturation and the chemical thermodynamics still support 
the combined presence of both interstitial i on  and the precipitate phase. Indeed, as mentioned 
above, our work shows that at temperatures exceeding 900°C, precipitate redissolution can occur. 
This finding was confired by subjecting heavily precipitated samples to a 900°C 

Diffusion Length 
( ~ m )  

44.2 

112.4 

Fei Concentration 
(atoms/cm3) 

2.7 x 10 '~  

6 x 10" 



Generation and Influence of Deep Levels in N2Diffused Si 
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Abstract 
N2 related deep levels are found in n-type and p-type CZ- and FZ-Si annealed 

in N2 and then quenched to room temperature. The activation energy and cap- 
ture cross section of the deep level are Ec-0.5 eV and 7.6~10-l6 cm2 in n-type Si 
and Ev+0.55 eV and 10-l5 cm2 in p-type Si, respectively. Depth profiles of the 
deep level density show that of the complementary error function. Diffusion 
coefficient estimated by the profiles agrees well with that of N2 in Si. The deep 
level is decreased by iaecting interstitial Si from the interface between a grow- 
ing Si02 film and a Si crystal. It is strongly suggested that the deep levels are 
caused by N2-vacancy complexes. 

The energy level of the deep level is located near the middle of the band gap, 
therefore it is likely that the deep levels act as recombination centers. We show 
the experimental results that the lifetime is decreased by the Nz related deep 
levels. 

1. Introduction 

Nz gas is widely used in Si device fabrication processes, because it is believed 
that N2 molecules give no unfavorable influence to Si properties. But recently 
Tokumaru et al.[U and Abe et al. [2] observed deep levels in as-grown and 
post annealed N2 doped FZ-Si , respectively. Hara et all31 reported diffused N2 
formed complexes with doped oxygen and they behaved as shallow donors in 
Si. We reported that N2 related deep levels were induced by diffused N,, when a 
silicon wafer was annealed in Nz and then quenched to room temperature. The 
energy level of the deep level was located near the middle of band-gap, there- 
fore it was possible to act as the effective recombination center for excess car- 
riers and to decrease the minority carrier lifetime [41. We also suggested that 
the deep level was introduced by the formation of N2-vacancy complexes, be- 
cause the deep level was very sensitive to the wafer cooling rate after Nzan- 
nealing. In order to confirm this assumption, we attempted to control the deep 
level density by changing the vacancy concentration. Oxidation of the silicon 
surface are known to decrease the vacancy concentration, since they supply 
excess interstitials from the oxide and silicon inter surface. Experimental re- 
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Fig1 Examples of DLTS spectra of CZ specimen annealed at 750°C for 1 h in NZ 

Fig.:! Depth profile of the deep level (El) density in the specimen annealed at 750°C 
for 1 h in N2 

sults clearly show that the deep level density was very low in the specimen 
which was oxidized in N2 and Oz mixed gas[5]. 

In this report, at fist the diffused N2 related deep levels and the origin of them 
are explained in details. Second, influence of the deep level to the minority 
carrier lifetime is shown. 

2. Generation of N, related deep level 

Figure 1 shows typical DLTS spectra of n-type CZ-Si wafers annealed at 750 
"C for lh in N2. Solid and broken lines are measurement and theoretical curves, 



Fig.3 Depth profiles of the deep level E l  density in the specimen annealed at 
1000°C in N2+02 mixed gas 

respectively. Peak El  was clearly observed in the quenched wafer, but was not 
observed in the slowly cooled wafer. 

Figure 2 shows the depth profile of the deep level density. Of note is that the 
deep level El shows an in-diffusion distribution profie and that the profile agrees 
well with that of the complementary error function. The diffusion coefficient 
was estimated to be 3.6~10-11cm2/s at 750 9=. The value shows very good agree- 
ment with the diffusion coefficient of Nz in Si [6]. From these results, the deep 
level El  is assumed to be due to Nt which diffused into silicon during N2anneal- 
ing. This NZ related deep level was observed in both CZ and FZ wafers, so the 
level has no relation to oxygen in Si. 

As shown in Fig.1, the deep level density depends on the cooling rate of the 
specimen after N, annealing: the peak assigned to the deep level is not observed 
in the slowly cooled specimen, but is observed in the quenched specimen. From 
these experimental results, it is reasonable to think that the appearance of the 
deep level not only relates the diffused Nz, but also point defects especially va- 
cancies. In order to confirm the above assumption, we performed the following 
experiments. Excess interstitials supplied from the growing Si02 interface re- 
combine vacancies and decrease the vacancy density, therefore also the deep 
level density. 

N-type, 8-12 a-cm, (loo), FZ-Si wafers were annealed at 1000 "C in Nz and Oz 
mixed gas for 0.5-9 min and then quenched to room temperature. Figure 3 
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Table 1. Activation energy and capture cross section of deep levels in N2 diffused Si 

n-type P-type 

capture 
cross section 5.8 * 0.2 

rcmzl x 10-16 



Fig.5 Deep levels in Nz diffused n-type and p-type Si 

shows depth profiles of the deep level density in the specimens. It is noted that 
the lower density region of the deep level expands gradually from the surface 
to the deeper region of the specimens as the annealing time increases. The ex- 
perimental results are explained in the followings. During annealing in N2and O2 
mixed gas, N2 diffuses into the wafer and at the same time excess silicon 
interstitials are supplied from a growing SiOJSi interface and consequently 
vacancies are diminished near the interface. Changes of the depth profiles of 
the vacancy and the diffused Nz are schematically shown in Fig.4. 
The vacancy depth profile which is expected to be flat after the short time 

annealing(Fig.4a) will change gradually near the surface as shown in Fig.4b and 
4c. On the other hand, the depth profile of the diffused Nz changes under the 
complementary error function. The density profiles of the diffused N2-vacancy 
complexes estimated from both of the vacancy and the Nzprofiles are also shown 
in Figs.4b and 4c. The results of the deep level profiles is understood by the 
above explanation. 

The diffused N2 -vacancy complexes were found to make also deep levels in 
P-type Si. Activation energy and capture cross section of the deep levels in n- 
type and p-type Si are shown in Table 1. The energy levels of the deep levels are 
schematically shown in Fig.5. The deep level El and H1 are confirmed to be 
formed by the same level and behave as carrier recombination centers. There- 
fore, the deep level El and HI make the minority carrier lifetime shorter. 

3. Influence of N2related deep levels 

In this section, experimental results that the lifetime is decreased in a oxidized 
wafer after boron diffusion are shown to be due to recombination centers made 
of Nz-vacancy complexes. Fig.6 shows the results of the DLTS and the lifetime 
measurements in an as-grown, n-type, 25 l2-cm, FZ-wafer and B-diffused(1 h 





at 1000 "C, BN source) and subsequently oxidized(1h at 100072, dry oxidation) 
wafers. In the as-grown wafer, two peaks are clearly observed near 130 K and 
190K in the DLTS curve. The deep levels corresponding to peaks 130 K and 
190K are shown to have energy levels of Ec-0.20 eV and Ec-0.31 eV, respec- 
tively. The peak temperatures and the energy levels agree with the reported 
values in N2-doped FZ Si crystals[l]. 

After B diffusion, the DLTS peaks are completely disappeared, however, the 
another peak appears at 260 K after the subsequent oxidation as shown in Fig.6. 
The peak at 260 K corresponds to the deep level induced by N2-vacancy com- 
plexes shown in the above. The lifetime measured in these specimens are shown 
in the below of Fig.6. The lifetime is drastically increased from 80 ps to 460 ps 
by the B diffusion. But the lifetime is sharply decreased again down to 60 ps by 
the subsequent oxidation. The deep levels measured by DLTS method are re- 
lated with majority carrier traps, therefore the lifetime is not directly influenced 
by the trap. But, the deep level which makes the DLTS peak at 260 K may 
behave as the recombination centers[7]. Therefore, the decrease of the lifetime 
in the subsequent oxidized specimen seems to be due to the deep levels formed 
by N2-vacancy complexes. In the as-grown specimen, it seems also that some 
Nz related recombination centers decrease the lifetime. In order to confirm the 
above assumption, it is necessary to measure minority carrier traps in the as- 
grown specimen by using the method such as the optical DLTS. The phenom- 
ena of the N2 related deep level shown in the above are explained in the next. 

Figure 7 shows behavior of N2 molecules in a Si during the B diffusion and the 
subsequent oxidation processes. It is known that N2 is doped in Si to erase swirl 
defects in an as-grown FZ Si crystal[8]. N2 molecules are diffused during B 
diffusion process, because Nzis used as an ambient gas. Both of the doped Nz 
and diffused N2 molecules are gettered in the B diffused layer in the B diffusion 
process, therefore the lifetime is elongated as shown in Fig.6b. After the subse- 
quent oxidation, the gettered Nz molecules diffuse out again from the B dif- 
fused layer, because the B surface concentration is decreased by segregation of 
B into the oxide and driving-in diffusion into a Si substrate. In consequence of 
the B concentration decrease, the gettering power to Nz molecules becomes 
weak and the lifetime decreases. 

4. Conclusion 

Electrical properties of N2-diffused Si are studied and found as shown in the 
following. Deep levels are formed in n-type and p-type Si annealed in N2 and 
then quenched to room temperature. The activation energy and capture cross 
section of the deep level are Ec-0.5 eV and 7.6~10-l6 cm2 in n-type Si and Ev+0.55 
eV and 10-l5 cm2 in p-type Si, respectively. It is strongly suggested that the 



deep levels are caused by N2 -vacancy complexes, because the deep level is 
decreased by injecting interstitial silicon atoms from the interface between a 
growing SiOz film and a Si crystal. It is found that the deep levels make the 
lifetime shorter and disappear in B diffused Si wafers. 
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Hydrogen in Crystalline Si: A Survey of Recent Results 

Michael ~tavota 
Department of Physics, Lehigh University, 16 Memorial Drive East, Bethlehem, PA 18015 

Even though hydrogen is the simplest atom, it is a complicated impurity in semiconductors that 
can have a dramatic effect on electrical properties. There have been many studies of the 
properties of hydrogen and hydrogen-containing defects in semiconductors over the past 15 
years, and much progress has been made.[ld] Nonetheless, there are many important open 
questions about isolated hydrogen and hydrogen-containing complexes. In this paper, a 
survey of selected results obtained for the fundamental properties of hydrogen in silicon will be 
presented. 

I. The diffusion and solubility of hydrogen 

The incorporation of hydrogen into silicon by diffusion is one of the properties of greatest 
interest, but it is also one of the most complicated. The diffusion constant for isolated H' 
appears to be well known, but the indiffusion of hydrogen into Si is made complicated by the 
existence of three charge states for hydrogen, interactions with other impurities, and the 
formation of slow diffusing hydrogen molecules. Here, results for the diffusion and solubility of 
isolated hydrogen are summarized first, followed by a qualitative discussion of the shapes of 
indiffusion profiles that result from hydrogen plasma treatment. Several critical reviews [5-81 
on hydrogen diffusion and solubility have been written which should be consulted for 
information beyond the scope of the following survey. 

A. Diffusion 

The earliest determination of the diffusion of hydrogen in Si was performed by Van Wieringen 
and Warrnoltz o . [ 9 ]  The permeation of hydrogen through thin-walled cylinders of Si was 
studied for the temperature range 1 090°C to 1200°C to obtain the following relationship for the 
diffusion coefficient: 

This relationship for the diffusivity is the most commonly used for isolated hydrogen and has 
been frequently extrapolated to room temperature. The diffusion coefficient given by Eq. (1) is 
plotted in Fig. (1) aiong with data points at 1090 and 1200°C. We will find in the following that 
recent data for the diffusivity of H* are consistent with Eq. (1) over a surprisingly large range of 
temperatures. 

An alternative approach to measure the hydrogen diffusion coefficient gave a much smaller 
value for the diffusivity than Eq. (1) above. lchimura and Furuichi (103 heated 150 a-crn p- 
type, floating-zone Si samples in a tritium ambient at 900 to 1200°C for 1 h to saturate the Si 
with tritium, followed by a quench to room temperature. The evolution of tritium was then 
measured for several temperatures between 400 and 500°C to determine the diffusivity and 
solubility of 'H. These data are shown in Fig. 1. The diffusion constant determined by 
lchimura and Furuichi (101 is approximately 740 time smaller at 500°C than the previous result 
by VWW [9] when extrapolated to this temperature. Possible explanations for the smaller 
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values measured by lchimura and Furuichi include (i) their suggestion that an oxide layer at the 
surface that may have impeded tritium out-diffusion [ lo] or (ii) the formation of slow diffusing 
tritium molecules in the Si.[l I]' 

There have been numerous subsequent values reported for the hydrogen diffusivity that 
have been determined from measurements of the indiffusion depth during exposure to a 
source of atomic hydrogen.[l2-141 A selection of values of the diffusivity determined by this 
method are shown in Fig. 1. These studies give diffusion coefficients about a factor of 1000 
times smaller than the VWW result, Eq. (1). 

A few early studies of hydrogen indiffusion made near room temperature suggested that 
under appropriate conditions, the migration of H was in agreement with an extrapolation of the 
VWW result for the diffusion coefficient, Eq. (1). For example, Tavendale et a/. [I51 introduced 
hydrogen into Si by wet chemical etching and showed that the drift of H' in these experiments 
was consistent with a room temperature diffusion coefficient of 3x10-'~ cm2/s, a result in 
approximate agreement with Eq. (1). Seager et al. [l6,l7] determined the diffusion coefficient 
of hydrogen in Si near room temperature in novel drift experiments in which they implanted 
protons with an ion gun into Schottky barrier diodes. They were able to determine the 
hydrogen diffusion coefficient by monitoring the evolution of the junction charge with real-time 
capacitance-voltage (CV) measurements made during the low energy H* implantation process 
In these experiments, the dopants in the diode were passivated as the hydrogen ions drifted 
across the junction. The data points shown in Fig. 1 are from the results of an H* transit time 
measurement made for p-type Si in which the drift of H+ under the influence of the junction 
field was monitored.[l7] The points lie near the line drawn for the VWW result, Eq. (1). 

Several authors have concluded that the indiffusion of hydrogen is limited by trapping by 
other defects and Hz molecule formation in many experimental situations. [See refs. 5-8 and 
the references contained therein.] Only when the concentrations of hydrogen and of trapping 
centers are small is the indiffusion depth consistent with the diffusion coefficient of isolated 
hydrogen. Thus at high temperatures, or in a few studies such as those of Seager et a/. 
[16,17], the large value of the diffusivity characteristic of isolated H+ is observed. In most 



experiments where hydrogen profiles have been measured, an "effective diffusivity" has been 
obtained 15-81, in which the indiffusion of hydrogen is limited by molecule formation or trapping, 
explaining the results of the many studies that have found indiffusion depths decades smaller 
than the extrapolation of the VWW result [9] would imply. This point was nicely demonstrated 
by Zundel and Weber [18] who measured the redistribution of H* in boron-doped Schottky 
barrier diodes in which the boron had been passivated by hydrogen. They showed that the 
hydrogen motion was consistent with an effective diffusivity that was determined by the 
trapping and release of H' from the boron acceptors The values of the effective diffusivity, 
De~,  determined by Zundel and Weber are shown in Fig. for an acceptor concentration of NA 
= 1 .45x1015 cmm3. DeH is in reasonable agreement with values determined from hydrogen 
indiffusion profiles. 

Gorelkinskii and Nevinnyi [I91 have studied the annealing of the electron paramagnetic 
resonance (EPR) spectrum AA9 that results when Si is implanted with protons at low 
temperature (80K). This spectrum has been assigned to isolated hydrogen and the charge 
state can be controlled by optical illumination. These authors find that H* is annealed away 
near 200K with an activation energy of 0.48 eV, consistent with a reaction limited by H' 
diffusion with an activation energy given by the VWW result, Eq. (1). The H* diffusion 
coefficient can also be determined from the recent results of Gorelkinskii and Nevinnyi, who 
have measured the reorientation kinetics of H' by EPRQO] In these experiments, an applied 
uniaxial stress was used to produce a preferential alignment of the isolated H* impurities along 
particular < I l l >  directions. Gorelkinskii and Nevinnyi measured the kinetics for the 
disappearance of the stress alignment for several temperatures near 135 K. The H* alignment 
disappears when H' jumps from one bond-centered site to another; this process is a single 
diffusion jump. The values of the diffusion constant calculated from the reorientation time 
constants measured by Gorelkinskii and Nevinnyi are plotted in Fig. 1. It is remarkable that 
these values, measured near 135 K, are consistent with Eq. (I), determined by measurements 
made in a limited range near 1200°C (1473)0, extrapolated to values of the diffusivity of H' 
that are 18 decades smaller! Fitting the relationship for the diffusion coefficient to both the 
VWW data [9] and the values determined from the reorientation data measured near 135 K 
only changes the activation energy in Eq. (1) in the third decimal place, to -0.483 eV. The 
surprising agreement of these results may be misleading because quantum effects at low 
temperature, anharrnonicity, and other effects might be expected to give deviations from 
Arrhenius behavior over such a wide range for an impurity as light as hydrogen. 

The role of the charge state of hydrogen on the diffusion process has been treated 
casually above. In the VWW experiments [9] performed at high temperature, the charge state 
of hydrogen has been presumed to be H' or H*. In the 1990 paper by Seager et a/. [17], 
hydrogen was presumed to be in the positive charge state only a fraction of the time and 
neutral otherwise. More recent work by Seager and Anderson [21] concludes that H* may be 
the only species present during junction-field drift experiments made on p-type diodes. In the 
experiments by Gorelkinskii and Nevinnyi 1191 it is argued that the reorientation data are for H*. 

2 Johnson and Herring [22,23] have reported experiments on D- (i.e., H-) in which minority 
carriers were injected into an n-type diode by pulsed optical illumination of the back surface to 
produce isolated hydrogen which could then be studied in its different charge states. For 
these experiments a diode was doped with phosphorus and passivated in a deuterium plasma. 
These authors report that P-D complexes are dissociated near room temperature by the 
injected minority carriers and that D is released.[22] Subsequent bias pulses allow the charge 
state of the released D to be controlled. The evolution of the mobile charged deuterium could 
be monitored by the time dependence of the junction capacitance. Johnson and Herring [23] 



used electron flooding pulses to produce the D- charge state following the production of mobile 
D in the reverse biased n-type diode. The diffusion coefficient of D- was then determined near 
room temperature from the capacitance transients that resulted from deuterium migration and 
complex reformation. These results for the diffusion of D- [23] are shown in Fig. 1 and are 
roughly a decade smaller than the extrapolation of the VWW results, Eq. (1). (A classical 
model for diffusion would predid that the diffusion coefficient for H would be a factor of 42 
larger than for 'H.) These experiments also provide a value for the diffusion coefficient for 'H' 
of 6x1 0-j2 cm2/s at 300K [24] which is shown in Fig. 1. 

The ability to produce free hydrogen in junction diodes with minority carrier pulses has 
been challenged in work by Seager and Anderson [21,25] who have not been able to 
reproduce the capacitance transients reported by Johnson and Herring.122-241 Instead, the 
behavior of the junction capacitance following bias pulses in experiments similar to those of 
Johnson and Hening was found to be complicated by a number of poorly understood charging 
effects.[21,25] Thus the conclusions of such measurements remain controversial and further 
work will be required to unravel the complicated behavior of hydrogen observed in such 
experiments. 

There have been a number of theoretical calculations performed to explore the diffusion of 
hydrogen in Si. A recent review of theoretical studies of hydrogen in semiconductors has been 
written by Estreicher.[26] Total energy calculations were initially used to explore the 
configurations and migration paths of hydrogen in its positive, negative and neutral charge 
statesQ7-301 Several possible migration paths were found for each charge state with 
activation energies of a few tenths of an eV. These studies have been followed by molecular 
dynamics simulations [31-331 of the diffusion of H* which give results in reasonable agreement 
with the early results of VWW [9]. Blochl et a/. [34] have used a different approach to study 
the diffusion of H*. Transition state theory was applied to a total energy surface that was 
calculated for H* with local density methods. The calculated diffusion coefficient is of the same 
order as the VWW result, Eq. (I) over the entire temperature range. 

From the combination of the results by Van Wieringen and Warmoltz[9], Seager et al. 
[16,17], and Gorrelkinskii and Nevinnyi [19,20], the diffusion constant of H+ has been 
measured from 1473K to 135K with all of these studies giving results that are in remarkably 
good agreement with Eq. (1) determined by Van Wieringen and Warmoltz in 1956. Several 
recent theoretical studies also yield diffusion constants for H* that are consistent with Eq. (I). 
The situation for t i o  and H' is less clear. Some experiments suggest that hydrogen is a 
negative U defect, so that H* would be metastable and not ordinarily observed.[25] A diffusion 
coefficient has also been reported for H-.[23] Both the negative U character of hydrogen and 
the ability to produce H- with the methods that were reported have been contested.[21,25] 

B. Solubility 

The solubility of hydrogen in Si at elevated temperatures has been determined in a few 
different sets of experiments, all of which give results that are in reasonable agreement in the 
temperature range where they were measured. The earliest work is that of Van Wieringen and 
WamoItz.[S] In these experiments, discussed also in the section above, the permeation of 
hydrogen through thin-walled Si cylinders was studied for the temperature range 1090°C to 
1200°C. Data for the solubility, SH, at one atmosphere pressure are shown in Fig. 2. 
originally reported results for H2 molecules/cm3, so their data have been multiplied by a factor 
of 2 to give atoms/cm3.) A least squares fit to these data was performed recently by Hening 



Fig. 2. Solubility of hydrogen in Si. 
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and Johnson m who give the following relationship for the solubility: 

This fit to the data of ref. [9] is also shown in Fig. 2. 
lchimiya and Furuichi [ lo] performed experiments in which the radioactive beta decay of 

tritium ( 3 ~ )  was used to determine its concentration in Si slabs following heat treatments in 
tritium gas in the range 900°C to 1200°C. Data for the solubility of 'H determined in these 
experiments are shown in Fig. 2. The least squares fit to these data performed by Hemng and 
Johnson m give the following relationship which is also shown in Fig. 2: 

Recently, two groups [36, 371 have reported that acceptor-H complexes in Si can be 
formed by annealing bulk Si in Hz gas at elevated temperature and then rapidly quenching to 
room temperature. Binns et al. 138, 391 have used this method to determine SH. In these 
experiments, boron-doped silicon (NA = loi7 cmS) was annealed in Hz gas and then quenched 
to room temperature. A calibration of the hydrogen-stretching infrared absorption band at 
1903 cm-' assigned to B-H was established so that the concentration of B-H complexes could 
be determined from the area of the vibrational absorption band. It was also found in these 
experiments that a large fraction of the hydrogen introduced by the high temperature treatment 
gave rise to a hydrogen defect that is not infrared active.[40] This hydrogen was found to 
react with boron during a subsequent anneal at 17S°C, increasing the concentration of B-H 
complexes by as much as a factor of three. Binns et a/. [38,39] have also shown with SlMS 



measurements that the concentration of B-H complexes following the anneal at 175OC 
accurately reflects the total concentration of hydrogen that was introduced into the sample at 
high temperature. Data for [B-H] following a high temperature anneal in H2 gas at various 
temperatures between 900°C and 1300°C, a quench to room temperature, and a subsequent 
175OC anneal, are shown in Fig. 2. The relationship for the solubility determined from these 
data is given by the following and is also shown in Fig. 2: 

This result is in good agreement with the early result of VWW 191, Eq. (5), over a wide range of 
temperatures. 

Extrapolations of the results above to 500K give the results Sn = 9 x lo2 cmJ from Eq. (2), 
SH = 6 x lo5 cmJ from Eq. (3), and SH = 7x10~ cmm3 from Eq. (4). While Me results of these 
extrapolations vary by roughly three decades, it is clear that they all predict that the solubility of 
isolated H is extremely small at the temperatures where hydrogen is introduced during typical 
hydrogen plasma exposures and most other introduction methods. Thus the high 
concentration of hydrogen that can be introduced into Si at, say, near 500K is explained by the 
formation of hydrogen molecules [I I], other hydrogen-containing aggregates such as platelet 
defects [41], and hydrogen-impurity complexes. 

C. Shape of hydrogen profiles 

The complexity of the incorporation of hydrogen into Si is shown by a comparison of the 
solubility of isolated hydrogen and the atomic profiles of the hydrogen that is actually present 
in the material following exposure to a hydrogen-containing plasma (Fig 4, from ref. [42]). 
(Deuterium, or 2 ~ ,  is usually introduced into Si for the measurement of hydrogen depth profiles 
by SlMS because of its much lower background concentration.) For the typical hydrogen 
introduction temperatures used during a hydrogen-plasma exposure (Tc300°C) the 
concentration of hydrogen is many orders of magnitude greater than given by the solubility of 
isolated H. Further, the effective diffusion coefficient, estimated from Defi = d2/t, where d is the 
indiffusion depth and t is the duration of the hydrogen-plasma exposure, is -three orden of 
magnitude smaller that the diffusion coefficient determined by Van Wieringen and Warrnoltz, 
Eq. (1).[9] For example, an indiffusion depth of -2 pm for a plasma exposure of 30 min at 
150°C corresponds to Defi = 2x10-" cm2/s. This value can be compared to the WWV result for 
the diffusion coefficient, D = 1.8~10" cm2/s, calculated with Eq. (1) at 150°C, which would 
correspond to an indiffusion depth of 57 pm in 30 min. Several groups have proposed models 
to explain the shapes of the indiffusion profiles.[43-47) The basic idea is that at low 
temperatures, and for the large hydrogen concentrations that are typical of most introduction 
methods, the diffusion of hydrogen is limited by trapping, either by the formation of less mobile 
hydrogen aggregates (molecules or platelet defects) or by trapping at impurity sites. Here the 
qualitative shapes of the profiles are discussed. More detailed treatments can be found in the 
work of Borenstein et al. 1471 and in several reviews of hydrogen diffusion in Si.[5-81 

Near the surface (<0.2pm) of an n- or p-type Si sample that has been exposed to a 
hydrogen plasma, the large peak in the hydrogen concentration is explained by the formation 
of hydrogen-induced platelet defects.[41] A platelet defect is a microcrack that is stabilized by 
hydrogen and typically contains hundreds of H atoms. 

For undoped or lightly doped Si (resistivities > Ion-cm), the indiffusion of hydrogen, for 
depths greater than 0.2 pm, is believed to be limited by the formation of immobile H2 

molecules. A model for the diffusion of hydrogen that is limited by the formation of Hz 



Fig. 3. Deuterium depth profiles measured 
by SiMS for crystaIline Si that had been 
exposed to a deutetium plasma for 30 rnin 
at 750%. (From ref. 1421). 

Depth (microns) 

molecules was first proposed by Hall [I I ]  and further developed and applied by others.[5-8, 
43,471 In this case, the effective diffusion coefficient for hydrogen depends strongly on the 
hydrogen concentration. 

In n- or p-type Si with lower resistivity, the indiffusion of H is limited by trapping by the 
dopant impurities.[5-8, 181 Models for the diffusion of hydrogen into p-type Si have been 
developed further and will be discussed first. For the sample with [B] = 5x10'~ cm j  in Fig. 4, 
there is a plateau in the hydrogen concentration at the acceptor concentration. In this regime 
where the acceptor concentration is high and the temperature is low, the indiffusion of H is 
limited by trapping by the acceptors and the H concentration closely follows the acceptor 
concentration.[6,7,47] More lightly doped p-type material ([B] = 2x10" cmj) also shows a 
plateau that extends -2 pm into the sample with the hydrogen concentration mimicking the 
acceptor concentration. However, there is an additional plateau closer to the surface where 
the hydrogen concentration exceeds the dopant concentration by a factor of -10. The height 
of this plateau also depends on the dopant concentration. Thus, it has been proposed by 
Borenstein et a/. [47l that the p-type dopants can trap several hydrogen atoms and the near 
surface plateau has been fit by a multipletrapping model in which each acceptor atom traps 
-10 hydrogen atoms. Theoretical calculations also suggest that dopants can stably trap more 
than one H atorn [48], although there is no spectroscopic evidence for hydrogenated acceptors 
with more than one bound ti atom. 

Model for the hydrogen profiles observed for n-type Si are not as well-developed. An 
excellent review of the complexity of the indiffusion of hydrogen into n-type Si has been given 
by Herring and Johnson.[q For the profile shown in Fig. 4, for depths greater than the surface 
peak associated with platelets, the hydrogen concentration initially exceeds the n-type dopant 
concentration by more than a factor of 10 and then, deeper in the sample p1.2 pm), drops to 
the 2~ detection limit. Plateaus are not typically observed in the hydrogen depth profiles for n- 
type samples. There has not been general agreement about even what the important 
hydrogen defects are in n-type Si. The role of H- and its diffusion coefficient remain 
controversial.[21,22-251 A di-hydrogen complex called H2*, with one H atorn at a bond- 
centered site and a second H atom at an antibonding site (see Sec 111.8 below) has been 



found to be a more mobile species than molecular H2 in theoretical calculations [49,50], and 
has been suggested to be a possible configuration for the hydrogen that is present in excess 
of the donor concentration in n-type Si.[7,49,50) The possibility that there may be multiple 
trapping of H by donor impurities has some theoretical [48] and experimental support.[51] 

II. Transition-metal-hydmgen complexes. 

Hydrogen-passivated shallow impurities in semiconductors have been studied extensively in 
recent years and much progress has been made toward understanding the structures and 
properties of these defect complexes.[l-51 The hydrogen passivation of deep-level impurities 
153.541 has remained poorly understood because, in part, the application of structure-sensitive 
spectroscopic techniques has not been possible. For example, in pioneering studies of deep 
level passivation, the deep level transient spectroscopy (DLTS) features of deep level defects 
were shown to disappear following exposure to a hydrogen plasma.[53-561 Both the absence 
of electronic levels and the very small total number of defects that are in the very thin layers 
that are typical of plasma-passivated samples make most probes of defect properties difficult 
to apply. In the following sections, the application of structure-sensitive methods to transition- 
metal-hydrogen complexes and the observation that many hydrogenated transition metal 
impurities remain electrically active will be discussed. 

A. StructureSensitive Spectroscopy 

There have been a few cases where hydrogen has been introduced into bulk samples, either 
during crystal growth or by annealing in H2 at elevated temperature. For example, it was noted 
in Sec. 1.B above that shallow acceptors in Si can be passivated by annealing in Hz at high 
temperature and quenching to room ternperature.[36,37] Recently, the introduction of 
hydrogen into bulk Si has permitted samples to be fabricated with a sufficient number of 
hydrogenated transition metal impurities to be studied by EPR [57-591 and infrared (IR) 
absorption [57,59,60] spectroscopies. 

A PtH2 center has been identified by EPR 157,581 and the hydrogen vibrations of this 
defect have been assigned.[57,59] For the paramagnetic charge state of PtH2, EPR [57,58] 
shows that the defect has orthorhombic (C3 symmetry. Hyperfine splittings of the EPR lines 
show that the defect contains a single Pt atom and two equivalent H atoms. These data are 
consistent with a structure proposed by Jones et a/. [61] that is shown in Fig. 4(a). The PtH2 
center is only paramagnetic when the Fermi level is below W E  - 0.1 eV, showing that the 
defect has a level at this position.[57j Two hydrogen stretching modes have been observed 
near 1900 cm" for the paramagnetic charge state by IR absorption spectroscopy and have 
been assigned to the symmetric and antisymmetric stretching modes of the two H atoms.(59] 
Hydrogen stretching modes have also been observed for two nonparamagnetic charge states 
of PtH2 [59] (that cannot be seen by EPR) and are consistent with there being two levels in the 
gap, one near -E, - 0.1 eV as was found by EPR and another near mid-gap. 

In addition to the PtH2 defect, the hydrogen stretching modes associated with two charge 
states of a Pt-H defect have also been observed in the same samples.[59,60] No EPR 
spectrum has been found for the Pt-H center, even though one of the charge states should be 
paramagnetic. Uniaxial stress studies of the vibrational lines are consistent with trigonal 
symmetry for the defect. The proposed structure of the Pt-H defect is shown in Fig. 4(b). 



Fig. 4. Pmposed configurations for hydrogenated transition-mefai (TIW) impurities in Si. 

Similar experiments have been performed for Si that contains Au and H.[60] Three 
different Au and H containing centers have been identified in n-type Si by vibrational 
spectroscopy. Similar to the case of Pt-doped Si, vibrational modes have been identified near 
1800 cm" for Au-H2 and Au-H defects. The results of uniaxial stress studies [60,62] are 
consistent with orthorhombic [Fig. 4(a)] and trigonal [Fig. 4(b)] symmetries, respectively. An 
additional center with hydrogen vibrational modes similar to those of Au-H, but shifted slightly 
(-5 cm") to higher frequency, is seen in some Si samples. Stress studies are consistent with a 
defect that has Clh symmetry. This center has tentatively been assigned to a Au-Fe pair, 
cornpiexed with a single H atom [Fig 4(c)].[62] 

Little is known about the positions of the electrical levels associated with any of the above 
defects. Only the position of the level at -E, - 0.1 eV for the Pt-H2 defect found by EPR [571 is 
known with any certainty. 

8. Electrical Level Positions from DLTS studies 

It is known that wet-chemical etching introduces hydrogen into Si.[1,2,63,64] This method has 
been used to hydrogenate transition-metal impurities in the first few micrometers of the surface 
of Si samples.[65-731 A Schottky contact was then deposited so that the hydrogenation of the 
metal impurities could be studied by C-V profiling and DLTS. The surprising result is that the 
introduction of hydrogen does not necessarily passivate the transition metals, but that 
electrically-active defects are created. It is important to note that if a Si sample is etched prior 
to the fabrication of a Schottky contact, hydrogen will be introduced. 

Figs. 5 and 6 show typical results for transition-metal impurities that have been 
hydrogenated by etching from the work of Sachse et a1.[72,73] The n-type Si samples used 
were doped with phosphorus, and Pt was introduced during crystal growth. Fig. 5(a) shows 
the P doping profiies measured by C-V profiling of Schottky barrier diodes fabricated on a 
cleaved sample (hydrogen free) and a sample that had been etched in an HF:HN03:CH300H 
(1:2:1) solution. The profiles show that etching passivates P near the surface. An additional 
anneal of 30 min at 400 K drives the hydrogen further into the sample and increases the depth 
of the P passivation. DLTS spectra for a cleaved sample and an etched sample are shown in 
Fig. 6. The cleaved sample shows only the isolated Pt-acceptor DLTS peak whereas the 
etched sample shows a reduced isolated Pt peak and two new DLTS peaks that have been 
assigned to complexes that contain Pt and H. Annealing at 650 K dissociated the Pt-H, 
complexes and restored the Pt concentration. Profiles of the isolated Pt and Pt-H, peaks [Fig. 
5(b)j show that the new Pt-H, peaks arise from a surface layer where the isolated Pt 
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Fig. 6. DLTS spectra for n-type Si that 
contained Pt and H. From mf. [72l. 

concentration is reduced. The effect of an additional 400K anneal [Fig. 5(c)] is to reduce the 
isolated Pt concentration at greater depth and also to push the peaks in the concentration 
profiles of the Pt-H,, centers deeper into the sample. The ability to shift the profiles by low- 
temperature annealing strongly supports the assignment of the new DLTS peaks to Pt that is 
complexed with hydrogen that has been indiffused. 

Similar studies have been performed for n- and p-type Si that contained various transition 
metal impurities.[65-731 A list of new levels that have been assigned to transition-metal- 
hydrogen complexes is given in Table I. While DLTS allows the electrical properties of the 
transition-metal-hydrogen complexes to be studied, little is known about the structures of these 
defects. 



Table 1. List of deep levels and their energies observed by DLTS in n- or p-type Si that 
contained the transition metal impurity that is indicated and hydrogen. 

metal t~ Pe label 

Co P H(50) 
Co P W90) 
Co P H ( I  SO) 

Pt P H(l SO) 
Pt P H(210) 

energy level 
( m W  

ref. 

67 
67 

67 
67 

69 
69 
69 

70 
70 
70 
70 
70 
70 

71 
71 

73 
73 

73 
73 

Ill. Di-hydrogen complexes, H2 and H i  

Isolated hydrogen in semiconductors is mobile at low temperatures (for example, near 200 
K in Si 119,741) so at room temperature, H in semiconductors is bonded to other defects or 
present in the form of H, aggregates. The smallest H. aggregates involve just two hydrogen 
atoms. Two possible di-hydrogen defects have been considered theoretically and may play an 
important role during hydrogen indiffusion, as was discussed in Sec. 1.C above. However, di- 
hydrogen defects were not observed spectroscopically so their structures might be confirmed 
until recentIy. The first is the hydrogen molecule, Hz, that has been predicted to lie at a 
tetrahedral interstitial site in Si [30,50,75]. Molecular hydrogen is believed to be a slow 
diffusing species in Si and has often been invoked as the product of reactions that release 
hydrogen from other defect complexes. The second is a species that has been named Hzf 
[49,50,76]. The direct observation of H2 and Hz* has the potential to allow the role of these 
defects in indiffusion processes and defect reactions to be elucidated and will be discussed 
below. 



The stretching vibration of an Hz molecule does not give rise to an oscillating dipole 
moment and is therefore infrared inactive. However, Raman spectroscopy can be used to 
study the stretching vibration of an H2 molecule. In a recent study, the Raman spectrum of Hz 
in Si has been discovered. [771 

Exposure of a Si sample to a hydrogen plasma at a temperature below 250 OC gives rise to 
extended platelet defects.[41] For higher plasma exposure temperatures, platelet formation is 
suppressed and hydrogen is incorporated in a form that has been difficult to probe 
spectroscopically. In a recent Raman study,, a broad vibrational band was observed at 4158 
cm" at room temperature for Si samples treated in a hydrogen plasma at 400 OC.[77] When Si 
samples were exposed to a deuterium plasma, a band at 2990 cm" was observed. These 
vibrational frequencies are close to those observed previously for Hz and D2 in gas, liquid and 
solid phases, and led to the assignment of the 4158 and 2990 cm" bands to molecular H2 and 
D2 in Si. The direct observation of H2 in Si that has been subjected to a hydrogen plasma 
exposure confirms the long standing hypothesis that molecular hydrogen is an important, and 
often present, species in semiconductors.[l -8,l I] 

An alternative configuration for a di-hydrogen defect named H2* has been examined in 
several theoretical calculations.[49,50,75,78] The HZ* defect in Si has been predicted to 
consist of one hydrogen atom at a bond-centered site between two Si neighbon and a second 
hydrogen atom bonded to one of these Si neighbon at an antibonding site (Fig. 7). 

It has been known since 1975 that implanting protons into Si gives rise to numerous 
hydrogen-related vibrational absorption bands.[79] Recently, several of these bands have 
been assigned to the tip* defect[80] From a comparison of the experimental frequencies to a 
theoretical calculation for H2*, the vibrational bands at 2062 and 1838 cm-' have been 
assigned to the stretching modes of hydrogen atoms at the bond-centered and antibonding 
sites, respectively. The line at 817 cm" has been assigned to the wagging mode of the 
hydrogen atom at the antibonding site and the 1599 cm" band has been assigned to be the 
overtone of the 817 cm" mode. Hz* has been proposed as a possible configuration for 
hydrogen in Si that might diffuse more quickly that H2.[7,49,50] At present, the existence of 
Hz* in Si that has been subjected to hydrogen plasma exposure or evidence for its mobility 
have not been established. 

Fig. 7. Configuration of H2* in Si From ref. 
lsol- 
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Introduction 

The benefit of surface passivation for improving silicon solar cell efficiencies has been 
clearly demonstrated. Passivated fiont emitters improve both the voltage and the blue 
response of the solar cell, giving a promising path towards high-efficiency production 
cells. These benefits have been characterized for a number of passivation techniques. 
Representative papers show these benefits for a number of passivation techniques 
including fumace oxidations (I), PECVD coatings (2), and rapid thermal oxidations (3). 

In general, to obtain the greatest benefit from surface passivation, the doping levels in the 
emitter must be reduced, resulting in potentially-poor contact resistance for screen- 
printed lines and a necessity for dense gridlines to preserve a low emitter resistance. 
These drawbacks have hindered the adoption of surface-passivation technology into 
industrial process lines. 

The enabling technology that will allow the use of surface passivation on production solar 
cells will be cost-effective selective emitters matched with dense, high-aspect-ratio 
metalizations. This need has driven a creative proliferation of potential and demonstrated 
techniques for forming selective emitters. A list includes buried-contacts, emitter etch- 
back techniques, laser-drawn heavy-dopant diffusions, shadow-masked RTA, and the use 
of pattemed doping sources. Each results in the desired heavy doping under the 
metalization with lightly-doped emitters elsewhere. 

Although the primary goal of these processes is to reap the benefits of surface 
passivation, each sequence also has implications central to the implementation of bulk 
gettering and hydrogen passivation. For example, the emitter etch-back schemes nicely 
incorporate P-gettering into the process due to the heavy initial phosphorus diffusion. In 
contrast, the pattemed dopant source and buried-contact techniques may realize less 
gettering benefit. The costs and benefits of each sequence will therefore vary depending 
on substrate type and the integration into the full fabrication process. 

Selective Emitters by Etch-Back 

A number of techniques can be classified as etch-back emitters. The common element is 
that a deep phosphorus diffusion (typically 1 6 Ohm/sq) is done early in the process. 



The metal gridlines will contact this diffusion, permitting excellent contact resistance. At 
some point in the process, the emitter between gridlines is etched back to a higher sheet 
resistance and is subsequently passivated. 

In an IMEC process, after the P-diffusion, the wafer is textured using a printed polymeric 
mask to protect the regions that will have gridlines. This etch eliminates the dopant 
entirely between gridlines, so that a second lighter dopant diffusion is required. 
Subsequent processing aligns the screen-printed lines to the heavily-doped mesa 
regions(4). 

Sandia National Laboratories etches the P-diffusion in a controlled manner, to leave a 
shallower diffusion of 80- 1 00 Ohms/sq between the gridlines. By using a plasma etch, 
they are able to use the screen-printed metalization as a self-aligned etch mask. They 
propose that hydrogen passivation and PECVD-nitride AR coating deposition could be 
performed in the same plasma process tool(5). 

A very persuasive demonstration of the potential for selective emitters was the 
R&SIECN collaboration that produced a 15.7% module. The fabrication process used 
screen-print technology and a masked etch-back of the phosphorus-emitter in a nitric-acid 
solution(6). 

The IMEC and the R&S/ECN processes are compared in Table 1. The Sandia process 
was presented as a module, dropped into the standard (unknown) process sequences of 
several solar cell manufacturers. 

Table 1. IMEC process R&S/ECN process 

Print mask 
etch-backltexture 
Clean1 Mask removal 
Shallow P diffusion 
Clean 
Oxidation 
ARC (Ti02) 
Print metal 
Firing 

Saw-damage etch/Clean Saw-damageHexture etch 
Deep P-diffusion P-Diffusion 

Print backside A1 
Fire AL 
HC1 etch 
Edge isolation 
Anneal 
Print mask 
Controlled Nitric-solution etch back 
Clead Mask removal 

PECVD nitride/hydrogenation 
Print metal 
Firing 



Buried-contact solar cells. 

One selective-emitter process in wide-scale production is the Buried-Contact solar cell, 
originally developed at the University of New South Wales. This solar cell process 
integrates a selective emitter process with a high-aspect-ratio grid, and is a sophisticated 
design that has achieved 17- 19% limited-production cells using float-zone material. 
Recent developments in this technology indicate that the selective-emitters designed for 
these high-efficiency float-zone cells may be unnecessary for use with multicrystalline or 
CZ material(7). In this case, a good compromise between a heavily-doped emitter for 
contact resistance and a lightly-doped emitter for good blue response and voltage can be 
found, because the contact-resistance of plated contacts is better than for printed 
metalization. A sheet resistance in the range of 80-140 Ohrnshq was found to limit 
voltages to 648 mV on good material, higher than the limit placed by a typical base 
material. These sheet resistances are known to give nearly perfect blue response as well 
for passivated emitters(8). The fabrication sequence for these cells is: 

-Groove formation 
-Clean/EtcHexture 
-P-di ffirsion 
-Rear metal and fire 
-AR coating (TiOz spraying) 
-Electroless plating 
-Edge isolation 

So unlike the screen-printed technologies, it is quite possible that selective emitters are 
not necessary for the most cost-effective implementation of buried-contact cells. This is 
primarily possible due to better contact resistances of plated metalizations compared to 
screen-printed lines. 

Several other techniques for fabricating selective emitters are at a earlier stage of 
development. These are described below. 

Laser- or RTA-formed selective emitters 

An interesting combination of RTA with laser scanning can .be used to realize selective 
emitters. An optimized situation has been described. 

-Spin-on phosphorus-doped glass 
-RTA (850 OC) 
-Laser scan lines, using 

-doubled YAG 
-5 kHz 



-0-2 mm/second scan rate 
- 1-4 ~ / c m ~  power density in pulse 

Within this parameter space, the laser writes heavily-doped lines at 10-50 Ohms/sq(9). 

With the use of a quartz shadow mask, selective emitters have also been accomplished 
using RTA without the laser writing. In this scheme, the area under the shadow mask 
gets less energy and a different spectrum of light. The result is that the region under the 
shadow mask has the same junction depth, but a lower surface concentration. For lower 
RTA temperatures, differences from 60-1 50 Ohm/sq were seen between the unshadowed 
and shadowed areas. At higher temperatures, the differences are less, ranging fiom 30 to 
40 Ohrn/sq(lO). 

Selective Emitters by Auto-doping 

A new, very elegant process was proposed at the recent 1997 European Community 
Photovoltaic Solar Energy Conference. This scheme requires no additional steps beyond 
a traditional screen-print process. The difference is that the dopant source is screen- 
printed onto the cell only where the grids will be. Then, during the dopant difhsion step, 
the regions under the printed paste receive a high doping concentration. Between these 
lines, the wafer is auto-doped fiom vapor-phase phosphorus coming fiom the paste(l1). 

In an initial study, 10 by 10 cm CZ substrates were processed with the schedule shown 
in Table 2. Results included cells with Jsc of 34.0 r n ~ l c r n ~ ,  V, of 612 mV, FF of 77% 
and efficiency of 16.1 %. Better results are anticipated from additional optimizations of 
this process. 

Table 2. 

IMEC process I1 

TexturdClean 
Print Phosphorus lines 
Diffusion 
Clean 
Dry oxidation 
SiN or TiOz 
Aligned screen printing 
Co-Firing 



Conclusions. 

It has been clear for some time that selective emitters with good passivation would 
improve the efficiencies of commercial solar cells. These techniques have not been widely 
adopted because the additional efficiency did not justify the additional cost of 
implementation. Recent work has become quite imovative, with a number of proposed 
solutions to this problem under active development. The success of one or more of these 
strategies will allow the application of the extensive R&D knowledge on surfiace 
passivations to influence commercial solar cell efficiencies. The proposed selective- 
emitter fabrication schemes differ in their compatibility with optimized gettering 
schedules, such that different solutions may be appropriate for each substrate type. 
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The last NREL competitive program in Silicon Materials Research has just been completed, and a 
new 3-year program is about to begin The last program was instituted nearly 5 years ago with 
the objective of performing research that would lead to technologies that can significantly 
improve the cell efficiencies and lead to a reduction in the solar cell cost. The status of silicon 
solar cells at that time was the following: 

Commercial solar cell efficiencies were about 12%, while laboratory small-area cells had 
yielded devices of about 16% efficiency. 
It was just recognized that phosphorus diffusions, used for junction formation, produced 
improvement in the minority carrier difision length in some PV materials. However, any 
reasonable knowledge of gettering resided primarily in the microelectronics community. 
Hydrogen passivation (done by ion implantation fiom the junction side) was known to 
improve the performance of some solar cells. 
- H was thought to diffuse through the grain boundaries (and perhaps through dislocations). 
It was observed that many process steps led to improvement in the minority carrier lifetime 
(difksion length) - how and why was not known! 
Techniques for material or process control or interlaboratory correlation between the 
measurement techniques did not exist. 
Each process step was aimed at perf0rming.a single function. 

It was recognized that improvements in the quality of the material produced by various vendors 
would be process-specific, and that any new technology for the crystal growth would require a 
significantly heavy financial investment - an option not available at that time. It was clear that, 
under a severely curtailed budget for a basic research program in Si, the research emphasis of the 
program should shift fiom analysis of the material growth to developing methods for post- 
growth quality enhancement. Thus, it was concluded that the research emphasis should be 
towards basic understanding of the effects of impurities and the role of defects in solar cell 
processing. The direction of the research was decided at the First Workshop on the Role of Point 
Defects in Silicon Device Processing. 

The last program included seven subcontractors and sought interactions between subcontractors, 
industry, NREL, and Sandia. Table 1 lists the subcontractors, subcontract title, and the PI(s). 



Contract 
# 
XD-2- 
1 1004- 1 

XD-2- 
1 1004-2 

XD-2- 
1 1004-3 

XD-2- 
1 1004-4 

XD-2- 
1 1004-5 

XD-2- 
1 1004-6 

RAX-5- 
15230 

Title 

Influence of Self-Interstitials by Phosphorus Diffusion on 
Defect Structures and Electronic Properties in Crystalline 
Silicon 

Fundamental Research on Post-Growth Quality 
Enhancement Techniques 

Identification and Control of Lifetime-Reducing Defects in 
Polycrystalline Silicon Photovoltaic Materials 

The Role of Point Defects and Impurities in the Processing 
Performance of Silicon Solar Cells 

Optimization of Gettering Processes for Photovoltaic 
SiIicon 

Detailed Non-Contact Electrical and Structural 
Characterization of Photovoltaic Silicon Substrates 

Theoretical Analysis of Hydrogen-Vacancy -Impurity 
Formation and Dissociation 

Subcontractor 
Name 
Duke University 

Georgia Institute of 
Technology 

UC Berkeley 

Massachusetts Inst. 
of Tech. 

Univ. South Florida 

North Carolina State 
Un iv 

Texas Tech Univ. 

Table 1. List of the Subcontractors under the Silicon Materials Research Program 

The objectives of the program were to: 
Perform basic research that would lead to technologies suitable for 
- significantly higher cell efficiencies 
- reduction in solar cell costs. 
Disseminate research results and assist in the transition of these technologies into 
production. 
Increase interaction with the silicon community. 

The approach was to: 
Perform detailed characterization of various PV substrates and cells to develop a data base of 
impurities, defects, and uniformity 
- include development of suitable characterization and process monitoring techniques. 
Identify cell performance limiting defects and the associated electronic mechanisms. 
Perform modeling/analyses to determine how these limitations can be overcome by suitable 
processing. 
Develop a detailed knowledge-base for impurity gettering and defect passivation as post- 
growth quality enhancement processes 
- "import" knowledge fiom the microelectronics industry. 
Attempt to integrate quality enhancement steps into cell processing to ensure minimum cell 



fabrication cost. 

The subcontract program was supported by the internal research both at NREL and Sandia, and 
interacted strongly with the PV industry. 

Highlights of the Program 

Some critical developments in the approaches for post-growth quality enhancement have 
occurred through this program. 

DefectsRm purities 
Many commercially available materials were analyzed to identify impurities and the types of 
defects and their distributions. Development of PVSCAN5000 played a key role in this effort 
because it allowed acquisition of a substantial amount of information in a relatively short period 
of time. This effort was further complemented by the SPV facility at the USF and the 
development of Laser Microwave PCD technique at NCSU. 

The dominant defects are intragrain dislocations. 
Dislocations form extended loops and networks. 
The dominant impurities are C, 0, Fe, and Cr. 
Under the CRADA with Crystal Systems, it was observed that a decrease in the average 
dislocation density was accompanied by formation of defect clusters. Similar aggregation of 
defects was observed in all multicrystalline PV silicon substrates. 
Zero-D grains have micro-defects. The exact nature of the micro-defects is not known, but it is 

believed to be related to oxygen or carbon precipitates, or frozen-in point defect clusters. These 
results emerged out of the work at UC Berkeley through diffusion and gettering of Fe into a 
variety of substrate materials. It was observed that precipitation of indiffused Fe occurred at the 
micro-defects. 

Impurity Gettering 
Impurity gettering received the major attention under the program. C1, P, and Al gettering 
techniques all led to improvements in the average material quality of PV substrates. However, P 
indiffusion, A1 alloying, and the combination of the two were studied in more detail because they 
are normally used in solar cell processing. 

Phosphorus diffusion, A1 alloying, and TCA treatment all work well as gettering 
processes in IC grade or low defected material. 
High temperature gettering can degrade the material quality of PV substrates and cells (GIT, 
USF). It was proposed that this effect could arise from dissolution of impurities precipitated 
at the defect sites (NREL, Duke, USF). This mechanism suggested that dissolution of 
precipitates could be performed by a rapid high temperature process, such as an RTA, 
followed by gettering. Solar cell fabrication using RTA is being pursued at GIT. 
Optical Processing (NREL) and RTA QJSF, MIT) was used to perform effective gettering of 
transition metals from Si at significantly lower temperatures (<700 OC). 



Gettering of transition metals during heat treatment leads to internal precipitation at defects, as 
well as the desired outdifhsion (MIT). 
Defect clusters cannot be gettered (or passivated). These results emerged out of work fiom 
NREL and USF. Detailed, high resolution mapping of the minority carrier diffusion length, 
internal LBIC responses, and defect mapping performed on gettered and ungettered ("sister") 
cells showed that improvements in the defect cluster regions was small or none. Network 
modeling (NREL) established that the localized regions of high dislocation density (defect 
clusters) can shunt the device. The defect clusters can act as current "sinks" that dissipate 
the power within the cell and thus can be very detrimental to the cell performance. 
A diffusion segregation model was developed at Duke University, the results of which are in 
excellent agreement with the experiments done at UCB. This theory helps in understanding 
the conditions needed for dissolving precipitates that appear to be the bottlenecks in im 
proving the overall cell performance by gettering. 

Hydrogen Diffusion/Passivation 
Investigations into hydrogen passivation included (i) theoretical studies (at Texas Tech Univ.) 
aimed at a number of fundamental questions at the microscopic level to address diffusion in 
various Si materials, nature of defects that benefit fkom passivation, passivation processes, 
interaction between hydrogen and oxygen, and interactions between H and selected transition 
metals, (ii) experimental studies (at NREL) to measure H diffusion characteristics in different Si 
materials, and to integrate observations fiom solar cell passivation into a coherent 
phenomenological model that can be usel l  to device process engineers, and (iii) incorporating 
these results into cell processing (GIT) and evaluating their validity. 

Calculations done at near the ab-initio, Hartree-Fock level in molecular clusters, and molecdar 
dynamic (MD) calculations have yielded the following results: it is known that the "normal" 
diffusion of H* or EI+ occurs by hopping fiom bond center (BC) to BC sites with an activation 
energy of 0.5 eV. However, MD simulations show that a metastable state of ~Oresults in 
much faster hopping among tetrahydral (T) sites without involving BC sites. Further, a (V-H) 
pair appears to be mobile. 

The main results fiom the experimental work (NREL) are: 
Hydrogen diffusion at low temperatures occurs predominantly via a [V-HI complex. 
The d ih iv i ty  of H in Si can vary in materials grown by different vendors by several orders of 
magnitude. 
Hydrogen induced defects can act as very efficient gettering sites. 
Backside hydrogenation can be used in solar cells to prevent damage to the junction. 

Solar Cell Fabrication 
Solar cell fabrication, using the concepts developed under this program, was performed at GIT 
and Sandia laboratories. A great deal of support was provided by the PV industry, in terms of 
providing appropriate samples, cell fabrication, and in many cases handling samples that do not 
satisfy production specifications. The primary objective of the cell fabrication was to be able to 
quantify the effects of various processes. Some of the results are: 



A1 gettering and Al-BSF formation reduces the back surface recombination velocity (BSRV) to 
200-400-cm/s and improves the bulk  lifetime,^^, of lower quality Si. 
The conditions for optimum gettering for different commercial PV materials were found to be 
different. 
PECVD nitridation, for depositing an AR coating, can produce passivation with a significant 
increase in z,,. The optical constants of the optimum nitride were determined, and a neural 
network modeling was performed to correlate deposition parameters and properties of SiN. 
Higher temperature increases Q, and surface passivation while lower temperature produces 
richer H content; these features are used in the NREL's hydrogen diffusion model. 
Forming gas anneal produces passivation in some cells. 
In high quality materials like HEM, P gettering alone gives higher lifetime than A1 gettering and 
Al-P co-gettering. It is important to point out that the results of the gettering model fiom 
Duke University suggest that cogettering with P and A1 would enhance the gettering efficiency. 
Thus, there appears to be a disagreement. Further work is needed to address this discrepancy. 

Solar cells, processed with implementation of these processes, yielded record 18.6% efficiency 
cells on HEM material, 16% on EFG, 17.2% on Dendritic Web, and 15% on String Ribbon. 

Cleaning Chemistry (MIT) 
Although solar cell processing is not done under a rigor comparable to microelectronic device 
processing, there is an increasing need to maintain cleanliness during processing. As the' cell 
efficiencies increase, the need to minimize contamination is also growing. This is particularly 
important if the substrate already has a high concentration of metallic impurities. Because 
extrinsic gettering by P diffusion and A1 alloying used in solar cell fabrication have to meet other 
functions of a junction and a contact respectively, the gettering region can get saturated if the 
bulk concentration of impurities is high. Thus, further indiffusion of impurities must be 
prevented. Such contamination can occur not only fiom high temperature processing but also 
fiom steps such as cleaning. This contamination issue was investigated at MIT through the use 
of PCD lifetime measurements and studying the kinetics of cleaning solutions. 

Developed contactless PCD technique for HF immersion and (I2 + Methanol) immersion 
capabilities 
- measured both the bulk lifetime and the surface recombination velocity, injection level, 

surface band-bending, and the competition between surface and bulk recombination. 
Silicon pellets fiom Texas Instruments were measured during materials upgrade processing, 
and an optimum process sequence was determined. 
Cleaning kinetics were investigated and it was found that under certain pH the deposition of 
the metallic impurity is likely, whereas under different pH, a dissolution of the impurity in the , . 

solution is a preferred condition. 



Conclusions 
The program has been very successful in developing and applying post-growth quality 
enhancement techniques to improve solar cell efficiencies in the commercial silicon substrates. 
Many of these processes or process modifications have already been adopted by the PV 
manufacturers into their production lines. Detailed investigations and theoretical modeling has 
been very helpful in identifying the bottlenecks in the path of reaching 18% commercial solar 
cells. These issues, and development of thin Silicon solar cells are included in the new program. 

Under this program, the subcontractors have worked with many PV companies in attempts to 
investigate applications of new results to their materials or devices, or both. In order to M e r  
enhance the dissemination of research results, the following workshops/meetings were held: 

An annual workshop on the Role of Impurities and Defects in Silicon Device 
Processing was established. Six workshops have been held. 
Two Working Group Meetings for the measurement of the minority carrier diffusion 
1engthAifetime. These meetings addressed issues such as the limitations of the measurement 
methods, round robin measurements on the same set of samples, the significance of average 
values in a nonuniform material, and correlations with the cell performance. 
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ABSTRACT 
We have investigated low cost and high efficiency solar cell technology using large area 

(225cmZ) multicrystalline silicon (mc-Si) materials. Surface texturing using RIE (Reactive Ion 
Etching) technique and high temperature hydrogen annealing after deposition of PECVD SiN film 
as a bulk passivation have been applied to obtain the high efficiency mc-Si solar cell[l]. The 
fuaher cost reduction of solar cells is expected for large scale practical use of PV systems, and we 
have investigated the process sequences to produce high efficiency and low cost solar cells. 

INTRODUCTION 
Most of commercial photovoltaic solar cells for electric power application are single crystalline 

or multicrystalline silicon materials. Though mc-Si solar cells have very promising possibility for 
low cost, high efficiency and high reliability, further cost reduction is expected for large scale 
practical use of PV systems in near hture. As there is a limit for cost reduction only by a scaling 
up of manufacturing, that is not only a scale merit but also high efficiency solar cell technology is 
very important and development of low cost materials is required. We have obtained the efficiency 
of 17.1% mc-Si solar cell with the area of 15cm X 15cm[l]. In this paper, we describe the tasks 
and the approaches to produce low cost 15% efficient PV modules using 17% efficient solar cells. 

HIGH EFFICIENCY LARGE AREA mcSi SOLAR CELLS 
Reduction of surface reflectance is very important for mc-Si solar cells to improve cell 

performances. For mc-Si solar cells, texture etching which is conventionally used for single 
crystalline silicon solar cells is not able to give a surface morphology to reduce reflectance 
sufficiently because of the various crystalline orientation. We have developed a new surface 
texturing technique using Reactive Ion Etching (RIE) method, which is expected to form a low 
reflectance surface on various crystalline orientations of grains. This surface texture has a pyramid- 
like or a cone shape as shown in figure 1, and aspect ratio of which can be easily controlled by gas 
flow ratio[2]. We have optimized surface shape and emitter sheet resistance. And we have 
fabricated over 17% efficient large area (225cm2) multicrystalline silicon solar cells as shown in 
figure 2 using this texturing technique and passivation schemes. 

Emitter is formed on fiont surface by diflbsion from POC13 liquid dopant source after texturing 
by RIE. The optimum emitter sheet resistance is investigated comparing with conventional surface 
structure because the surface morphology is quite different. The optimum sheet resistance is 
around 90 ohm/sq for RIE textured cell, however it is 50-60 ohmhq for conventional structure cell. 
Effciency is improved fkom 16.0% to 16.7% by optimization of emitter sheet resistance with using 
Sumitorno SiTix conventional cast Si materials. Back surface field is made by screenprinting and 
f h g  of aluminum paste. Silicon nitride film is deposited on both side of the cell by PECVD for 
bulk passivation and as an ARC. Plasma deposited silicon nitride film (P-SST) used as an ARC is 
efficient for passivation of grain boundaries and intra-grain defects in mc-Si materials[3, 4, 5, 61. 
The cells are annealed in hydrogen ambient for more effective bulk passivation at 600-700 deg. 
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Figure 2 Cell structure with RIE textured surface 

Voc is improved nearly 15mV by this passivation scheme. It is difficult to apply the oxide 
passivation to mc-Si solar cells, because oxide makes the effect of bulk passivation small for these 
type of cells. It seems that passivation oxide prevents the diffusion of hydrogen fiom P-SB film to 
substrate. So we have investigated high temperature annealing in hydrogen afier deposition of P- 
SiN film on both surfaces of oxide passivated mc-Si solar cells. Open circuit voltage for cells with 
(a) P-SiN film deposited only on top surface, @) P-SiN film deposited on both surfaces and (c) 
oxide passivated and hydrogen annealed at 600°C for 60 min. after P-SiN deposition on both 
surfaces of 10 cm X 10 cm conventional cast wafer made by Sumitomo SiTiX are 608 mV, 613 
mV and 622 mV respectively. And unpaired electron spin density of oxide passivated mc-Si 
materials with these passivation schemes are measured by ESR method as shown in Figure 3. This 
shows that spin density is decreased and bulk quality is improved by hydrogen annealing. Front 
contact grid is evaporated and patterned by lift off method followed by copper plating. Back 
contact metal is deposited aluminum. 
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Figure 3 Improved unpaired electron spin density of oxide passivated mc-Si materials with various 
passivation 

The maximum cell efficiency of 17.1% has been obtained using Surnitomo SiTiX conventional 
cast material of 15cm X 15cm. Performance of this cell measured at JQA (Japan Quality Assurance 



Organization) is shown in table 1 .  And 18 solar cells have been fabricated using Daido- 
Hoxan cast Si materials (Drip control method [TI) of 15cm X 15cm. Figure 4 shows the 
distribution of these efficiency and figure 5 shows the I-V characteristics of PV module 
using these solar cells. The efficiency of this PV module is 14.3%. 

- Table 1 Performance of high efficiency cell measured at JQA 
cell size=225cm2. 25°C. 100rn~/crn~. AM1.5G 

- 

Isc(A) Voc(mV) F.F. Effi.(%) 
8.14 62 1 0.762 17.1 

Isc [A] Voc [mVJ 

Effi. [%] 

Figure 4 Performance of 18 solar cells of 225 cm2 using Daido-Hoxan casting materials 
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Figure 5 I-V characteristics of PV module (93.4 X 46.6=4352cm2) using 225cm2 cells 

TASKS TO PRODUCE SOLAR CELLS OF GW I YEAR SCALE IN FY 2010 
As there is a limit for cost reduction only by a scaling up of manufacturing, that is not only a 

scale merit but also high efficiency solar cell technology is very important and development of low 
cost materials is required. Our efforts are focused on developing the simple process sequence for 



high efficiency solar cells and developing the production equipments and facilities with low cost 
and high productivity. We assume the simple process sequence at IGW / year scale for cost 
reduction as shown in figure 6. At first, RIE is carried out for removing damages due to the wafer 
slicing. The emitter diffusion is carried out followed by p-n junction separation, BSF formation 
and contact grid metallization. We assume that ARC is not necessary due to the optimization of 
RIE textwing. About 40000 cells have to be produced in an hour at 1GW I year scale as shown in 
Table 3. 

RIE texturing RI E texturing 
1 -1 

emitter diffusion emitter diffusion 
1 1 

p-n junction separation p-n junction separation 
i 

BSF formation 
.1 

BSF formation 
I 1 

P-SiN deposition on both surfaces contact grid metallization 
I 
.L 

hydrogen anneal 
I 
.L 

patternin of P-SiN 9 
.L 

contact metallization 

(a) 17% efficiency process (cu vent) (b) Simple process 

Figure 6 Simple process sequence 

Table 3 Production ability which is necessary for 1GW / year 
per month Per day per hour (productivity : 92%) 

(25davs / month) (3.825W / cell. yield : 98.6%) 
83.3 MmT 3.3 MW 15 1 kW (40660 cells) 

The mc-Si solar cell manufacturing sequence can be divided into 5 major components: Si 
feedstock, casting, slicing, cell fabrication and module fabrication as shown in figure 7. Table 4 
shows the major cost drivers in each process: wafer fabrication (Si feedstock, casting and slicing), 
cell fabrication and module fabrication. Our developing subjects which our efforts will be focused 
on are shown in table 5 fiom this investigation. 

Si feedstock 

cell 
32% 

Figure 7 Cost share of solar cell process 



Table 4 The major cost drivers in each process 
process cost drivers 

wafer materials ------------ Si feedstock, equipments for slicing (wire, sluny, chemicals, roller) 
equipments --------- casting, cutting, slicing 

cell equipments --------- RIE, diffusion, junction separation, contact metallization 
- o ~ e r s  --------------- efficiency, process number 

module materials ------------ junction box, module fiames, glasses, EVA encapsulant, backsheets 
others ..................... efficiency, process 

Table 5 Developing subjects in each process 

wafer casting -- high throughput, quality improvements (Ta~40micro sec) [7] 
-- --------- ------- thinner wafer, reduction of kerf loss, high throughput 

cell texturing high throughput of RIE 

p-n separation --------- plasma etching 
patterning of ARC---- printing of resist ink+unnecessary (RIE texturing without ARC) 
contacting ------------- printing, firing 

module materials ----------..---- long term durability with low cost 
equipments ------------ productivity 
ribbon to cell ---------- high throuput and low resistivity materials 
circuit layeup ---------- high throughput without stress 

......................... others fiarneless modules and roof or wall integrated material PV 
modules 

The mc-Si wafer fabrication process has to be improved by the quality improvement, thinning 
the wafer thickness and reducing the kerf loss. The results of PC-ID simulation[l] shows that it is 
necessary that bulk lifetime of rnc-Si materials is larger than 40mivmsec. with high efficiency cell 
process sequences to obtain over 17 % efficient solar cells[9]. The costs in slicing are driven by 
wire saw consumable like wire, sluny, chemicals for wafer cleaning and rollers. 

For cell fabrication, emphasis will be on improving and upgrading the process, equipments and 
facilities. High throughput texturing process using RIE is to be developed by designing the large 
in-line type RIE equipments and high speed process sequence. The emitter diffusion process is also 
to be high throughput using in-line type phosphorus diffision fumace. The ports are used for load 
and unload of cells in this furnace as shown in figure 8. The phosphorus is difised and driven into 
cells while running from entrance to exit of fumace. Table 6 shows the cell efficiency dependence 
on emitter diffision throughput using conventional and this type of fumace. Throughput has been 
improved for 96 to 356 cells / hr with nearly same efficiency. Screenprinting of aluminum and 
firing is used as the dominant production technology for BSF formation. It is necessary that a new 
cost effective BSF formation technology because cells are warping while firing of aluminum and 
the production yield is decreased when using larger and thinner cells. We have investigated the 



boron difision process as a new BSF formation technology using high throughput in-line type 
boron diffusion furnace. However the ARC is not necessary by optimization of the RIE texturing, 
the investigation will be focused on the passivation process combined use with like FGA at contact 
metallization. The high throughput separation of p-n junction is possible by plasma etching of 
stack cells. The high throughput one step process using RTP is the promising for the contact 
metallization [-lo]. 

heater quartz tube wafer 

unload * 
3 I I 

L b m m m m e * e . m  m . . m m . m * . m  

drive-in region diffusion region 
(N2 atmosphere) (POCL atmosphere) 

Figure 8 Schematic view of in-line type phosphorus diffusion fumace 

Table 6 Cell efficiency dependence on emitter diffusion throughput using conventional and in-line 
type of fumace 

furnace through~utbec ' cell] ~sc [d /crn~]  Isc [mA] Voc[mV] FF Efi.  [%I 

conventional 30 3 1.67 7125 602 0.776 14.80 

in-line type 1 1  3 1.82 7160 603 0.763 14.64 

Module costs are driven by direct materials, the junction box, the module £kames, glasses, EVA 
encapsulant and the backsheets. Both the developing the low cost materials and improving the 
module design are necessary for cost reduction. The new cover material which has long term 
durability with lower costs substitute for the glass, fimeless modules and roof or wall integrated 
material PV modules are also promising for cost reduction. 

CONCLUSIONS 
In order to produce GW PV modules, it is absolute requirements to attain lower cost. GW PV 

market does not exist without low cost technology. In order to produce GW modules, cost 

reduction by scale merit is very important. In addition, high eficiency is also very important. We 

have obtained high efficiency of 17.1% using 15cm X 15cm mc-Si substrate. Basic technologies to 

obtain high efficiency are as follows. 

1 .high lifetime mc-Si substrates lifetime: more than 40 micro sec. 

2 . 1 0 ~  reflectance structure reflectance loss: less than 6 % 

3 .high emitter sheet resistance sheet resistance: around 90 o W s q  
4.BSF 



5. bulk passivation 

6.fme emitter contact grid shadowing loss: less than 4.8 % 

On the base of high efficiency technologies, we should develop lower cost technologies. In 

order to attain low cost and high efficiency mc-Si solar cells, following developments are 
necessary. 

I simpler high efficiency cell process using thinner wafers 

2.development of high throughput process and equipment 

3 .lower cost materials of moduIe 
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Abstract 
To develop a technology of forming grooves for low cost cell production, a multi-blade 

wheel grinding method was investigated. The process time of groove formation on the surface 
of 1 Ox 10cm2 polycrystalline silicon substrate was reduced to 30seconds by newly developed 
high-speed groove formation machine. Junction and anti-reflection coating were simultane- 
ously formed by atmospheric pressure chemical vapor deposition(APCVD) technique was 
also investigated. For electrodes formation process, single firing method for both side elec- 
trodes made possible to simplify the firing process and to speed up from a conventional speed 
of 400mm/min to 5000rnm/min. 

1. Introduction 
Polycrystalline silicon solar cells are expected to realize much reduction of the cost in 

conjunction with the development of ingot making by the casting method[l]. A high conver- 
sion efficiency of 1 8.6%(lcm2 area) have been achieved by a process which involves impurity 
gettering and effective back surface passivation[2]. We reported a mechanical groove method 
for reduction of surface reflectance of polycrystalline silicon solar ce11[3] and then a conver- 
sion efficiency of 1 7.2% has been achieved for a 10 x 1 0cm2 V-grooved polycrystalline silicon 
solar cell with the basic structure as shown in Figure 1 [4]. And high throughput mechanical 
V-grooving technology is being reported for a practical application[5]. Doped spin-on d i f i -  
sion which makes simultaneous formation of TiOz anti-reflection coating and N+ diffused 
layer was established in 1980 as a low cost production technology[6]. Atmospheric pressure 
CVD method is suitable for continuous large area coating. There is a possibility of the new 
mass production technology. 

For the reduction of solar cell cost, it is necessary to introduce the new technologies 
based on high efficiency cell structure for larger scale mass production. 

This paper describes about the development of the basic technologies for high volume 
production such as speeding up of forming grooves, simultaneous formation of junction and 
anti-reflection coating, and speeding up of forming electrodes. 

2. Speeding up of cell surface groove formation 
Mechanical grooving technique is effective to uniform reduction of surface reflectance 

over all polycrystalline silicon solar cells. We have formed fine grooves on polycrystalline 
silicon substrates using a beveled single blade with a diameter of 50mm and a thickness of 
100rnrn to fabricate high efficiency solar cells applying a dicing machine. 

To develop a technology of forming grooves for high volume production, a multi-blade 
wheel grinding method shown in Figure 2 was investigated. V-shaped edges were sharpened 



-- 

. V-shaped grooves are formed on substrates with the wheel. Fine groove structure shown in 
Figure 3, with a pitch of 70mm and a depth of 70mm formed by the multi-blade wheel effec- 
tively reduces the surface reflectance and gives light trapping effect. Figure 4 shows cell short 
circuit currents and open circuit voltages for the table speed at grooving the silicon surface. 
TX for conventional texture etching and G for V-groove by a dicing machine are reference 
samples. In the case of 6dmin  table speed, almost same performances were obtained as the 
case using dicing machine. Multi-blade wheel grinding is suitable for high speed formation of 
grooves with precise shape. The process time of grooving on the surface of 1 O x  1 0cm2 poly- 
crystalline silicon substrate was reduced to 30seconds by the wheel with a diameter of 200- 
and a thickness of 28mm at 9000r.p.m and 6m/min of table speed. In view of more speeding 
up of grooving process, the optimum condition should be established synthetically. 

Etching time reduction for removing the surface damaged layer after grooving was stud- 
ied. As shown in Figure 5, the same level of conversion efficiency was achieved on the cell 
treated with an acid etching of loseconds as compared to conventional one treated with an al- 
kaline etching of Sminutes. As a result, the etching process time was substantially reduced. 

3. Simultaneous formation of junction and anti-reflection coating(ARC) 
A highest conversion efficiency polycrystalline silicon solar cell of l7.2%(lO x 1 0cm2) 

was obtained using thermal diffusion of POCIs following TiOz anti-reflection coating by at- 
mospheric pressure CVD. According to the cell process with doped spin-on diffusion source, 
etched silicon surface is coated with phospo-titanate glass(PTG) solution, followed by a d i f i -  
sion process to form N+ diffused layer and TiOz ARC simultaneously. But silicon substrates 
are processed one by one at spin coating of PTG solution. 

In order to form PTG film on large area of many silicon substrates through the low cost 
process, we have examined the formation of PTG film by atmospheric pressure CVD. There is 
a possibility of uniform formation for micro-surface structure of the substrate, for example, 
texture etching or groove formation compared with the spin coating method. 

Thermally decomposing titanium compounds and phosphorus compounds at atmos- 
pheric pressure, PTG film was deposited on silicon substrates with an in-line type apparatus at 
a temperature of 450°C By annealing the substrates at a temperature of 920'C, N+ diffused layer 
and T i Q  ARC were simultaneously formed. Figure 6 shows cell performances fabricated by 
various N' diffused layer formation methods. 1 for POC13 diffusion followed by deposition of 
TiOz ARC and 2 for spin-on PTG solution are reference samples. 3 for PTG film deposited by 
APCVD is a newly developed sample. In case of 2 and 3, Jsc was lower mainly because of 
higher surface reflectance but Voc was higher because of high surface carrier concentration of 
N' diffused layer. Relatively high conversion efficiency was obtained for the fist method 
even though Jsc was lower than that of a conventional cell mainly because of higher surface 
reflectance. 

4. Speeding up of forming electrodes 
The speeding up of electrode firing was investigated. Backside aluminum electrode and 

front side silver electrode were formed by screen printing and firing. The optimum fuing tem- 
perature of aluminum paste was about 750'13. That of silver paste was about 600t. Each paste 
has its own optimum firing temperature. So we used silver paste developed for a high firing 
temperature and investigated simultaneous firing of both fiont and back side printed elec- 
trodes. 

In the investigation of electrode simultaneous forming process, when the speed of metal 
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conversion efficiency as the one under conventional separate firing condition(400mm/min) 
was obtained. Using conventional furnace with mesh belt conveyor system, there was a limit 
in ability of speeding up of electrode fuing and the limit of belt speed was 2000mrn/min. Be- 
cause of a large amount heat capacity of mesh belt, the heat given fIom the lamps to silicon 
substrates was derived. It became possible to heat up the substrates effectively by newly de- 
veloped furnace with wire conveyor system of which heat capacity is small. Figure 7 shows 
the comparison of the optimum firing temperature at various belt speed using the furnace and 
conventional one. The optimum firing temperature is more than 30°C lower and the consump- 
tion of electricity can be reduced. It was clarified that reduction of heat capacity of the con- 
veyor system is important for the speeding up of electrode firing. Further speeding up was per- 
formed by above furnace. Table 1 shows the optimized firing temperature for higher conveyor 
speed conditions more than 3000mm/min in a high speed firing furnace. Using these optimum 
firing conditions, solar cells were made. Figure 8 shows the cell performances for each con- 
veyor speed. A reference processed cell characteristics(V) at 500ILlIXljmin is also indicates af- 
ter a ordinary furnace electrodes firing. As a result, the same level of conversion efficiency as 
the conventional one was achieved at a conveyor speed of 5000IXZXL1/min. 

5. Conclusion 
We have investigated basic technologies for high volume production. The basic tech- 

nologies of surface mechanical grooving and simultaneous formation of junction and ARC 
and high speed electrode firing for high volume production have been established. 
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ABSTRACT 

Single wafer processes are gradually replacing batch processes as the size of the silicon wafers 
continually increase. Of the potential single wafer processes, rapid thermal processing (RTP) is 
steadily emerging as a manufacturing technique. Traditional applications of RTP are implant 
activation, silicide formation and oxidation. Rapid Thermal Chemical Vapor Deposition (RTCVD) 
is a natural extension of RTP whch carries such promises as uniform deposition on large area 
wafers and controlled growth of ultra-thin layers with abrupt interfaces. In thls paper several 
novel processes are reviewed as examples to highlight key features of RTCVD. 

INTRODUCTION 
Continually increasing size of silicon wafers has introduced serious challenges for batch 

processing including across the wafer and batch uniformity, sharply increasing equipment costs 
and clean room real-estate. Single wafer manufacturing was proposed as a potential solution. This 
however required a para&gm shift and not surprisingly, the concept initially faced a strong 
resistance from industry. Nevertheless, it was not difficult to accept certain processes (eg. 
physical vapor deposition and reactive ion etching) as single wafer processes since some of these 
processes were already practiced as small batch or single wafer processes. However, a 
microelectronics factory based entirely upon single wafer manufacturing meant doing everything 
the new way which had to include such traditional processes as annealing, oxidation and chemical 
vapor deposition. For such processes, rapid thermal processing (RTP) was proposed. 

Rapid thermal processing, starting from its inception, has attracted considerable interest 
from universities and research laboratories. Publications from these institutions lead to a gradual 
but steady rise in our confidence level. This growing interest was also supported by several 
equipment manufacturers who constantly improved the RTP equipment. 

In a typical RTCVD reactor, the wafer is heated optically through a quartz window, 
providing thermal switching to initiate and terminate chemical reactions on the wafer surface in a 
matter of seconds. Thus, thin films with abrupt interfaces can be grown at high growth rates which 
is an important concern in single wafer manufacturing. The technique aims at minimizing the 



thermal budget instead of temperature. Satisfactory growth rates can be achieved at elevated 
temperatures while the process time can be controlled accurately down to a few seconds by means 
of temperature switching and computer control. 

In this paper, several thin film deposition processes are reviewed as examples to highlight 
key features of RTCVD. These processes are selective silicon epitax y , amorphous silicon 
deposition, rapid thermal etching and selective titanium di silicide deposition. 

RTCVD PROCESSES 

Low Temperature Selective Si Epitaxy 
As devices scale for ultra large scale integration (ULSI), the demand for advanced 

techniques that provide selective processing, low temperature processing and low defect densities 
is rapidly growing . Among these, low temperature selective epitaxial growth (SEG) is currently 
being considered for various novel applications in Si integrated circuit processing. At NCSU, we 
have developed ultra high vacuum rapid thermal chemical vapor deposition (UHV-RTCVD) as a 
new approach for low temperature Si epitaxy in single wafer cluster tools. The techmque combines 
a clean UHV environment with lamp heating in a wld wall growth chamber. 

Surface preparation is achieved by an ex-situ clean and a low thermal budget in-situ 
prebake. The ex-situ clean consists of a standard RCA clean and a dip in a 5% dilute HF solution 
that provides a hydrogen passivated surface. The final step of the ex-situ clean is a short rinse in 
deionized water which results in a partial loss of the hydrogen coverage. The in-situ clean consists 
of a low thermal budget prebake (<800°C/10 s) in vacuum. With this prebake, any oxygen 
contamination due to lack of 100% hydrogen coverage is removed via desorption and the resulting 
interfacial oxygen level at the epitaxylsubstrate interface is below the detection levels of secondary 
ion mass spectroscopy. As such, the process provides am efficient method for surface preparation 
with a thermal budget significantly lower than that used in conventional systems. The low thermal 
budget prebake relies on the capability to load the wafer at room temperature preserving the level of 
hydrogen coverage on the wafer surface. In contrast, in hot-wall reactors, the coverage is lost 

during wafer loading where the ambient is not 
sufficiently clean. 

In UHV-RTCVD. the Si source eas is w 

disilane (SizH6). In our experiments, we are 

using a mixture of 10% Si2H6 in H2 or He. 

This choice is based upon the high efficiency 
of Si2& compared to other commonly used 

epitaxial Si source gases such as silane 
(SiH4) and dichlorosilane (SiHzC12). By 

Figure 1. Epitaxial layer selectively grown by using Si2H6, growth rates compatible with 

UHV-RTCVD using Si2HdCl2 chemistry single wafer manufacturing can be obtained at 

lo3 
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Figure 2. Selective Si epitaxy growth rate as a 
function of chlorine flow at different growth 
temperatures. 

low temperatures (1 80O0C) and at low 
pressures (total pressure 1 30 mTorr). 
Operation at low pressures is helpful in 
minimizing the amount of contaminants 
introduced into the reactor by the process 
gases. A typical epitaxial growth is 
performed at 800°C/30 mTorr with a 
growth rate on the order of 150 nmlmin. 
Electrical characterization of these 
epitaxial layers indicate respectable 
generation lifetimes (5 100 ps). 

Realizing the need for a robust 
selective deposition process, C12 was 

added to the Si2H6 chemistry to provide 

a means to etch nuclei forming on Si02. 

By using Cl2 instead of HC1, the effect 

of chlorine is decoupled from hydrogen. We have shown that epitaxial layers can be grown with an 
excellent selectivity with very low Cl: Si ratios in the gas phase (5 1: 5). This is considerably lower 
than 2:l ratio of SiH2C12 even without HCl addition. Furthermore, because Si2H6 on achieve 

growth rates comparable to 
SiH2C12 at much lower pressures, 

the total CI in the system is also 
significantly reduced. Our results 
show that Clz introduces an 

extremely efficient Si etchng 
mechanism that proceeds via 
formation of SiC12. A typical 

cross-sectional transmission 
electron micrograph of an epitaxial 
selectively grown with respect to 
both Siq2 and Si3N4 is shown in 

Figure 1. 
For typical growth 

conditions, the effect of Cl2 on Si 

growth rate is negligible. 
However, at temperatures below 
750°C, a significant reduction in 
growth rate occurs due to C1 
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Figure 3. Epitaxial layers with abrupt boron profiles 
obtained by in-situ doping 
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Figure 4. Rapid thermal etching rate of silicon in chlorine 
as a function of chlorine flow rate at different 
temperatures. 

passivation of the Si surface. This is 
demonstrated in Figure 2. At and 
above 800" C, chlorine passivation is 
negligible unless a very hgh partial 
pressure of chlorine is used. Our 
optimum growth temperature is 800 
"C with a C12 flow rate of 2 sccm 
which provides excellent process 
selectivity with negligible loss in 
growth rate. 
We have also investigated growth of 
in-situ boron doped epitaxial layers 
using B2H6 as the source gas for 

boron. Our results indicate that a wide 

range of doping densities (1016 - 1019 

d) can be obtained. Abrupt doping 

profiles (both high-to-low and low-to-high transitions) can be readily obtained with the help of 
cold wall processing and temperature switching (Figure 3) which is a unique advantage of 
RTCVD. Our results indicate that boron incorporation is achieved through an equilibrium process 
with very little dependence on tempexatwe. Boron concentration is mainly determined by the B2H6 

partial pressure in the reactor. 

Pressure: 1.0 TOIT 
10% Si2H, in H2 

Deposition Temperature (O  C) 

Rapid Thermal Etching 
Pure C12 can be used to etch Si isotropically 

with excellent selectivity to Si@ and Si3N4. 

We refer to this technique as Rapid Themal 
Etchmg (RTE) which may have applications in 
Si prmssing where anistropic etching is not a 
requirement. The process requires temperatures 
high enough for Sic12 desorption (2 750°C) at 

sufficiently low C12 partial pressures to avoid 

surface passivation (Figure 4). Etch rates as 
high as 500 nmlmin are possible at 8000C 
requiring the rapid temperature switching 
capability of RTP to start and stop the etching 
process. 

Figure 5. The effect of deposition temperature on 
RMs roughness of silicon deposited on si@ Amorphous Silicon Dewsition 
using S i 2 k  Low pressure chemical vapor deposition 



(LPCVD) of smooth polycrystalline Si films on S i q  is highly desirable in CMOS ultra large scale 

integration. In conventional, hot-wall, LPCVD furnaces, very smooth films are obtained via 
amorphous silicon (a-Si) deposition using SiH4 requiring deposition temperatures below 

approximately 580°C, the transition temperable from amorphous to polycrystalline structure. 
To meet the throughput requirements of single wafer manufacturing in RTCVD reactors, 

polysilicon is deposited at temperatures r 700"C, well above the arnorphouslpolycrystalline 
transition temperature yielding ms roughness figures on the order of 10 nrn for approximately 200 
nm thick pdysilicon films.The efficiency of Si2H6 is also helpful in depositing smooth amorphous 

silicon films on Si@ at low temperatures (s 600°C) at rates compatible with single wafer 

manufacturing. For these depositions, higher pressures (- 1 Torr) are used to achieve acceptable 
deposition rates. Growth rates on the order of 50 nmlmin can be obtained below 600OC. These 
films are amorphous in nature with surfaces approaching atomic roughness levels (Figure 5). 

Selective TiSi7 Deposition 

Selective rapid thermal chemical vapor deposition (RTCVD) of TiSi2 is a promising 
alternative to the conventional self-aligned silicide (SALICIDE) process to form low-resistivity 

Figure 6. A typical scanning electron micrograph of a 
selectively deposited TiSi2 layer. 

contacts to ultra-shallow sourceldrain 
junctions of deep submicron MOS 
transistors. The process makes use of 
TiC14 and SiH4 as the Ti and Si source 
gases in a temperature range of 750 - 
825 "C. The primary advantage of the 
process over the conventional 
SALICIDE process is that by providing 
sufficient levels of Si from the gas 
phase, junction consumption can be 
eliminated. Furthermore, the process 
eliminates a wet etch and reduces the 

, 

number of process steps from four to 
one. The process exlubits excellent 
selectivity to deposited insulators. On 

boron doped silicon, process can be easily optimized to achieve consumption free deposition. 
Boron doped junctions with excellent electrical behavior can be obtained with silicide layers as 
thick as 100 nm. On arsenic implanted Si, we have observed resistance to nucleation as well as 

enhanced silicon consumption at arsenic levels above 1x1020 cm-3. Methods to overcome this 

"arsenic effect" are currently under investigation. 
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Abstract 

The high production cost of thick high-efficiency crystalline silicon (c-Si) solar cells inhibits 
widespread application of photovoltaic devices whereas amorphous silicon (a-Si) suffers inherent 
instability and low efficiency. Thus, crystalline thin film Si solar cell can likely offer a long term 
solution for low cost but high efficiency modules for most applications. This paper reviews the 
progress in thin film Si solar cell development over the last two decades including thin film 
crystal growth, device fabrication, novel cell design, new material development, light trapping, 
and both bulk and surface passivation. Quite promising results have been obtained for both large 
grain (>100pm) pc-Si material and the recently developed pc-Si materials. A novel multijunction 
solar cell design provides a new approach to achieve high efficiency solar cells fiom very modest 
materials. Light trapping is essential for high performance thin film Si solar cells. This can be 
realized by incorporating an appropriate texture on the substrate surface. Both bulk and surface 
passivations are also important to ensure that the photogenerated carriers can be effectively 
collected within the thin film device. 

Introduction 

In the long term it is likely that thin film solar cells will displace bulk crystalline silicon (c-Si) 
devices for most applications[ 1 1. The thin film technology that ultimately dominates will be 
dependent on not only cost but also efficiency. It is unlikely that any photovoltaic technology will 
compete with conventional sources in large-scale grid-connected applications unless the 
photovoltaic module costs can be reduced well below US$l/Wp while simultaneously achieving 
efficiencies at least as high as the present leading commercial wafer technologies in the vicinity 
of 15%[2]. 

Increased interest is now being shown worldwide in developing thin film c-Si solar cell 
technologies[3]. Many years ago, c-Si was discounted as being viable for thin film solar cells due 
to its relatively poor absorption. However, it is now well recognized that c-Si' s poor absorption is 
no longer an issue provided light trapping is incorporated. More specifically, an optical 
pathlength in excess of 100 pm together with close to 100% internal quantum efficiencies for all 
photogenerated carriers is probably essential to achieve the long tern efficiency goal of 15% 
photovoltaic modules. This rules out the option of using low cost substrates of the same or similar 
refractive index to silicon due to the apparent inability to prevent large amounts of light 
penetrating into the non-active substrate material. Similarly, it appears unlikely that schemes 
relying on progressive enhancement of material quality through continued growth, with the 
device then formed into the upmost high quality regions, will achieve the long term efficiency 
goals due to the same problem of light penetrating into non-active regions of the silicon. 



The research and development of polycrystalline silicon (pc-Si) thin film solar cells on low cost 
substrate dates back to the early 1970s[4]. In the 1970s and early 1980s, the effort of research 
activities aimed at producing large grain size pc-Si thin film material on low cost substrates were 
based on the belief that the grain size in the thin film silicon needs to be at least two times greater 
than the film thickness to produce high performance solar cells. For cell thiclmess around 20 to 30 
pm, the grain size has to be at least 50 pm to meet the requirement. Thus, technology development 
emphasized-large grain size thin film silicon materials. Correspondingly, the substrates being used 
in the early days generally were compatible with the high temperature silicon film growth processes. 
Such substrates included metallurgical grade (MG) silicon sheet[5,6], stainless stee1[6,7], 
graphite[l], ceramics a .  quartz glass[9]. A number of growth techques were used to deposit 
silicon films on these substrates, including zone melt recrystallisation (ZMR)[10,11], dipping into 
molten silicon[ 121, electrodeposition[l3] and plasma spraying [l4]. Most of the substrates and film 
deposition techniques were abandoned due to the lack of commercial viability. The techniques 
remaining under development to date include ZMR and plasma spraying and are reviewed here 
together with development in recent years. 

Progress in Thin Film Silicon Solar Cell Technologies 

I .  High temperature thin f lm silicon crystal growth 

The ZMR technique was developed since the 1960s in an effort to produce good-quality silicon thin 
films on insulators for integrated circuit applications[l5]. ZMR involves the recrystallization of a 
film by heating and moving a narrow molten zone across it. A range of energy sources have been 
used for the ZMR of silicon (and other semiconductor) thin films, including laser beams, incoherent 
light sources, strip heaters, electron beams and radio-frequency (RF) heaters. In all these versions of 
ZMR, more-or less- crystallographically oriented Si films were prepared with corresponding grain 
sizes up to several millimetres wide and several centimetres long. An inconvenient but necessary 
complication for these approaches is the use of a dielectric capping layer, such as silicon dioxide or 
silicon nitride, to protect the molten silicon fiom balling up during ZMR if a substrate with poor 
wettability with silicon is used. 

A group at Mitsubishi started the development of thin film cells from Si deposited onto oxidized Si 
wafers using this method in the early 1990s. The aim is to produce a good crystallinity silicon buffer 
layer on the oxide substrate by ZMR and subsequently to fabricate thin film solar cells by successive 
deposition of p- and &type layers in conjunction with appropriate hydrogen passivation of the grain 
boundaries. Efficiencies up to 16% have been demonstrated by this approach over a cell area of 100 
cm2 and cell thickness of 77 pm[16]. The project aims at the development of a process that re-uses 
the oxidized Si wafer using the VEST technique (Vias Etching to Separate Thin Film from the 
Substrate)[l7] and subsequently bond the film to a cover glass. A 5x10cm2 test solar cell using this 
approach reached an efficiency of 1 1 .8%[18]. Mitsubishi are aiming at a module cost of US $2Np 
by the year 2000 using the VEST process. 

At the recent 14th European PV Conference, 11.0% efficiency was reported for a 30 pm thick thin 
film silicon solar cell deposited onto Sic coated graphite substrate using ZMR and CVD epitaxtial 
depositions by ASE and fabricated into a solar cell by the Fraunhofer Institute[l9]. 

Astropower Corp., USA, is perhaps the only organization which has developed the ZMR based thin 
film silicon solar cell process on a ceramic substrate beyond the laboratory scale. The composition 
of the ceramic and details about the deposition process are not yet disclosed. The best independently 



confirmed cell efficiency of a lcm' cell is now 15.6%[20]. In the most recent publication, 
Astropower reported 1 1.6% efficiency for a 675 cm2 monolithically-interconnected module[2 11. 

Tonen Corporation, Japan, has deposited pc-Si films using plasma spraying method which allows 
for extremely high deposition rates exceeding 10 pdsec  and produces grains of more than 20 pm in 
size[l4]. Daido Hoxan Inc., Japan[22] is continuing this process and is able to achieve grain sizes of 
up to 5mm%lOmm. The thickness of the layer is around 500pm. Most as-grown sheets showed a 
minority diffusion length of over 20pm. With post-growth gettering and hydrogen passivation, the 
minority diffusion length was improved up to 58.9pm. A 1.05cm2 test cell showed a conversion 
efficiency of 10.7%. 

Low-temperature deposition techniques, well below the melting point of silicon, have attracted 
considerable attention since the 1980s for the formation of thin c-Si layers. Reduced impurity 
incorporation, compatibility with a wider range of substrate materials and reduced thermal 
expansion mismatch between the layers and the substrate are possible benefits of the low growth 
temperatures achievable with solution growth, a process similar to liquid-phase epitaxy. Bamett et 
a1.[23] have demonstrated large-grained (>I00 p) continuous pc-Si thin films on steel, quartz and 
ceramic substrates fiom tin solutions at temperatures around 900°C. 

The first activities to grow Si on glass by solution growth were started several years ago in the 
Photovoltaic Special Research Centre at University of New South Wales, Australia. The Sn based 
alloys with additions of A1 and Mg were used to initiate nucleation by reducing SiO, on the glass 
surface. Nucleation was improved by depositing Si near the softening point of the glass by quasi- 
rheotaxie. Continuous pc-Si thin films on glass, with grain sizes up to 5 mm2 and covering an area 
of 15 cm2, were demonstrated by low temperature solution growth (below 800°C)[24, 251. 

Max-Planck Institute fiir Festkorperforschung at Stuttgart deposited Si on quartz and glass 
substrates kom GdAl alloys by using an Al-Si interlayer on top of the glass substrate and maximum 
grain size above 100 pm was obtained[26]. They recently also reported on the growth of pc-Si and 
pc-SiGe layers on glassy substrates from metallic solution in a centrifuge and tipping boat system. 
High speed spinning of the metallic solution in a centrifuge system overcomes surface tension and 
injects the metallic solution into the pores of a porous substrate. Si nucleation occurred in the pores 
upon cooling the solution and continuous pc-Si and Si-Ge layers were obtained by this method. The 
Si layers grown from IdAl solution exhibited much lower doping concentration (30-60a-cm) using 
this technique[27]. 

Similar to the solution growth technique, SUNY (State University of New York) at Buffalo reported 
on the growth of pc-Si layer on glass or Ti coated glass substrates using the vapor-liquid-solid 
process[28]. A thin prelayer of In or Sn was initially deposited on the substrate, followed by the DC 
sputtering of Si at substrate temperature around 700OC. During Si deposition, the metal is initially 
saturated with Si and subsequently becomes supersaturated with Si and thus Si solidification occurs. 
The Ti-In prelayer produced grain size above 25 pm and a lifetime of about 0.3 ps while a Sn 
prelayer only produced sub-micron grain size with a lifetime of 6 ps after hydrogenation, as 
measured by photoconductive decay. 

2. Low temperature crystallization techniques 

The recent effort directed at producing active-matrix liquid crystal displays based on pc-Si thin film 
on glass has resulted in significant progress in developing pc-Si thin films on glass at low 



temperatures (<60OUC)[29]. Laser crystallization of a-Si using excimer lasers has shown great 
potential to produce high quality pc-Si materials although the material is usually fairly thin 
(<~ooOA) due to the small absorption depth at W wavelength. The crystallization process and grain 
size is strongly determined by the hydrogen content in the a-Si film, pulse energy, number of pulses 
and substrate temperature. Multiple pulses are usually used in the process, with the first few pulses 
to dehydrogenate the a-Si sarnple[30] and the following pulses to crystallize the material. Large 
grained PC-Si is usually obtained by using such multiple pulses or keeping the substrate at high 
temperature during laser crystallization. The former approach continuously increases the grain size 
by multiple melting and resolidifjmg the Si filrn[31]. During this process, the small grains and 
defective crystals were melted and swallowed up by the surrounding big grains. The latter approach 
reduces the temperature gradient across the film hclcness and thus the solidification rate is reduced, 
whlch results in a grain growth enhancement[31]. Although this technique may not be able to 
produce thick Si layer (>5000 A) for thin film solar cell applications, it will certainly provide a good 
quality crystal seeding layer. 

Solid phase crystallization (SPC) is another low temperature process being developed in the 
recent years for active-matrix liquid crystal displays. The first attempt at using this technique for 
thin film Si solar cell application is by Sanyo Corp., Japan. Sanyo uses SPC to produce pc-Si thin 
films on textured glass using a ''partial doping" technique[32]. A thin layer (2000 A) of heavily 
phosphorus doped (-10~~1crn~) silicon was initially deposited on the glass substrate, followed by 
an intrinsic a-Si:H deposition with a thickness of 10 pm. The film was then annealed at 600°C in 
a N, ambient for 10 hours. A uniformly doped pc-Si film, with grain sizes up to 6 pm, was 
obtained on glass with an electron mobility of 623cm2/Vsec. An unconfirmed conversion 
efficiency of 8.5% was reported for a thin film silicon solar cell based on this approach. 
Subsequent refinements have increased this value to 9.2% (also unconfirmed)[33]. 

Max-Planck Institute at Stuttgart has investigated a similar approach to produce the pc-Si seeding 
layer on a unspecified home-made high-temperature glass substrate. The intrinsic or phosphorus 
doped a-Si precursor layer was deposited using a disilane based LPCVD process, which is known 
to produce large grain size pc-Si after SPC. The pc-Si layer after SPC exhibited grain sizes up to 
7 prn. A photovoltaic active layer with thickness about 3 pm was then epitaxially deposited on 
the pc-Si seeding layer. The device exhibited a Voc of 370 mV after hydrogen passivation. The 
poor device performance was attributed to high recombination at grain boundaries[34]. 

Selective SPC is an approach which has the potential to achieve large grain size and controlled 
grain boundary locations in thin film Si material. Selective SPC has been reported to be achieved 
by selectively Si self-implantation[35], selective metal deposition to create metal induced 
nucleation spots[36] and selectively laser crystallisation to produce controlled nucleation 
spots[37]. Large grain size up to 25pm has been reported for thin film pc-Si by using metal 
induced selective SPC. However, the upbound of grain size is limited by the bulk nucleation in 
the Si film. 

3. Recent development in thin fiEm p c-Si Solar Cells 

In the recent years, microcrystalline silicon has been successNly produced by PECVD (plasma 
enhanced chemical vapor deposition) and HWCVD (hot wire CVD) deposition using hydrogen 
diluted silicon precursor gases such as SiH4, Si2H6 and SiF,. Atomic hydrogen serves two 
fimctions during deposition, namely etching off defective silicon material[38] and enhancing 
surface mobility of the incoming silicon atoms from the plasma[39]. A ordered crystalline 



structure is obtained. Microcrystalline silicon has been widely applied as the window layer for a- 
Si:H solar cells and for c-Si based heterojunction solar cells. 

Since 1994, encouraging cell efficiencies have been reported for pc-Si thin film solar cells 
deposited on glass by Kaneka and the University of Neuchatel. Kaneka's approach[40] was to 
initially deposit a very heavily n*-type thin layer (0.3 pm) of a-Si:H on glass (Corning 7059). 
This layer was subsequently crystallized using an excimer laser. The resistivity of the crystallized 
layer is around 5mS2cm which is low enough to be used as an electrode. Kaneka wanted to use 
this laser crystallized poly-Si layer for two purposes, namely as a back contact of a solar cell and 
as a nucleation layer for M e r  Si deposition. More silicon, up to 4pm, was then deposited using 
PECVD. Although the n* layer has no seeding effect on the following Si deposition, it does 
affect the crystalline quality and surface texture of the subsequent silicon layer deposition. The 
emitter of the cell is formed by a p-type pc-Si deposited on the poly-Si followed by IT0 
transparent contact deposition. The poly-Si layer was deposited using PECVD at substrate 
temperatures from 400-600°C with a deposition rate up to 25 h e c .  The emitter was deposited at 
a temperature of 200°C. The total thickness of the solar cell device is about 3.6 pm. Recently 
Kaneka reported a cell efficiency of 9.4% for a 1 cm2 cell using this approach with Voc of 480 
mV, Jsc of 26.1 rnA/cm2 and FF of 75%. They attributed the high Jsc to the low doping level, 
-1 ~ ' ~ / c r n ~ ,  of the device as well as the textured surface of the device. The effective minority 
carrier's diffusion length (Len) is far above 10 pm whlch is more than twice of the film 
thickness. The effective optical thickness of the device is about 70 pm. 

The university of Neuchatel[4l] has developed pc-Si thin film cells and "micromorph" a- 
Si:Wp-Si:H tandem cells using a very high fiequency glow-discharge (VHF-GD) technique. 
The VHF-GD process at 70 MHz and at higher plasma excitation frequencies favours the quality 
of pc-Si:H compared to the use of a standard RF glow discharge at 13.56 MHz. Figure 1 shows, 
in particular, the optical absorption of pc-Si:H deposited by VHF-GD at an excitation fkequency 
of 70 MHz. 

Fig. 1 Absorption spectra of a pc-Si:H film characterized by PDS and by CPM. The film is 
deposited on Corning glass. For comparison, the spectra of amorphous and crystalline silicon are 
added[4 11. 



In contrast to all previous work performed on pc-Si:H, a more pronounced absorption edge is 
observed for pc-Si:H deposited by VHF-GD. The energy gap deduced is about 1 eV. Compared 
to a-Si:H and c-Si, the absorption edge of pc-Si:H is shifted to the infrared, into the vicinity of 
that of c-Si and the remaining subband-gap absorption turns out to be rather low. The overall 
absorption of PC-Si:H is increased over the whole spectrum used for photovoltaic energy 
conversion.-p he pc-Si:H p-i-n cells were deposited using strongly hydrogen diluted silane plasma 
at substrate temperatures about 220'~. As the undoped PC-Si:H exhibits a strong n-type character, 
adding small amount of diborane to the feed stock gas during deposition was necessary to obtain 
intrinsic pc-Si:H (microdoping). The microdoping process is eliminated by introducing a gas 
purifier and thus a truly intrinsic pc-Si:H is obtained. This leads to a remarkable increase of the 
spectral response at long wavelength. A total thickness of 3.6 pm p-i-n pc-Si:H cell exhibited an 
u n c o n h e d  energy conversion efficiency of 7.7% over an area of 0.33 cm2, with Voc of 448 
rnV, Jsc of 25.3 m.Alcm2 and FF of 68%. The high current density for such a thin cell is attributed 
to the higher absorption coefficient of pc-Si:H over the whole spectrum. The micromorph a- 
Si:Wpc-Si:H tandem cell exhibited an energy conversion efficiency of 13.1% over an area of 1 
cm2[41]. 

4. Multi-junction thin jZm Si solar cells 

A novel parallel multijunction thin film Si solar cell was proposed at the Photvoltaic Special 
Research Centre, University of New South Wales, Australia[42]. The multijunction solar cell 
provides a new approach for achieving high efficiencies from poor quality material, with near 
unity collection probabilities for all generated carriers achieved through appropriate junction 
spacing. Heavy doping is used to minimize the dark saturation current contribution from the 
layers, therefore allowing respectable voltages and producing high lateral conductivity. The 
multijunction structure also has higher tolerance to grain boundaries than the single junction 
device. Figure 2 shows the schematic of the impact of both vertical and horizontal grain 
boundaries on both single junction and multijunction devices, in which all regions in closer 
proximity to a grain boundary than a junction, are considered inactive and therefore shaded. Quite 
clearly the multijunction structure has far greater tolerance to grain boundaries in terns of current 
collection than a conventional single junction device. Figure 3 shows an EBIC micrograph of a 
multijunction thin film Si solar cell. The inactive area along the vertical grain boundary is 
confined in the region in the immediate vicinity as outlined in Fig. 2c. 

Fig. 2 A schematic of the impact of both vertical and horizontal grain boundaries on both 
single junction and multijunction devices, in which all regions in closer proximity to a grain 
boundary than a junction, are considered inactive and are shown shaded. 



Rg3. Higher magnification EBIC image (20kV) of a vertical grain boundary in an 
experimental multijunction device. The electron beam is incidentally at 90' to the cleaved 
surface. 

Pacific Solar Pty. Ltd., Sydney, Australia, a joint venture between the Unisearch Ltd, the 
commercial a m  of the University of NSW, and Pacific Power, a leading Australian electricity 
utility, is developing the multijunction thin film Si solar cell technology as a commercial product. 
Figure 4 shows a working prototype of the product being developed at Pacific Solar. 

FLe. Series interconnected thin-film silicon prototype sub-module (1 Scmx 15cm) fabricated 
by Pacific Solar. 

Other Issues for Thin Film Silicon Solar Celb 

I .  Light trapping 

Thin film c-Si solar cells can achieve high efficiencies only if light trapping can be used to give a 
long optical path length, while simultaneously achieving near unity collection probabilities for all 
generated carriers. Light trapping offsets the relatively weak absorption of light in the near 
bandgap region of Si by maximizing the optical path length of light within the device. The 
methods of light trapping can be divided into three categories, namely, randomizing or 



Lambertian scheme and geometrical schemes. Goetzberger[43] showed that the fiaction of light 
reflected by total internal reflection at the illuminated surface is equal to 1-l/n2, where n is the 
refkactive index of Si (-3.4). He pointed out that the fiont surface is highly reflective to 
Lambertian distributions of light, reflecting about 92% of incident light by total internal 
reflection. Yablonovitch showed that weakly absorbed light of Lambertian distribution travels an 
effective path length of 4n2 times the physical thlclkness of a non-absorbing layer. This path 
length enhancement is about 50 times for Si. Randomizing texturing can be achieved by a number 
of methods including sand blasting, "natural lithography7'[44], porous etching[45], rapid thermal 
processing of an aluminum-Si interface[46], or by the use of random textured ancillary dielectric 
layers such as Zn0[46] or Sn02[47]. 

Geometrical light trapping scheme is relatively easy to form on single c-Si surfaces by taking 
advantage of the orientation dependent etch rates generated by alkaline solutions. Common 
textures include 54 degree pyramids, inverted pyramids, slats and perpendicular slats. The Max- 
Planck Institute[48] reported a light trapping scheme of thin film pc-Si solar cells on glass using 
the so called "Encapsulated-V texture" with a back surface reflector. The experimental realization 
of the Encapsulated-V texture and ray tracing simulations showed that a maximum short circuit 
current density of 35 mNcrn2 is feasible for a c-Si cell with a layer thickness of only 4 pm. This 
large current is primarily due to the shallow groove angle that reduces fi-ont surface reflectance 
and increases the active Si volume, and the detached back surface reflector. The University of 
New South Wales, Australia[49] developed a conformal light trapping scheme by conformally 
depositing Si on substrates textured with feature sizes greater than the film thickness. Ray tracing 
studies showed that 3D textures can provide a significant advantage over grooves, and with small 
enough features can out-perform Lambertian light trapping. Excellent antireflection properties 
and re-entry of escaping rays are responsible for the good performance. The reduced scatter with 
large textures can be compensated by adding a mildly scattering sub-facet microtexture. 
Reflectance measurements of a conformal a-Si:H film show good agreement with predictions. 

2. Bulk and surface passivation 

Hydrogen passivation or hydrogenation is widely used in research as well as in commercial 
fabrication of solar cells and thin film transistors (TFT). Hydrogen passivation has been shown to 
be an effective method for the reduction of the activity of the defects and grain boundaries. 
Hydrogen introduced into pc-Si is reported to diffuse in the positive charge state (H') and 
enhance the electrical conducctivity[50]. The hydrogenation results in a decrease of the defect 
activity, thereby improving the electrical properties of the materials and devicesL51-541. The 
dangling-bond density is reported to decrease as a function of hydrogenation time to a residual 
saturation value that strongly depends on the passivation technique and passivation temperature. 
One of the most thoroughly investigated hydrogenation methods, so far, has been to immerse the 
pc-Si sample in the plasma produced by an RF glow discharge based on parallel plate reactor [55- 
571. Another method is by immersing pc-Si sample in an electron cyclotron resonance (ECR) 
plasma [57, 581. In both RF and ECR plasmas, the introduction of hydrogen into the device is 
accomplished through plasma-ion penetration and bulk diffusion. The rate of ion penetration is 
dependent on the plasma-ion density. An RF hydrogen plasma typically has an ion density of 
n p l ~ ~ / c m ~ ,  while for ECR hydrogen plasma, density can be as high as ni=lol l/cm3. During 
hydrogenation, the pc-Si is usually kept near 300-450°C to enhance hydrogen diffusion. The 
relatively low ion densities characteristic of RF plasmas necessitate long processing times. While 
an ECR plasma has a higher ion density, the sheath potential limits the hydrogen ion current to 
the pc-Si devices, which also prolongs processing time. Plasma ion implantation (PD) is reported 



to provide adequate hydrogenation of pc-Si within a short processing time [59, 601. The PI1 
process is performed by repetitively applying a large negative voltage pulse to a wafer placed in a 
hydrogen plasma. Hydrogen ions are accelerated by the target potential and implanted into the 
sarn le. Ion energies can range fiom 1-100 keV with average ion flux densities as high as 

12' 10 / ~ m - ~  sec-l. The primary mechanism for the introduction of hydrogen into the device is ion 
implantation and additionally ion penetration takes place between the pulses. All these effects 
tend to enhance dose rates over methods which rely on surface penetration and bulk diffusion. 

Surface passivation is frequently mentioned as being far more important than the bulk material 
quality in thinner devices. Low temperature surface passivation has been extensively studied by 
using PECVD deposited SiN[6 1, 621. Significant progress in low temperature surface passivation 
of c-Si solar cells has taken place using SiN layer deposited in a remote PECVD system. Surface 
recombination velocities as low as 4 cm/s on polished 1.5 Qcm FZ p-type Si wafers have been 
demonstrated by this approach[63]. In addition, growing interest has been shown in making use 
of phosphorus-doped surfaces on both the fiont and rear, owing to the resulting improvement in 
the effective surface passivation. 

Conclusion 

There has been increased research and development activities directing at developing thin film c- 
Si solar cells in recent years. The medium to high temperature processing technologies, including 
ZMR plasma spray and solution growth, are able to produce pc-Si materials with grain size 
greater than 100pm. Conversion efficiencies above 10% have been demonstrated by solar cells 
fabricated using these approaches. With advent of pc-Si liquid crystal display (LCD) technology, 
low temperature crystallization technologies such as laser crystallization and solid phase 
crystallization (SPC) were developed to produce pc-Si materials on glass substrates. The grain 
size obtained by these techniques is much smaller than those produced by higher temperature 
liquid phase approaches. However, quite respectable efficiencies up to 9.2% have been reported 
for the cell fabricated upon SPC materials. 

There is significant difference in opinion as to the quality of pc-Si material which is required to 
achieve high performance thin film solar cells.' Quite reasonable efficiencies, up to 9.4% have 
been reported for thin film pc-Si solar cells deposited on glass by PECVD fiom heavily hydrogen 
diluted silane gas. A recently developed multijunction solar cell structure provides a new 
approach to achieve high efficiencies from very quality material, with near unity collection 
probability achieved through the appropriate junction spacing. 

Light trapping is essential for thin film Si solar cells. Both theoretical calculations and 
experimental measurements indicate that appreciable current (above 35mA/cm2) can be achieved 
for a thin c-Si film (4p.m) deposited on an appropriately textured glass substrate. 

Hydrogenation is an effective way to passivate grain boundaries and defects present in thin film 
Si materials. Both majority carrier mobility and minority carrier lifetime can be significantly 
improved by this process. Deposition of SiN on Si by PECVD is a promising low temperature 
surface passivation approach which is quite suitable for surface passivation of thin film Si solar 
cells deposited on low temperature substrates such as glass, although the surface passivation can 
be effectively achieved by using heavily doped n+ or p+ surface. 
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on Glass Substrate Fabricated at Low Temperature 
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ABSTRACT 

The optical confinement effect of a thin film poly-Si solar cell on a glass substrate fabri- 
cated by plasma chemical vapor deposition (CVD) at low temperature has been investigated for 
a cell thickness of less than 5 pm. The structure of the cell is glass / back reflector I n-i-p poly- 
Si / IT0 I Ag grid. The cell with a thickness of 3.5 prn demonstrated an intrinsic efficiency of 
9.8%, as independently confirmed by Japan Quality Assurance. The cell is well characterized by 
the structure of naturally surface texture and enhanced absorption with a back reflector (STAR). 
The optical confinement effect of the cell with STAR structure explains both the excellent high 
short circuit current density of above 27 mA I cm2 for the 4.7 pm thick cell and the markedly 
high quantum efficiency at long wavelength light as determined through PClD analysis. At 1.5 
pm-thick cell, the short circuit current density strongly depends on the surface feature of back 
reflector. Both quantum efficiency and reflectance at long-wavelength light of the cell are well 
correlated to the surface features of the cell. Our newly developed a-Si:Wpoly-Silpoly-Si three- 
stacked solar cell exhibits the stabilized efficiency of 1 1.5 %. 

1. INTRODUCTION 

The use of thin-film polycrystalline silicon (poly-Si) for solar cells is one of the most 
promising approaches to realizing both high perfomance and low cost. Several thin film silicon 
growth techniques for solar cells have been reportedrl-91. Our aim is the fabricate a thin-film 
poly-Si solar cell on a glass substrate as is the case with an a-Si:H solar cell to realize a cost- 
effective and high-performance solar cell. Developing a low-temperature process for fabricat- 
ing high-quality poly-Si thin films is essential for this purpose. We had been developed a novel 
low temperature process for fabricating thin-film poly-S i solar cell on glass substrates[ 1-41. We 
demonstrated the excellent short circuit current density of thin film poly-Si solar cell (2-8 pm 
thick) on glass substrate despite of the low temperature fabrication[l-41. It is a key issue for thin 
film poly-Si solar cell design achieving a high efficiency to enhance optical absorption since it 
enables the short circuit current density to be sufficiently high even in a few micron thick thin 
film poly-Si solar cell, which leads to cost reduction for the fabrication of poly-Si films. How- 
ever there have been few reports on experimental studies of light trapping in a few micron thick 
thin film of poly-Si solar cell[lO]. 

Here we report on the clear demonstration of enhancement of optical absorption of a thm 
film poly-Si solar cell. We would like to introduce our thin film poly-Si solar cell with "STAR 
Structure", which means that the cell structure and properties are well characterized by naturally 
surface texture and enhanced absorption with a back reflector. The optical confinement effect of - 
a thin film poly-Si solar cell with STAR structure has been systematically investigated[ll]. We 
have further studied the effect of surface feature by analyzing the quantum efficiency curve and 
reflectance. Moreover the performance of a new type of three stacked solar cell is demon- 
strated. 

2. EXPERIMENTAL 

A summary of the cell fabrication process follows. After the formation of the back re- 
flector on a glass substrate, n-poly-Si films were deposited on it by plasma CVD or an improved 



plasma CVD process[l2]. Next, intrinsic(i) poly-Si film as an active layer was deposited on it 
by plasma CVD at a substrate temperature of less than 550°C. Ap-n junction was formed by the 
deposition of p-type PC-Si:H. IT0 was deposited on the solar cell as the transparent electrode. A 
Ag grid electrode was formed on top of the ITO. All fabrication processes were carried out with 
a maximum process temperature of less than 550°C. We believe that the i-layer has a slight n- 
type character since it is deposited on an n-type layer and the resulting impurity of i-poly-Si is 
thought to be oxygen[6]. Moreover the carrier concentration of i-layer would be around 1x 1016 
cm-3 as discussed below. Further investigation is needed. The diffusion length of our cell was 
determined by the intercept from the linear extrapolation of inverse surface photovolta e (SPV) F vs light penetration depths for 670 nm and 980 nm under constant photon flux of 101 lcm2sec. 

3. RESULTS AND DISCUSSION 

3.1 The performance of thin film polySi solar cell with STAR structure. 

Figure 1 shows a schematic view of our thin film poly-Si solar cell with STAR structure. 
One of the characteristics of this cell is its natural surface texture. We have found that the surface 
features (texture) of poly-Si film can be changed in situ by control of the process conditions. An 
AFM image of the top surface of our poly-Si solar cell with STAR structure shows dendrite-like 
morphology with a surface roughness of the order of 0.2 pm for around 4pm thick cell. This 
surface texture would be expected to facilitate the optical confinement. In particular reflection 
control by texturing is one of the most important technologies for increasing the short circuit 
current density of thin film Si solar cells. Another characteristic of our thin film poly-Si is 
expressed by the columnar structure and strong (1 10) preferred orientation as determined by 
XRD measurement (see Fig. 2). In TEM analysis, no clear grain boundary was observed perpen- 
dicular to the growth direction[l]. It is expected that the structure of our poly-Si film is prefer- 
able for solar cells of which the carrier passes along a direction perpendicular to the substrate 
and that the grain boundary is well passivated by the hydrogen during the deposition of poly-Si 
by plasma CVD at low temperature. It was confirmed that the effective diffusion length which 
was estimated from the calculated inverse quantum efficiency[l3] near the wavelength of 700 - 

STAR structure 

*g \ 
IT0 ,, 

r' Surface Texture p PC-Si 

i poly-Si I 

n poly-Si , 
Back reflector 

glass 

Fig. 1. Schematic view of our proposed thin film 
poly-Si solar cell with STAR (naturally Surface 
Texture and enhanced Absorption with back Re- - 
flector) structure. 
Note that the cell structure are well characterized 
by the surface textured feature and back reflector, 

Fig. 2. XRD spectrum of thin film poly- 
Si on glass substrate fabricated by 
plasma CVD. 
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Fig. 3. The performance of the 3.5 pm-thick poly-Si solar cell with STAR structure confirmed 
by Japan Quality Assurance (JQA) and measurement conditions. 
Eff IN and Eff AP represent the intrinsic and aperture solar cell efficiency, respectively. The 
discrepancy between the intrinsic and aperture efficiency comes from the Ag grid electrode on 

800 nm is longer than that of the cell thickness[ 1 - 
4,111. 

The performance of the 3.5 pm thick our 
poly-Si solar cell with STAR structure is shown 
in Fig. 3, and was independently confirmed by 
Japan Quality Assurance (JQA). We have ob- 
tained a short circuit current density (Jsc) of 
26.12 mA./cm2 and an open circuit voltage (Voc) 
of 0.480 volt. Prominently high Jsc of the 3.5 
pm thick solar cell was obtained, while the Voc 
was fixed to the quite low value of 0.480 V. As 
mentioned in previous reports [ 1-41? the low Voc 
is plausibly explained by the leakage current of 
the p-i-n junction being much higher than that 
of a conventional p-n junction due to the higher 
electron and hole recombination density, which 
leads to lowering of the Voc. The calculated Voc 
as a function of carrier concentration[41 made it 
appear that Voc decreases with decreasing car- 
rier concentration for the same diffusion length 
of each solar cell. As a future task, it will be im- 
portant to adjust the carrier concentration to an 
appropriate value. 

For the first step toward the large area 
production, we have prepared a thin film Si so- 
lar cell with the size of 5 inches by 5 inches. 
Figure 4 shows the contour-map of diffusion 
length determined by SPV method[ 141. Although 

Fig. 4. The counter-map of diffusion 
length determined by SPV method. The 
diffusion length of cell was determined by 
the intercept from the linear extrapolation 
of inverse surface photovoltage (SPV) vs 
light penetration depths for 670 nm and 
980 nm at constant photon flux of 10151 
cm2sec. 



the absolute value of evaluated diffusion length (around 19 pm) may include the error due to the 
fact that the calculated diffusion length is longer than that of the thickness (beyond the SPV 
detection limit), it would be mentioned that the uniformity of diffusion length is quite excellent 
over 5 inches substrate. 

3.2 Optical confinement effect of thin film poly-Si solar cell. 

The quantum efficiency spectrum of a 4.7 pm thick solar cell with STAR structure was 
investigated, and is shown in Fig. 5 (a). Experimental results are plotted as the open circles in 
this figure. A markedly high quantum efficiency at long wavelength was observed even in the 
4.7 pm thick silicon solar cell. Note that the Jsc for AM 1.5 obtained by integration of the 
quantum efficiency curve is over 27 m ~ I c m 2 .  Experimental results are modeled from 
PClD[13,15] by assuming the light trapping parameter (pfi), which is defined as the internal 
global reflectance at the front surface in PClD. The three curves shown in Fig. 5 (a) are the 
calculated curves for pfi= 0,70, and 92 % with assumption of constant back reflectance (95 %) 
for each case, respectively. Other conditions for the calculation are listed in Table I. The shape 
of the experimental curve was well modeled from PClD by assumption for pfi =70% and an 
appropriate diffusion length Ldif = 7 pm. The values we extract pfi indicates that our thin film 
poly-Si solar cell with STAR structure enables the few micron thick cell to yield efficient optical 
enhancement. concomitant with optical enhancement of absorption, we find that the Jsc in- 
crease by optical enhancement is 3.7 mAIcm2 from the calculated values in Fig. 5 (a). Further 
Jsc enhancement of 2.2 mNcm2 can be achieved by optical confinement up to pfi = 92 % 
without increase of the thickness and improvement of the film quality. For evaluation of the 
effective optical length of this solar cell, the inverse of the internal quantum efficiency (I.Q.E.) 
based on Fig. 5 (a) was investigated as a function of the inverse of the absorption coefficient as 
shown in Fig. 5 (b). The data for the reflectance of our solar cell and the absorption coefficient 
of Si were estimated based on the measured reflectance and data for that of single crystal Si, 
respectively. An effective optical thickness (Wopt) of 280 pm and a corresponding effective 

Fig. 5. (a) The external quantum efficiency (E.Q.E.) spectrum of 4.7 pm-thick solar cell 
with STAR structure. Experimental results are plotted as the open circles. The three curves 
(broken line, solid line, dotted line) are the calculated curves for pfi= 0,70, and 92 % based 
on PClD under the conditions listed in Table I, respectively. pfi is defined as the internal 
global reflectance at the front surface in PClD. 
(b) The inverse of the internal quantum efficiency (I.Q.E.) as a function of the inverse 
absorption coefficient. I.Q.E. was determined from the above quantum efficiency spec- 
trum and by reflectance measurement of our solar cell. The absorption coefficient of Si was 
used as that of single crystal Si. Wopt in this figure means the effective optical thickness. 



Table I. Conditions for the PClD calculation of the three curves shown in Fig. 5 (a). 

p-layer thickness 30 nm 
i -layer thickness 4.7 p.m 
s, 1 o4 C ~ / S  
sb 1 o7 C ~ / S  
diffusion length 7W-n 
p-layer doping density lo2' ern-) 
i -layer doping density lot6 ~ r n ' ~  
n-layer doping density 1 020 cm" 
front internal reflectance 0,50,92 % 

optical pass length of 60 times the layer thickness was obtained from the inverse of the slope of 
long-wavelength light (1050 - 1100 nm). This result also indicates the highly efficient optical 
confinement of our presented thin film poly-Si solar cell with STAR structure. 

The thinner 1.5 pm-thick cell has investigated. This will help to overcome the problem 
of low deposition rate of poly-Si in preparing at low temperature. It is important to reduce the 
film thickness with maintaining the cell efficiency. Since our proposed feature size of naturally 
surface texture depends on the thickness of the cell, 1.5vm thick cell is not good enough to give 
the textured surface for light trapping. It is necessary to apply the another method for giving the 
textured feature such as by controlling that of back reflector. We have investigated the enhanced 
optical absorption of 1.5 pm thick cell by changing the feature structure of back reflector. 

Figure 6 and 7 show the surface morphology and the reflectance of two kind ( (a) cell on 
flat back reflector, (b) cell on-rough back reflector) of 1.5pm thick solar cells with IT0 (80 nm) 
at the top of it as seen by AFM and reflectance measurement, respectively. The surface feature is 
changed by that of back reflector, while the rest of conditions are kept constant. The AFM 
picture shows that one (Fig. 6 (a)) is not so much rough with a surface morphology of the order 
of 0.1 pm and the other one (Fig. 6 (b)) is a surface roughness of the order of 0.2 - 0.3 pm. In Fig. 
7 the minimum reflectance at wavelength of 550 nm is appeared at both samples, which is 
attributed to the effect of 80 nm-thick ITO. The excellent reduction of reflectance near long 
wavelength region was observed for the cell with the surface of Fig. 6 (b). The effect of surface 
structure depends on the size of texture relative to the wavelength of incident light. For feature 
size of 0.1 ym to a few microns, there can be strong interaction between light and features. 

(al cell with flat back reflector 

Fig. 6. The surface morphology of two kind ((a) cell on flat back reflector, (b) cell on rough 
back reflector) of 1.5 pm-thick solar cells with IT0 (80 nm) at the top of it as seen by AFM. 



Si solar cell with STAR structure was applied to the stacked cell with the combination of a-Si 
cell. Figure 10 shows the performance of a-Si:H (0.45 pm) / poly-Si (5 pm) two-stacked solar 
cell, which exhibited the efficiency of 12.9 % and the Jsc of 13.3 rnA./cm2. 

In applying the a-Si cell to the stacked cell we must pay attention to the stabilized effi- 
ciency, since a-Si has a photo-degradation, while a poly-Si cell is stable[6]. We have prepared 
the new type of three stacked cell of a-Si:H / poly-Si / poly-Si (triple), which will be less degra- 

1 a-Si I poly-Si ~ a k d e m  Cell 
1 5  

I 

n 1 AM1.5 
"E r Area: 0.25cm2 

2 
E Jsc: 13.3 r n ~ / c r n ~  - 5 -  7 Vo c: 1.384 V 

. F.F.: 70.4 % 
Effi: 12.9 % 

1 1 1 1 1 1 1  1 1 1 1 1 1  

0 0.5 1 1.5 
V [volts] 

Fig. 10. The performance of the a-Si (0.45 p)/poly-Si (5 pm) 
two-stacked tandem solar cell. 

dation being used thinner a-Si. We have investigated the stability of both a-Si:H I poly-Si (double) 
and a-Si:H I poly-Si / poly-Si (triple) cell. The performance of these cells have not been well 
optimized yet. These devices were then subjected to indoor light soaking under 1 sun (AM IS), 
50 "C, and open-circuit conditions. Figure 11 compares an example of the change in the device 
efficiency during light soaking at above conditions for two types of stacked cells. After the 200 
h of exposure, the iell was substantially stabiiiied. The triple cell shows a stabi- 
lized efficiency of 1 1.5 % . 

4. CONCLUSION 

We have demonstrated the highest efficiencies of 9.8 % of ploy-Si solar cell with STAR 

1 4  - ,  . . . .  , . . . .  , . . . .  , . . . .  , . . . .  , , , . . .  
................ ................. ............... 13.5 I-; ................. i. .............. i. i i ................ i z 

................. ............... 1 0.5 :i ................. i ................. 3 .................. ; ................; 2 
~~1%,100rn&cm 2 , i ~ 0 0 ~  - 

l o ~ ~ * @ m * l a l l g ' . m m * l l ~ l . I 1 t . ~ ~ ~ * . l -  

0 100  200 300  400 500 600 
Time [hour] 

Fig. 11. The change in the device efficiency during indoor light soalung under 1 sun 
and 50°C. The circle and triangle show the three and two stacked cell, respectively. 



structure. The optical confinement effect of the cell with STAR structure explains both the ex- 
cellent high short circuit current density of above 27 mA / cm2 for the 4.7 pm thick cell and the 
markedly high quantum efficiency at long wavelength as determined through PC lD  analysis. 
By introducing the rough surface of back reflector, 9.0 9% efficiency cell with a thickness of 1.5 
pm has been achieved. For the first time we have shown the performance of three-stacked cell 
(a-Si/poly-Si/poly-Si). Preliminary trial shows the stabilized efficiency of 1 1.5%. 
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Technologies for Thin Film Poly-Si Solar Cells 
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I. Introduction 

The technologies needed for manufacturable thin film poly-Si solar cells span 
substrate materials, doped layers, absorber layers, and light trapping. The substrate layer 
choice is a cost issue and it drives subsequent possibilities. Clear plastics limit processing 
temperatures to a 0 0  OC, opaque plastics move this limit to <300 OC, inexpensive glasses 
must use T< 500 'C, and metal foil and graphite substrates can raise the processing 
temperature limit to -900 'C. We examine here the poly-Si material possibilities given 
these temperature constraints and consider the critical light trapping possibilities. The 
poly-Si materials to be considered are (I) deposited poly-Si and (11) solid phase 
crystallized (SPC) and laser crystallized a-Si precursor films. 

11. Deposited Poly-Si 

In thin film deposited-poly-Si solar cells the silicon deposition avenues available 
are dictated by the substrate choice. The use of graphite or metal foils means well 
established, high temperature chemical vapor deposition (CVD) techniques such as low 
pressure CVD (LPCVD) or atmospheric pressure CVD (APCVD) can be used. In 
addition, plasma enhanced CVD and hot wire CVD could also be used. When one focuses 
on the use of inexpensive glasses for cost considerations, the processing temperatures 
now must be T <500 OC, the deposition approaches start to be limited and, generally, 
temperature is not enough to crack precursor gases and/or enable polycrystalline film 
growth. Overcoming these obstacles requires dependence on PECVD or hot wire 
approaches. Entering this temperature range means attaining the deposition rate needed 
for manufacturability can be an issue. This is especially critical for i-layer depositions. 
AMPS computer simulations at Penn State have shown these layers in p-i-n cells must be 
in the 8 pm to 20 pm range (depending on the light trapping and poly-Si quality) for cell 
efficiencies -1 2-15%. When plastic substrates are considered (processing temperatures < 
250 OC, depending on the plastic), then these issues of driving the reactions needed for 
useful material and attaining the needed deposition rate become quite severe. The table 
below summarizes some recent work on low temperature (<SO0 "C) poly-Si on foreign 
(non-silicon) substrates. As can be seen, hot wire approaches are able to attain good 



deposition rates suitable for absorber i-layers at temperatures - 400 O C .  As can also be 
seen, the most promising films so far for plastics are PECVD materials but their 
deposition rates are questionable for i-layer use. 

Group Deposition Precursor Gases Method Deposition Rate Quality 

Temperature PC) 

Lim et al., 280 SiFq/SiHq/He/H2 PECVD ? 2 m=12 cm N s  
Appl. Phys. Lett. 66,2888 (1995). 
Wang et al., 250 Siw H2 ECR-PECVD 2.9 Afsec ? 
J. Appl. Phys. 77,6542 (1995). 90%-99% dilution 
Kim et al., 400 Si2Hd H2/ SiFq Remote PECVD 0.5-1 .O Nsec  ? 
J. Electrochem. Soc. 143,2640 
(1 996). 
Srinivasan et al., 250 SiEQ/H2/He PulsedGas 40 Almin IR spectra 
J. Appl. Phys. 81,2847 (1997). 2:60:98 PECVD showing 

dihydride 
stretching 

Fischer et al., 200 Siw H2 llOMHz 1.2 Alsec good 
25th IEEE PVSC, 1053 (1996). 1 :40 PECVD 
Lee et al., 180 S i W e  ECR-PECVD 1.9 Ahec ? 
Jpn. J. Appl. Phys. 35, L1243 (1996). 1 :4 
Middya et al., 400 Si&/H2 Hot Wire 15 Alsec in= 20 
cm2Ns 
Materials Research Society Meeting , 5:95 
Spring '96 & '97. 250 2:98 4 Nsec  ? 
European Photovoltaics Meeting, July, 1997 

Knlkan et al., 
text 
Electrochem. Soc. Meeting, 
August, 1997 

180-310 SIF~A-I~  ECR+RF-PECVD 3 ~ s e c  See 

3:40 

Figure 1 gives Raman data for the high density plasma deposited electron cyclotron 
resonance with/without RF substrate bias (ECR+RF) films of the above table. This data 
for the 220 OC film show the peak expected at 520 cm-' and no broad feature at -480 cm", 
indicative of a significant presence of amorphous material. The fall-off in this low 
wavenumber range does, however, suggest microcrystalline material. However, unlike 
earlier reports of low temperature microcrystalline materials, these films show very high 
activation energy for conductivity (-0.66 eV) and low conductivities (-10-9 Skm) as 
may be noted in Fig. 2. These facts are very important because they indicate little or no 
gap state activity in grains or grain boundaries. 

Also presented in Fig. 1 are Raman data for films deposited at 120 O C  (which also 
show crystallinity!) and also presented in Fig. 2 are conductivity data (Fig. 2) for films 
deposited at 3 10 O C .  These show gap state activity. Figure 3 gives the photoluminescence 
results for the 220 "C and 3 10 O C  films (ECR+ RF) films of Fig. 1. As may be noted, the 
strong band edge signals indicate that there is little competition from gap state 
recombination. These microcrystalline materials have band gaps> 1.05 eV. In fact the one 
with the excellent crystallinity seen in Fig. 1 and the excellent conductivity behavior seen 





11. Solid Phase Crystallized and Laser Crystallized Poly-Si 

The use of SPC necessitates having a precursor film that converts at a low 
temperature to poly-Si. Amorphous Si is the precursor of choice since it has no pre- 
existing nuclei and consequent large grain sizes are possible and because it does not have 
pre-existing grain boundaries which require high temperatures (-900) for their effective 
removal. Since SPC is a thermally activated process, crystallization times are of the order 
of 20 hours at 600 "C for high quality a-Si. This thermal budget can be reduced, 
however. The time can be significantly reduced (to 5 minutes allowing the use of RTA) 
or the processing temperature can be significantly reduced (to 500 OC) by using metal 
induced solid phase crystallization (MISPC). Recently we have achieved the application 
of the MISPC material using non-vacuum processing involving solutions of the metals. In 
MISPC only extremely thin applications are needed (-5-1 0A) to induce these dramatic 
thermal budget changes. 

We have also recently found that different metals can influence the resulting grain 
size and even optical properties. We discuss below data for MISPC results where the 
metal was applied by thermal evaporation. Figure 4 shows the XRD data for SPC films 
crystallized fiom a- Si with no MISPC treatment (requiring 20 hrs.), with Ni MISPC 
treatment (requiring < 10 min. for crystallization), and with Pd MISPC treatment 
(requiring < 10 min. for crystallization). The average grain sizes, measured from TEM 
micrographs, are noted for each film. The corresponding absorption coefficients are seen 
in Figure 5. As may be noted, significant absorption enhancement is found in the small 
grain (microcrystalline) material. 

The Raman data for these Pd and Ni MISPC samples are given in Fig. 6. As was the case 
for the deposited film data of Fig. 1, the Pd MISPC films do yield some signal at the 
wavenumbers where one expects a contribution fiom a-Si. If this material is "traditional" 
microcrystalline material with some a-Si present, the Raman and TEM data suggest that 
this a-Si content can not be that significant . In addition these films were re-evaluated 
after an additional 30 hour, 600 "C anned. The enhanced optical absorption was still 
present after this anneal even though no amorphous phase could be present. These results 
all make it difficult to attribute the enhanced absorption coefficient in Fig. 5 to the 
presence of an a-Si phase. 





Figure 6. Normalized Raman spectra for the films of Fig. 4 and 5. The a-Si spectrum 
shown for reference was smoothed before plotting. 

We have shown (Kakkad et al., Appl. Phys. Lett., 59,3309,1992) that SPC of 
dopant-containing, thin (< 1000 A) a-Si precursor films can yield highly doped layers for 
contact and barrier forming applications. However, our research has shown that both 
doped and undoped layers with thicknesses > 0.5 microns tend to be highly defective 
after SPC. We believe this may be due to the volumetric changes that, by necessity, have 
to occur in the transition a-Si into poly-Si. This problem of these thicker SPC layers 
requiring defect passivation means hydrogenation would be needed for SPC-produced i- 
layer materials. This can be a problem in films with the thicknesses required for i-layers. 
The fact that SPC can only be pushed down at best to the 500 "C range means that in 
certainly is not applicable to plastic substrate use. 

Laser crystallization has progressed to the point where it has now been applied to 
fabricating TFTs on plastic (P. Carey, Lawrence-Livermore National Labs.). Tight 
control of thermal profiles is obviously needed in this approach because, unlike SPC, 
laser crystallization actually melts the silicon precursor film. It has been found that non- 
hydrogenated amorphous silicon is an excellent precursor. The absence of hydrogen in 
the a-Si precursor apparently is beneficial due to the lack of hydrogen evolution during 
heating causing bubbles, delamination, etc. This approach has only been applied to the 
thin films needed for TFTs to-date. It has the still unsettled question of throughput. 

111 Light Trapping 

Given the technological challenges arising from the need for 8-20 micron, high 
quality poly-Si material produced a manufacturable throughput rates, it is clear that light 
trapping to keep this i-layer thickness down is critical. Various light trapping strategies 
are seen in Figures 7-9 from studies done at NREL. Fig. 7 shows the maximum 
achievable current density resulting from an approach where just the back surface is 
textured. This modeling says the required silicon should be >12 microns. It also says that 
an A1 back reflector is slightly disadvantageous due to the photon loss in the metal. The 
approach of having the front textured only is seen in Fig. 8 to be very effective. It allows 
the silicon absorber thickness to be somewhat reduced and removes any significant 



negligible effect of putting A1 on the back surface. Figure 9 shows that there is no 
advantage in texturing the ffont and back. It is seen that this forces the Si absorber to be 
thicker and introduces substantial loss from any back A1 metalization. 

IV Conclusions 

Substrate choice is largely driven by economics and to some degree by weight, 
flexibility, etc. The substrate choice itself influences the thin film silicon formation 
(crystallization or direct deposition) techniques available. Light trapping and quality of 
the poly-Si together control how thick the absorber needs to be. Computer simulations, 
and now some cell results, say absorbers will have to be in the 8-20 micron range. 
Absorbers in this range from SPC , and probably laser crystallization in that thickness 
range, will require a hydrogenation, passivation step. With the film thicknesses required, 
this passivation will have to be fast and effective. Deposited films can be passivated as- 
deposited. However, at the temperatures where this occurs effectively, it remains to be 
seen if the deposition rates can be acceptable in manufacturing. 
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High-Efficiency Solar Cell Development at the Fraunhofer ISE 

W. Wettling, J. Knobloch, S.W. Glunz 
Fraunhofer Institute for Solar Energy Systems ISE, D 791 00 Freiburg, Germany 

An overview of the high-efficiency solar cell development at Fraunhofer 
ISE is given. Five types of cells are discussed: (1) the LBSF (= local back 
surface field) cell, (2) the RP-PERC (= passivated emitter and rear cell with 
random pyramids), (3)  the MESC (= mesh-structured emitter solar cell), (4) 
the RCC (=rear contacted cell) and (5) the high-efficiency thin film cell 
based on SO1 (= silicon on insulator). All these cells show very good 
efficiencies near and above 20 %. 

Solar cell research at Fraunhofer ISE is carried out in a fairly comprehensive programme that 
covers monocrystalline, multicrystalline and crystalline thin film silicon cells as well as GaAs 
and other 111-V compound solar cells. The goal of all activities is to develop technologies for 
efficiencies as high as possible but at the same time as simple as possible. Almost all 
developments are performed in close cooperation with German PV companies andlor with 
European research teams in the framework of projects of the European Commission. A list of 
the best efficiency values of the various solar cells developed in our laboratory which are not 
fiom monocrystalline silicon is given in Table 4. 

1. LBSF solar cells 

In the present paper we report on some recent progress in the field of monocrystalline silicon 
solar cells. Our ,,basebc technology is the LBSF (=local back surface field) processing scheme 
[I] which is similar to the PERL cell of UNSW [2]. The main features of this technology are: 
front texture by inverted pyramids, two-step emitter, boron diffused local BSF under the rear 
point contacts and front and rear passivation by Si02. 

This cell could be optimized to an efficiency of 23.3 % on a 230 pm thick floating zone (FZ) 
silicon wafer and a cell size of 4 cm2. A very good value of Jsc = 42.0 mA/cm2 was achieved 
by using a photoresist definition of the front contacts during electroplating and a double layer 
antireflection coating. With a single layer Si02-AR coating of 105 nm thickness a slightly 
higher value of V,, = 700 mV was achieved, however with a somewhat smaller J, = 41.3 
mAlcm2, thus also leading to 23.3 %. When the LBSF processing sequence was applied to 
Czochralski grown (Cz) silicon the best efficiency so far was 22.0 % which is an international 
record value for this material (see Table 1). 

Table 1. Confirmed results of silicon solar cells processed with the LBSF scheme. 

2. RP-PERC solar cells 

Cell 

LBSF with Si02 

LBSF with SiOz 

LBSF with SiO,/TiO,/MgF 

The LBSFPERL scheme while yielding the highest efficiencies is too involved for a cost 
effective fabrication since it uses 6 to 7 photomasking steps. We have therefore adapted the 
PERC (= passivated emitter and rear) process [3] to our technology, however with a random 
pyramid texture (therefore using the acronym ,,RP-PERC" [4]). This cell has a simple emitter 

Material 

FZ 

Cz 
FZ 

V, [mV] 
700 
680.5 

685 

J, [mA/cm2] 

41.3 
41.8 

42.0 

FF I rl [%O/o] 
80.6 

77.2 

81.0 

23.3 
22.0 

23.3 



and no LBSF (see figure 1). This process sequence uses three photomasking (pm) steps for 
fiont grid, rear contact points and cell area definition, respectively. We have also processed 
cells without this area definition thus simplifiing the process to 2 pm steps with only relaxed 
alignment definition. Best efficiencies up to 21 -6 % were achieved (see Table 2) which makes 
this simplified scheme interesting for an industrial production. 

Random pyramids 

Oxid 

Fig. 1. Schematic design of the RP- 
PERC solar cell. 

Table 2. Confirmed results of best efficiencies of RP-PERC cells. 

-- 

3. Mesh-stuctared emitter solar cells QWESC) 

The LBSF processing scheme can also be simplified by reversing the order of texturing and 
deep emitter diffusion. As a result a deep emitter is processed that is formed as a mesh in the 
edges of the inverted pyramids (see figure 2). A shallow emitter may subsequently be diffused 
in the whole fiont area without pm. This MESC (meshed emitter solar cell) scheme allows to 
engineer the sheet resistivity of the emitter by variing the geometrical form of the fiont texture 
[4]. This MESC scheme is presently explored with the aim to process a screen printed cell 
with higher efficiencies. 

Cell 

RP-PERC (3 pm) 

RP-PERC (3 pm) 

RJ?-PERC (2 pm) 

The MESC cell has shown remarkably good efficiencies if processed with the additional 
shallow emitter. 22.7 % were reached with LBSF contacts on the rear side, as seen in Table 3. 

V, [mV] 
676 

675 

672 

Area [cm2] 

4 
21 

4 

Fig. 2. Simplified process 
scheme of the mesh-struc- 
tured emitter. 

JSc [ m ~ c m ~ l  

39.6 

38.7 
39.3 

FF 

80.7 
79.9 
79.7 

tl [%I 
21.6 

20.9 

21.0 



Table 3. Confirmed solar cell results of cells with mesh-structured emitter (MESC). 

MESC without 
shallow emitter 
and local ohmic 
contacts 

shallow emitter 
and local ohmic 
contacts 

677.0 
39.8 
0.783 
21.1 

shallow emitter 
and local back 
surface fields 

666.9 
39.1 
0.777 
20.0 

shallow emitter 
and local back 
surface fields 

4. Rear contacted cells (RCC) 

A high-efficiency interdigitated grid scheme was developed which was used for several 
purposes: (1) for a front-side contacted crystalline silicon film cell (see next section), (2) for a 
rear contacted cell (RCC) and (3) for a bifacial solar cell. Figure 3 shows a schematic cross 
section of the RCC with and without a floating emitter passivation on the fiont side (note that 
the light enters the cell fiom the bottom side of the figure). The emitter was selectively 
diffused as a local two step emitter. Under the n-fingers the emitter was highly doped (nu) 
and deeper diffused than on both sides of the fingers (n+). The shallow emitter was interrupted 
by the p+ -diffused zone under the p-finger system. With this RCC structure on 230 pm thick 
FZ wafers of 1 C2 cm resistivity confirmed efficiencies of up to 2 1.4 % were recorded [4]. 

The RCC stucture has some similarity to the point contact solar cell [5 ] .  But it differs in some 
details of the emitter structure. In particular the shadowing losses of the interdigitated grid 
fingers are small. Therefore, this cell can be operated as a bifacial cell with excellent 
characterisitcs from both sides. Best results of a RCC bifacial cell showed 20.2 % when 
illuminated fiom the grid side and 20.6 % when illuminated fiom the unmetallized side. 

oxide emitter grid line base grid line 

oxide 

oxide emitter grid line base grid line 

Fig. 3. Structure of the rear 
contacted cell (RCC) with- 
out (top) and with (bottom) 
floating emitter (note that 
the light is illuminated fiom 
the bottom side when opera- 
ted as a K C ) .  The ratio of 
the base area to the emitter 
area on the metallized side 
is around 1:SO. 

oxide 

'1 38 



5. High efficiency silicon film cell 

The same interdigitated finger structure was also used to process a high-efficiency cell on a 
thin epitaxial layer. This layer was grown epitaxially by CVD on a SO1 (=silicon on insulator) 
structure[6]. This resulted in a 46 prn thick monocrystalline layer on an ion implanted insula- 
ting S i 4  layer. The thin film solar cell structure is shown in figure 4. Solar cell efficiencies 
up to 19.2 % were measured with this thin film cell. A careful analysis showed that the light 
confinement in this structure by the fiont texturization and the rear SiO, ,,mirrorcc plays a 
crucial role in achieving these high efficiencies. 

Fig. 4. High-effi- 
ciency thin film 
solar cell on SO1 
structure with in- 
terdigitated fiont 
grid. 

Table 4. Highest efficiencies of multicrystalline, crystalline silicon thin-film and 111-V com- 
pound solar cells processed at Fraunhofer ISE. 
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ABSRACT: Research and development for crystalline Si solar materials and devices in Japan have 
greatly advanced for the last 4 years. Efficiencies of large-area cells and modules using multicrystalline 
cast substrates attained to 17 and 14 % by improvement of the cast quality and development of high- 
efficiency cell processes. Research was carried out on recombination reduction of minority carriers at 
SiCWdoped Si interfaces and gettering in the bulk regions. SmalCarea cell efficiencies using single 
crystal Si substrates have reached 22 to 23 %. As a result of the steady progress for the last 20 years, 
government decided to terminate the technology development project for the bulk ingots and solar 
devices using them and to concentrate the R&D on Si feedstocks and thin Si film cells. 

1. INTRODUCTION 

Flat-plate crystalline silicon solar modules have still prevailed in recent photovoltaic(PV)market 
for both remote and grid-connected power applications[l]. However, the market growth in the coming 
next century might be suppressed if production technologies on low-cost silicon feedstocks and high- 
efficiency, low-cost solar cells and modules are not developed. In 1993, Japanese government had 
decided to restructure the past Sunshine Program by taking account of an environmental issue and to 
restart the New Sunshine Program. One of the aims in the program is to contribute the reduction of 
c d o n  dioxide emission in the earth environment. The other, of course, is to supply electrical energy 
in the power market by cost-effective PV energy. In 1994, an aggressive subsidy program for private 
houses and public buildings was implemented by Ministry of International Trade and Industry to 
promote PV market exploit..tion[2]. In this year, more than 9,000 PV systems are expected to be 
installed on the roofs of private and public houses using the subsidy program[3]. 

Since then, Japanese PV industry has invested to expand their production capacity to meet the PV 
market corresponding to 30 MWp. As for R&D in the past project, steady progress had been made 
especially in the fundamental research on sw'face passivation and minority-carrier recombination and 
the development of new process technologies for Si feedstocks and solar devices[4-61. For the recent 
Si feedstock issue, a new association has established in 1996 to promote the R&D on Si feedstocks 
concerning with removal of impurities by evacuation and soli&fication processes. 

This paper describes the technological results achieved in the last 4-year government R&D project 
for crystalline Si materials and devices. Primary results include the developments of equipments and 
technologies to produce gigantic cast ingots and also fast cell fabrication processing technologies for 
mdticrystdline Si solar cells. The results of high-effkiency, largearea multicrystalline Si solar cells 
are described with those of module fabrication using the multicrystalline Si solar cells. In addition, 
futldamentals and fabrication of very-high efficiency, single-crystal solar cells are also described. 

2. EFFICIENCY IMPROVEMENT 

Since 1986, primary efforts have been directed towards improving conversion efficiency for large- 
area multicrystalline silicon solar cells. The Japanese govemment has promoted technology 
developments by planning a 3-year project from 1986 to 1988, a subsequent Cyear project from 1989 



to 1992 and a recent 4-year project from 1993 to 1996 with target efficiencies of 15% and 24% for a 
multicrystalhe solar module and single crystal solar cell, respectively. 'IIE past promotion successfully 
improved cell efficiencies as indicated in Fig. 1. In 1985, cell efficiency was 12.5% for a multicrystalline 
cell with a large cell area of 100 an2 prepared using a low-cost technique. Cell efficiency later improved 
steadily to 15916% in 1988[7,8] but remained saturated for the next 3 years up to 1990. However, as 
indicated in Table 1, cell efficiencies for 100 and 225 cm2-area cells in 1997 have been improved to 
vew high values of 17.2 [9] and 17.1 %[10], respectively, which are close to the 1 8.6%-efficiency for 
a 1 crn2-area cell prepared using expensive evaporation and photolithography techniques [1 11. 

cell, small 

I Sharp 

Fiscal year 

Figure 1: Yearly improvement of conversion efficiencies of single-clystal and multicrystalline Si 
solar -cells and modules. 

Using the developed high-efficiency 
multicrystalline cells, preliminary solar modules 
were fhricated. Efficiencies of modules with an 
area of 4,000 c d  were obtained to be around 14% 
a little smaller than the government target of 
15%[12]. Ths was due to the limited number of 
cell fiibnication and the shortage of the production 
time. With the progress of multicrystahe silicon 
cells, conversion efficiency of single-cry stal 
silicon cells has also been improved as indicated 
by an upper curve in Fig. 1 .  As for the single- 
crystal cells, two kinds of approaches have been 
carried out through high and low temperature 
processes. The high-temperature process[l3] in 
addition to a new boron gettering process[l4] was 
effective to obtain a high open-circuit voltage 
close to 0.7 V resulting in 2 cm2-area cell 
efficiency of 22.6 %[15]. The low temperature 
process less than 850 C for thermal oxidation was 
also useful to realize an active area efficiency of 
23.5 %[16]. 

Table 1: Conversion efficiencies of solar cells and 
modules achieved under the last Cyear R&D 
program in Japan. 

Device: 
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Module 
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* Active-area eff. 



3. SOLAR-GRADE MATERIALS 

3.1 Siliwn Feedstocks 
Zn the past until 1992, a low-cost process for 

silicon feedstock by carbothermic reduction of 
high-purity silica had been invesfigated[l7]. The 
process consisted of the chemical reduction of 
high-purity silica produced by acid treatment with 
water glass with high-pufiq carbon prepared by 
t h d  cracking of propane gas. After reduction 
of the high-purity silica in an AC-arc furnace, the 
silicon obtained was solidified midirectionally. 
Solar cells using the silicon were fabricated to have 
a maximum efficiency of l4.2%[18]. 

However, the process was not selected for a 
recent urgent need to produce cast ingots. Instead, 
refining of metallurgical-grade materials has been 
conducted. Phosphorus impurity was firstly 
removed by evacuation and then boron impurities 

( Premnal by evacuation ) 

Solidification m 

Figure 2: Production flow of Si feedstocks 
refined from metallurgical-grade silicon 
source[20]. 

using a plasma oxidation shown in Fig. 2. By mixing water vapor in an argon plasma, the boron 
content could be reduced to a 0.1 ppm level[l9]. Metallic impurities were reduced to a ppb level by 
resolidification of the refined MG-Si. Using cast substrates from the soh-grade (SOG) feedstocks, 
maximum cell efficiencies of 14 and 16 % were obtained by conventional and high-efficient cell 
fabrication processes[20].The cell efficiencies did not vary with the length of the cast ingot. Last year, 
the government has driven the SSOG-Si process to a pilot production level with a capacity of 60 t/y. 

3.2 Cast Substrates 
In the past from 1985, quality improvement of conventional cast ingots had been conducted 

persistently by investigating the effects of solidification conditions on the crystal quality and also on 
the cell characteristics. Using the high-quality cast ingots, hgh-efficiency, large-spa a@ small-area 
solar cells were fabricated id ~apan[6] ahd also in ~urope[2 I]. 

Since 1985, a cold-crucible casting process B 

g6dient du&g ingot solidification wasfound to 
affect the ingot quality substantially. Cell 
efficiency using the electromagnetic casting 
(EMC) ingot was a little smaller than that using 
conventionally cast substrates. The defects were 
generated in the bulk regions by a steep thermal 
gradient around crystallization region. However, 
cell efficiency of about 16% was reported to obtain 
by annihilatron of active defects through hydrogen 
passivation. In 1992, 25 cm square ingot was 
firstly fabricated by the EMC technology and an 

with a magnetic field[22] was selected owing to ~n 
its inherently inexpensive nature[23]. As shown In 
in Fig. 3, the growth process does not require an 
expensive quartz crucible. The temperature 

ingot with 1.6 m in length was grown. 1n 1996, as 
indicated in Table 2, a production-level EMC F i r e  3: A magnetic casting setup to grow a 35 

cm square, 500 kg ingot. 



b a c e  was constructed to grow a record 500 kg ingot with 35 cm square and 2.2 rn in length at a 
soiidification rate of about 1 mmlrnin[24]. A key parameter to improve the crystal quality was elucidated 
to be thermal stress during solidification and cooling down of the EMC ingots by computer 
simulation[25]. 

A new casting process indicated in Fig.4 had been proposed by dripping molten Si on crystallized 
ingo4 so-called dripcontroUed method @CM)[26]. By using a high-purity graphite mold and optimizing 
the crystallization condition, very-high quality ingots were fabricated. Cell efficiencies of 16 to 17% 
were reported using a higher-quality region of the DCM cast ingot. The DCM procas was applied to 
develop a continuous production technology of a 170 kg ingot with a size of 43 cm square and 40 cm 
in height[27]. Using 26 DCM cast substrates, an average cell efficiency of 16.6% and a maximum 
efficiency of 17.1 % were realized for 225 cm2 area substrates[l2]. 

Table 2: Status of large cast-ingot fabrication technology. 

* Width x depth x Height 

Daido-Hoxan 
(CCW 

Bayer 

Eurosolare 
I 

feedstock A# 
Insulation 

Quartz 
crucible 

44 x 44 
x 40 

55x55 
X31 

Molten 
silicon 

Mold 
L 

I 

- Solid 
silicon 

170 

? 

1 SO 

Figure 4: A schematic diagram of DripControlled Method 
@CM) for growing cast ingots continuously[26,27]. 
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4. CELLS AND MODULES 

4.1 High-Efficiency, Single-Crystal Solar Cells 

Firstly, trichloroethane (TCA) process had been investigated to clean the inside of an oxidation 
f b m e  as a function of TCA flow rate and oxidation time[28]. A low surface recombination velocity 
of 17 c d s  was obtained for a substrate with a bulk lifetime of 300 ps. The eff- of oxide passivation 
on effective lifetime, density of interface states and cell performance had also been examined. Both 
the effective lifetime and the density of interface states were improved by hydrogen annealing of 
Si02 layers. 

TO fhricate highquality back-surface-field structures, high-temperature boron-diffusion and low- 
temperature p+-type microcrystalline(yc) Si deposition have been employed As for the boron diffusion, 
a pyrolytic boron nitride diffusion source was the best owing to the lowest content of lifetime killer 
impurities. Gettering process of the lifetime killer impurities was found to exist during the boron 
diffusion at 1000 C as shown in Fig.5[14]. On the other hand, lifetime degradation occurred after 
oxidation of the boron diffused samples. This was considered due to the trapping or out-diffusion of 
lifetime-killer species in the heavily-doped boron-diffused region. By increasing the p+-region area at 
the rear, short-circuit current density and conversion efficiency were found to increase as shown in 
Fig.6. A high-efficiency solar cell with 22.6% efficiency was fabricated using high quality 2 ohmcm, 
FZ cry stals[l5]. 

t Oxidation I 

I 10 100 

Bulk lifetime (ps) 

Figure 5: Variation of minority-carrier ifetime 
with boron diffusion and oxidation processes 
for high-efficiency single crystal solar cells[l4]. 

B-diffused rear area (pu2) 

Figure 6: Effect of boron-diffused area on cell 
efiiciency for single-crystal solar ceIls[lS]. 

Another highly efficient single-crystal cells were also fabricated using low-temperature oxidation 
for an n'-type emitter and low-temperature plasma-deposition of the PC-Si:H layer for a p+-type rear. 
A relatively heavily P-doped region in the emitter was removed by chemical etching and then oxidized 
at a low temperature less than 850 C. Annealing effects on the resistivity of boron-doped, p+-type pe  
Si:H layers and cell efficiency were examined. The resistivity tended to decrease to 10-1S2cm with 
annealing. Cell efficiency reached a maximum at an meding temperature of 200 to 250 C due to the 
fact that effusion of hydrogen atoms occumed at temperatures higher than 250 C. Fabricated cells 
consisted of a randomly textured front sudbce with a MgFfli02 antireflection film-coated and SiO2- 



passivated emitter and the pt-type pc-Si:H back-surface-field with a SN:H plasma film. A maximum 
active-area cell efficiency of 23.5% was achieved for a cell area of 25 cm2 by attaching specially 
designed finger and busbar electrodes[ 161. 

4.2 Large-area multicrystalline Si solar cells 

In order to improve cell efficiency of large-area multicrystalline solar cells, competitive R&D has 
contintled since 1986. Using higher-quality cast substrates, the conversion efficiency of large-area, 
multicrystalline silicon solar cells has steadily impved One of the approaches was to use mechanically 
grooved emitter surfaces to reduce light reflection at the front as shown in Fig.7. 

Using the sdhce, conversion efficiency of 17.1 % had been realized in 1993 for a large cell area of 
100 c d  using MgFz/TiO2 double antireflection films, oxide surface passivation and narrow printed 
electrodes[9]. Recently, a multi-blade wheel grinding techque was developed for low-cost cell 
production. The grooving process time for a 100 cm2-area substrate reduced to 30 s. A simultaneous 
formation of a pn junction and antireflection film was carried out using atmospheric CVD of phospho- 
silicate glass and firing at 920 C. A fast f i g  method to make silver printed electrodes for both sides 
was developed by investigating the efiects of conveyer speed on cell pe&nnance. A maximum conveyer 
speed of 5 rnlmin was realized at a relatively high temperature of 880 C, which is ten times higher 
than an 0rdum-y speed. 

The other approach for reducing the fabrication cost of solar modules is to use a larger-area 
multicrystalline cell. A large multicrystalline cell with an area of 225 cm2 was fabricated with cell 
efficiency of 16.4% by fabricating a low surface reflection using photolithography. Reactive ion 
etching(RIE) method was applied to make a textured surface at multicrystalline Si substrates. The 
s& geometry was controlled by Clz flow rate, reaction pressure and RF power. By optimizing the 
R E  condition, a very low surfkce reflection was obtained at a wider spectrum range, which contributed 
to realize a very high efficiency of 17.1 % for a 225 cm2-area, multicrystalline cell shown in Fig. 8[10]. 

MgF2/Ti02 AR-coated and 
SiCE-passkated, rved 
surface 

Ag front N+layer 

Ag rear P-type 
substrate 

Figure 7: A schematic multicrystalline Si cell 
structure with a mechanically grooved emitter 
surface[9]. 

l SiN k r  

Figure 8: A structure of 225-cm2-area, high- 
efficiency, multicrystalline Si solar cell with 
SiN:H plasma film at the front and rear 
surfaces[lO]. 



4.3 Solar Modules 

Using the DCM multicrystalline Si substrates, solar modules were fabricated to achieve the 
govemment target efficiency of 15%. One of the approaches was the use of 225cm2-area cells to 
fabricate a 18-cell, series-connected structure. An average cell efficiency was 16.6 % with a short- 
circuit current of 7.92 A, open-circuit voltage of 614 mV and fill factor of 0.767. However, as already 
indicated in Table 2, a realized module efficiency was 14.3 % for a module size of 93.4 cm in width 
and 46.6 cm in depth. Another solar module was also fabricated using 100 cm2-area cells. A module 
efficiency was obtained to 13.7 % for a 4,032 cm2-area module. Technologies relating to module 
fabrication were also developed including fast cell interconnection, low s ~ a c e  reflection of superstrate 
glass surfaces and so foxth. 

5. FUTUrCE DIRECTIONS 

As already mentioned above, the government subsidy program is expected to create a new 30 
MWp market for PV-equipped houses. Next issues are a restriction of PV market expansion by Si 
feedstock shortage for solar cells and saturation of cost reduction. 

As for the silicon feedstock supply, the new association will promote the technology development 
of the SOG-Si production in pilot production scale. In May 1997, Kawasaki Steel announced that they 
will construct a bigger production plant of 600 tonsJy in 1999 if the current technology development 
proceeds as expected. 

In the m e ,  we should consider a creation of an independent PV industry without the government 
subsidy program. Toward the future PV industry, high-efficiency R&D p r o p s  should continue 
fmtly to implement a smaller array on the restricted roof area in Japan. Further wst reduction will be 
realized by the following means including wst reduction by building integration and static concentrators 
and the technology development of automated production in GWp level ranging fiom Si materials and 
devices. 

6. CONCLUSIONS 

Technological results achieved in the recent 4-year government program for crystalhe Si materials 
and devices have been remarkable. Primary results include the developments of equipments and 
technologies to produce ggantic cast ingots and also fast cell fabrication processing technologies for 
multicrystalline Si solar cells. Efficiencies of multicrystalline Si, large-area cells and modules using 
them have achieved to 17 and 14 %-levels, respectively. With fundamental research, very-high 
efficiency, single-crystal solar cells were also fiibricated. Based upon the realized results, cost estimation 
has been carried out, which indicated that the cost is competitive with thin-film amorphous Si and 
CdTe solar modules. 

As a steady progress in the last 20-year RBiD program and also the recent market growth using c- 
Si modules, government has decided to terminate the technology development project for the 
multicrystalline Si ingots and devices, which expects to contribute the accelerated transfer of the 
developed technologies to a real production stage in PV industry. 
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Getting to a Gigawatt 

J. I. Hanoka 
Evergreen Solar, Inc., 211 Second Avenue, Waltham, MA 02154 

This talk was originally meant to address the question, "How do we get to a 
GigawaWyear by 2010?" In the light of President Clinton's recently announced million roofs 
program, we need to modify this question. lf we assume that there will be 2-4 kwlroof, then we 
are looking at 2-4 GW-and by the year 2007! Furthermore, we should recall that the Japanese 
are projecting 4.6 GW installed by the year 2010. With the world's total PV production at 
something like 90MW this year, we are talking about anywhere from 50 to about 100 times the 
present production capacity in ten to thirteen years. Where will all these Gigawatts come from 
and how will we get there? These are large and difficult questions, but we attempt here to give 
some possible answers. 

First, we should preface our remarks with the belief that it is naive to think that there will 
be only one technology winner to reach this goal. Markets of this size will accommodate a variety 
of technologies. Having said this, we must, at the outset, acknowledge our bias that crystalline 
silicon ribbon will be one of the technology winners, and we will try to show how this technology in 
particular can reach such a goal. 

A recent multi-year, multi-country study performed in Europe and announced at the 
Barcelona meeting [ I ]  concluded that cast polycrystalline silicon, along with screen printing, 15% 
cells, and assumptions on the economies of scale could allow us to reach,a level of 500 MW/yr at 
a module cost of about $1.25Mlatt. Ribbon silicon came in at an even lower cost of less than 
$1 .OONVatt, thus supporting the bias we mentioned above 121. What was especially interesting 
about this study was that it assumed that basically present technology would be used and that, 
again relying on economies of scale, the costs could reach this level. This general endorsement 
of crystalline silicon as the vehicle to reach the approximate $1#Vatt goal has been mentioned 
elsewhere as well [3]. 

As much as we at Evergreen, being a silicon ribbon company, agree with the conclusions 
of this study, we would take issue with the assumption that extrapolating from current technology 
will be sufficient to reach the long sought $IM(att goal. Before detailing what is meant here, let us 
set out some basic assumptions. First, we assume that the maximum factory size will be 100 
MW. So we will deal in factory "quanta" of this size, 100 MW. Second, for simplicity we divide up 
the problem into four different areas: silicon supply; silicon wafer production; cell making; and 
module making. This division is somewhat arbitrary, and, as will be shown, with the appropriate 
technical advances, some of these areas will merge into each other and not be necessarily 
discrete. 

Silicon S u ~ ~ l y  

It is assumed in the polycrystalline cast and sliced scenario discussed in .Barcelona that 
400-pm thickness is initialiy needed. This translates to about 8000 metric tons of SVyear for a 
Gigawatt. According to Jim McCormick's (Hemlock Semiconductor) numbers from last summer, 
the semiconductor industry will be at about 25,000 tonslyear by Year 2000, and this might be 
doubled to 50,000 tondyeat by, say, 2005. Relying on the fallout and reject material may not 
generate enough silicon for PV needs. The European study cited before concluded that, again 
with suitable scale-up factors and some simplification of the process, even the Siemens process 
could result in satisfactory quantities of silicon. Here are two other scenarios. First, if we could 
grow thin silicon ribbon directly from the melt of, say, 100-gm thickness, then the silicon 



requirement could be reduced by almost a factor of four to about 2000 tonslyear. A second 
scenario is much more "researchy." Years ago, JPL sponsored a project in which Union Carbide 
developed a low cost method to produce silane, SiH4. Silane thermally decomposes at 
somewhere around 400 - 500°C. If a way could be found to pump gaseous silane directly into a 
silicon melt, then the intermediate step and costs of making solid silicon can be bypassed. For 
our ribbon growth method which is open to the atmosphere where the ribbon emerges from the 
chamber, safety issues would be considerable-given all the hydrogen which would be produced 
and the fact that silane is pyrophoric. In such a scenario, silicon production and wafer production 
are somewhat merged. One can envision such a scenario for cast poty-silicon also, once some 
melt has been formed so that the SiH4 could somehow be introduced into the molten silicon. 

Wafer Production 

The String Ribbon growth method practiced by Evergreen now produces a single ribbon 
per machine. The usual question here concerns the throughput per machine. Can a cost of 
$IMlatt goal be met with the usual growth rates of 15-20 mm/minute for a single machine? 
Evergreen's response here is that yes, definitely, if the following tasks are accomplished: growth 
of 100-pm thick, 10-cm wide ribbon, and growth rates of 30-40 mm/minute. With this, a 1 00 MW 
factory would have on the order of 500 crystal growth machines. This seems like a large number, 
but not when considering the size and scope of a typical large industrial operation. Assuming 
each crystal growth machine would require a total foot print of about 20 sq. ft. (this includes 
operator space and accessory needs-machine footprint could be as low as 6 sq. ft.), the factory 
only needs then about 10,000 sq. ft. The capital costs of such a crystal growth machine could 
readily be projected to be low enough to warrant a large number of such crystal growth machines. 

Evergreen's present operating experience with running ten crystal growth machines in 
production, full time, indicates that such low cost machine projections are reasonable. 
Furthermore, given the robustness and simplicity of the process, the other goals above also seem 
attainable. More details will be provided in the talk. 

Solar Cell Makinq 

The approach suggested here also will seem radical to some. First, some numbers and 
general considerations. If we assume 1.5 watts per cell, then a 100 MW/year factory will call for 
approximately 8000 cells/hour. For comparison purposes, we estimate that present screen 
printers used for contact printing on solar cells do, at best, 500 cells/hour. Theoretically, a screen 
printer could do 1000 cells/hour but the issues are handling, breakage, and time to get in and out 
of the "nestn-the place where the cell is held before being printed. The biggest issue will be 
handling, in general in the cell process area. For example, if wet chemistry is necessary, then cell 
blanks need to be loaded and unloaded into plastic carriers. With 200 or 250-pm thick silicon 
blanks, robotic insertion and removal will not be straightfonnrard. Ideally, either wet chemistry 
steps are eliminated or belt methods are developed to accomplish etching [4]. Handling is also a 
major issue for any process which calls for plasma or vacuum processing, and certainly for one in 
which cell blanks need to be inserted into and be removed from carriers for tube furnace diffusion. 

So with all this, we would assert that the ultimate ideal solar cell process is one in which 
there are only belt processes and belt-to-belt transfers. This means no vacuum processes. 
Examples wifl be shown to indicate that this ideal is attainable, based especially on the author's 
personal experience. In fact, at Evergreen we are working on a cell making process which 
satisfies a number of these criteria, and, we believe, with suitable R&D advances over the next 
three years, we will satisfy all of them. Methods for belt furnace surface and bulk passivation will 
need development-but we believe that this can be done. 



Module Makinq 

Lower costs which will lead to the Gigawatt level goals will be achieved in conjunction 
with a number of developments in polymeric materials for modules which we have worked on 
under a PVMaT program over the last two years. These developments include a new backskin 
material which allows for a frameless module, a new encapsulant to replace EVA, a method for 
continuous lamination in air, and novel, low cost module mounting methods made possible by this 
new backskin material. 

We have listed the developments we view as necessary to reach Gigawatt levels of PV 
production at costs of about $1Mlatt. Specific examples from the author's experience at Mobil 
Solar and more recently the approach taken at Evergreen Solar are discussed. Two areas where 
NREL and Sandia could help are in the silicon supply question and the development of methods 
for continuous non-vacuum bulk and surface passivation. 
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EBARA Solar was founded in December, 1993 to commercialize the dendritic web 
silicon photovoltaic technology invented by Westinghouse. EBARA Solar, located in 
south suburban Pittsburgh, PA, currently employs over 70 people. Attractive features of 
dendritic web material include the high silicon utilization rate (4 m2/kg), some flexibility 
derived from the small thickness (100 pm), and high electrical quality associated the 
single crystal nature of the substrate. EBARA Solar has recently participated in several 
demonstration projects. in November, 1996, EBARA Solar provided modules for a 2 kW 
installation at the NTT training center in Suzuka, Japan. In March, 1997, a 12 kW 
installation was completed at the same site. Modules had a tefzel fiont cover, a backing 
plate of fiber-reinforced plastic or aluminum, and soldered interconnects. The cells for 
these modules were fabricated using an RTP diffusion, APCVD AR coating, and 
screen-printed metallization. Distinguishing features of these cells include an n-type base 
and alloyed aluminum self-doping emitter contacts. Encapsulated cell efficiencies were 
typically 1 1 %, limited primarily by high series resistance and excessive grid shadowing. 
More advanced cell processing, done in collaboration with Georgia Tech UCEP, and 
including emitter etch-back, oxide passivation, evaporated contacts, double layer AR 
coating, and forming gas anneal, has been used to produce web cells with efficiencies as 
high as 17.3% and lifetimes greater than 150 ps. Some of these features will be 
incorporated in hture web cells. Having demonstrated a viable cell structure and module 
assembly technology, attention has shifted to perfecting the web growth process. Twenty 
web furnaces are being utilized to systematically study the factors which limit the ability 
to start and sustain web crystals. It must be recognized that the operating window in melt 
temperature for web growth is only about 1°C. Emphasis is currently placed on precise 
measurements to map the temperature field within the silicon melt and the growth 
hardware, along with detailed finite element modeling of temperature and fluid flow 
within the system. The hardware configuration, processing conditions, and control 
requirements for producing web crystals of the desired length, width, and thickness are 
thereby being defined. Additional study and improvement of the web growth process is 
underway at EBARA Research in Fujisawa, Japan, and at NREL. The goal of these 
combined efforts is to reduce dendritic web production costs in order to bring to the 
marketplace an advanced silicon photovoltaic technology in 1998. 
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A novel method to address the thin film silicon question is to eliminate the substrate 
altogether and simply grow self supporting silicon ribbon. Toward this end, Evergreen has been 
involved in an R&D effort to explore this possibility using the String Ribbon crystal growth method. 
The goal here would be that of producing 40-pm ribbon. In earlier work [I ,2] we reported on the 
use of an active or tunable afterheater to grow 100-pm ribbon of 5.6-cm width. Research sized 
cells (1 cm2) made on this material (in Dr. Rohatgi's lab at Georgia Tech) have yielded cells with 
efficiencies as high as 15.2%, and, in one case, a cell with a Voc of 638 mV. These results 
indicate that the initial electronic quality of the material can be quite high, and that with processing 
optimization, 1 6% cells should be achievable on 1 00-prn String Ribbon. 

The String Ribbon crystal growth process, now in commercialization at Evergreen, is 
simpler and more robust than other silicon sheet growth methods. As a consequence, we believe 
that extending the work to grow 40-pm material is very feasible. Further evidence to support this 
has been obtained recently in work done using a simplified passive afterheater. It was found that 
with small modifications in growth speed and melt temperature, flat, low stress ribbon of 125-pm 
could easily and reproducibly be grown. This material could be diamond scribed into 15 crn x 5.6 
cm solar cell blanks, suitable to be run through Evergreen's solar cell production line. A number 
of such pieces are being processed this way and the results will be reported. The handling issues 
are not trivial but appear tractable. 
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ABSTRACT 

Origins of the termination of web silicon growth have been investigated 

by etch pitting and x-ray topography. Results indicate that the formation of 

the polycrystalline grain structure constitutes the major source for the 

cessation of growth. The evolution of the structure is attributed to the 

interaction between dislocations that are introduced by thermal gradient- 

induced stresses. 



1. INTRODUCTION 

Silicon is an attractive material for solar cells that require large areas. 

Three approaches have been used to produce these large areas. In one of the 

schemes, cylinders of single crystal silicon are sliced into wafers, polished and 

then processed into solar cell panels. Solar cells have also been fabricated 

from polycrystalline ingots. In the second approach, large areas of amorphous 

silicon containing hydrogen are produced by chemical vapor deposition. This 

technique is attractive, but the efficiency of the cells is low. In the third 

scheme, thin silicon ribbons are grown directly from the melt and are then 

processed into solar cells, thus avoiding cutting and polishing. 

Two techniques are used for the growth of silicon ribbons: (I) edge- 

defined film fed growth, and (ii) dendritic web growth. For these processes to 

be economical, it is desirable to continuously grow large lengths of ribbons. In 

the present study, the termination of web silicon growth due to the formation 

of polycrystalline grains has been investigated using etching and x-ray 

topography. 

2. WEB GROWTH OF WEB SILICON RIBBONS 

In the dendritic-web growth, crystals are grown using a dendrite seed 

about 0.5 to 1.0 mm square which is etched to - 0.1 mm square. When the 

melt is slightly supercooled (-2-3"C), a "button" spreads laterally across the 

melt surface and dendrites form at the ends of the button. These features are 



illustrated in Fig. 1. A ribbon can be grown by pulling the seed upwards. In 

principle, long lengths of ribbons can be produced by replenishing the melt. 

.%' 

Figure 1: Schematic of dendritic web silicon growth process 

Seeding is a crucial step in the web growth. Prior to growth, a thin 

dendrite is etched to remove any oxide and to generate a needle-like tip. The 

melt temperature is adjusted so that the seed does not melt. This is referred 

to as the "hold" temperature. With the seed in contact with the melt, the 

temperature is lowered by a few degrees. As the temperature drops, a 

"button" spreads laterally from the seed along the <110> directions across the 

melt surface. The shape of the button is controlled partially by the 

temperature distribution in the melt, partially by atomic attachment kinetics 

at the solid-liquid interface and partially by heat flow along the seed. When 

the button is of the right size, it is withdrawn from the melt. This results in 

the propagation of two bounding dendrites into the melt as shown in Fig. 1. 



The molten Si forms a film between the dendrites. With the continued 

withdrawal of the button, a silicon web can be grown. 

3. RESULTS AND DISCUSSION OF WEB GROWTH TERMINATION 

One of the major obstacles to growing larger crystals by this method is 

the ease with which the growth terminates. Due to the thin solid/liquid 

boundary, fluctuation in temperature, mechanical movements, and the high 

surface tension of liquid Si, the solid easily pulls away from the melt. For the 

method to be economically viable, crystals of 4 meters need to be consistently 

produced on average. However, terminations cause the average length of 

crystals to be much smaller. One of the dominant factors causing the 

cessation of growth is the formation of polycrystalline silicon. 

ETCHING 

To etch the (111) surface of web silicon, Sirtl etch was used which is a 

mixture of 1 HF .: 1 CrQ. The etching time was three minutes which leaves 

behind pyramidal shaped etch pits. Results indicate that there is a band of 

high dislocation density (lo6 ~ r n - ~ )  approaching the wish-bone shaped 

polycrystalline regions. It appears that the dislocations group together to form 

sub-boundaries. This assessment was also supported by the etching studies on 

cross-sectional samples. Using Laue back reflection technique, the average 

angle of the boundaries was determined to be 3". The accumulation of the 

dislocation appears to form a low angle tilt boundary, which once formed can 



lead to further deterioration of the web, such as severe polycrystalline 

formation which leads to nonplanar growth. 

TOPOGRAPHY 

The topographic images indicate the same results as the etch pit analysis. 

They do show, however, the dislocation in the center of the web run 

generally along the [2 -1 -11 direction. These dislocations are termed 

"stringers" and are a result of the interaction between two dislocations on the 

slip system of + a/2 [I 0 -11 (-1 1 -1) and f a/2 [l -1 01 (1 -1 -1) as they are blocked 

by twin planes in the crystal. Stringers become quite extensive through the 

center of the web. 

4. CONCLUSIONS 

In conclusion, the formation of polycrystalline growth is caused by the 

deterioration of the crystal quality. Introduction of a low angle tilt boundary 

is the first step towards termination of growth by this mode. High thermal 

gradient-induced stresses appear to play a major role on the formation of 

polycrystalline regions. 
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Lifetime and diffusion length of minority carriers in silicon are important parameters, 
characterizing the quality of silicon. The most common impurities in silicon device fabrication are 
the transition metals (primarily Cu, Fe, Ni, Co), which decrease the lifetime by forming electrically 
active levels, i-e. recombination sites, in the bandgap. Precipitates of copper can degrade the 
dielectric properties of gate oxides' and p-n junctions2 causing premature breakdown and junction 
leakage. However, until now, the recombination activity of copper, particularly interstitial copper, 
was still uncertain. Experiments on copper contaminated silicon, via chemomechanical polishing3 
or high temperature copper-diffusion followed by quench4 as well as Transient Ion Drift studies5, 
indicated that significant concentration (comparable to the doping level) of copper can be kept in the 
interstitial state for several hours after the quench. This is due to the formation of copper-acceptor 
pairs which are unstable at room temperature. It is thus possible to study the electrical properties of 
interstitial copper. 

Samples of float zone boron-doped silicon, with a concentration of shallow acceptors of 
about 2-1015 cm-', were copper diffused in a vertical furnace at 600°C, quenched in ethylene 
glycol, cleaned and etched, and finally stored in liquid nitrogen to prevent further copper 
precipitation until the beginning of the measurements. 

The decay of the concentration of interstitial copper was monitored by the methods of 
capacitance-voltage characteristics (used to determine the concentration of non-compensated 
shallow acceptors) and by Transient Ion Drift (TID)' (used to measure low concentrations of 
interstitial copper). The decay of the concentration of interstitial copper was approximated by an 
exponent. The time constant at room temperature was about four hours both as obtained from CV 
data and TID. The concentration of interstitial copper at the beginning of the measurement was 
about 65% of the expected copper concentration of 1.40 1 015 crnm3, determined by the diffusion 
temperature. The rest of the copper has already precipitated during quench and during the time 
required for the preparation of the Schottky diodes. 

Starting minority carrier diffusion length was about 5 1.5 pm after the quench and saturated 
at 58.5 pm during the next 12- 15 hours. Diffusion length in the beginning of measurements was 
limited by recombination on two types of defects: copper in the f o m  of interstitial atoms, partly 
paired with boron and by already existing copper precipitates. Substituting 7's in the standard 
formula for the lifetime of minority carriers in the case of several recombination channels 
1/~~=1/7 ,+1 /~~  by diffusion length L=(TD)", one obtains the relation: 



time (min) 

Fig. 1. Time dependence of estimated 
concentration of traps for minority carriers, 
calculated from the SPV data (circles) and 
obtained from CV and TID decrease of 
concentration of interstitia.1 cclnner (solid line). 

Since the final value of L2=58.5 pm 
was due to precipitates only, Eq.(l) reduces 
to the form: L ~ ~ = L " ~ ~ , ~ ~ .  If is natural to 
assume, that the most favorable 
precipitation sites for interstitial copper are 
already existing precipitates. Since almost 
half of the initial concentration of copper 
has already precipitated prior the begmning 
of measurements, the volume of precipitates 
should double after the precipitation of the 
remaining interstitial copper. The linear size 
of the precipitates, however, should change 
rather insignificantly - by a factor of 1.3-1.4. 
Assuming that the recombination activity of 
growing precipitates did not change much 
during our measurements, the diffusion 
length, LcuiCuB, limited solely by interstitial 
copper in concentration of about 10 l5 cm3 
would be about 110 pm, and the precipitate- 
limited component would be about 60 pm. 
This estimation is consistent with the data of 
Prigge et a13. After compensating up to 60- 
90% of the acceptors in silicon by 

chemomechanical polishing, they observed a diffusion length of about 150 pin. Polishing for 
longer times, which could provide compensation up to nearly 100%, decreased the difhion 
length to approximately 50 pm (Ref.3). Ths can easily be explained by the formation of copper 
precipitates and is also consistent with our data. It should be noted that even if the diffusion 
length limited by copper precipitates, biPP changed with the growth of precipitates, the 
diffusion length limited by interstitial copper alone can not be lower than 66-70 pm. Again, this 
does not differ significantly from the estimate above. 

The change of concentration of the recombination centers NT can be estimated using the 
well-known formula, based on Shockley-Read-Hall statistics. The formula relates the minority 
carrier difbion length LD with the density of recombination centers NT 

where D is the diffusion coefficient of electrons, on is the capture cross-section of minority 
carriers (electrons) by recombination traps. * 

Substituting diffusion length L G ~  in Eq.(l) by NT fhm Eq.(2), and assuming that the 
density of copper precipitates does not change, one can show that ANT - ALD-2. The dependence 
of L - ~  on time is plotted as a function of time in Fig. 1. On the same graph, the exponential 
dependence of decrease of concentration of interstitial copper for the same temperature is 
plotted. The minority carrier diffusion length data fit the decay of interstitial copper very well. 
This suggests that the increase of minority carrier diffusion length is entirely due to the 
precipitation of 1015 atoms of interstitial copper. 

From these data, the capture cross-section of interstitial copper can be readily estimated. 
Assuming that the diffusion length, limited by interstitial copper, is 110 pm, the correspondent 
lifetime of electrons, limited by Cui, would be 12.1 ps an4 as follows from Eq.(2), the capture 



cross-section of interstitial copper ( ~ , , = 1 0 ~ ~  cm2) should be about 10-l7 cm2. One should however 
take into account that a significant part of interstitial copper could be paired with boron, forming 
neutral CUB pairs. These pairs should not substantially contribute to the decrease of the lifetime. 
Thus, if the fraction of unpaired interstitial copper is lo%, then the estimated capture cross-section 
of interstitial copper would be 10-l6 cm2 , and if the fraction is 1% then the capture cross-section is 
about cm2. TID measurements of the diffusion coefficient of coppe? showed, that the pairing 
with boron makes only a small correction to the diffusion coefficient of copper, so that the fraction 
of paired copper can not be very large. Special experiments, however, are required to determine 
exactly the ratio of interstitial copper to copper-boron pairs. 

These results demonstrate that interstitial copper in p-type silicon is much less dangerous as 
a life-time killer than interstitial iron or iron-boron pairs. For comparison, only about 4 - 1 0 ~ r n - ~  
FeB pairs would result in the same 1 10 pm diffusion length6 caused by 10'' cm-' of Cu 
contamination in interstitial site. 

However, even low concentrations of copper precipitates can drastically reduce the 
efficiency of solar cells because of the much higher recombination activity of the precipitate. As 
copper silicide has a unit cell volume of approximately 150% of that of silicon, copper precipitates 
should have large lattice mismatch. This results in strong stress fields, stacking faults, and 
punched out dislocations. Though the origin of electrical activity of copper precipitates is still 
unclear, there are studies which show that copper precipitates, formed through similar treatments 
as in this study, form a wide defect band in the upper half of the bandgap of silicon7. This would 
provide excellent recombination sites for electrons and can not be represented simply adding 
recombination properties of single atoms of interstitial copper. 

The recombination activity of precipitated copper was studied by Electron Beam Induced 
Current (EBIC) in n- and p-type silicon. The measurements were made on the same samples 

Fig.2. EBIC image of n-type silicon sample, 
contaminated with copper at 850 C. The image 
was taken at 300 K. 

prepared for the DLTS and TEM 
studies7. As both methods required high 
density of precipitates, copper was 
diffused at 850°C, which corresponded 
to the equilibrium copper concentration 
of 1017 cm3. To obtain samples with 
precipitates of different size, cooling 
rates were varied by using different 
quenching solutions, i.e. silicon oil 
(estimated quench rate 1 00-250 Ws) , 
ethylene glycol (1000 Ws) and 10% 
solution of NaOH (2000 Kls). The 
copper precipitates had the form of thin 
platelets, lying primarily in { 1 1 1 ] 
planes. Their diameter was determined 
by the quenching rate and ranged from 
250-300 nm after quench in silicon oil to 
50-60 nm in ethylene glycol and 30 nm 
in NaOH. The diffusion length of 
minority carriers was determined from 
the dependence of EBIC collection 
efficiency versus accelerating voltage. 

The contrast of separate precipitates could be distinguished only on the sample, quenched in silicon 
oil, which had the lowest density of precipitates due to their larger size. The EBIC image, obtained 



at the temperature 80 K, is presented on Fig.2. The distance between separate precipitates was 
about 5- 10 pm. The contrast of the EBIC image was rather low and increased from 6% at 80 K to 
7% at 300 K. The diffusion length slightly decreased with increasing temperature and was equal 14 
pm at 80K and 13 pm at 300 K. Samples, quenched in ethylene glycol, had smaller size and larger 
concentration of precipitates and had diffusion length 2.6 pm at 80 K and 2.2 pm at 300 K. 
Finally, n and p-type samples quenched in NaOH solution had a diffusion length less than 2 pm. 

The recombination activity of copper atoms in interstitial sites and in precipitates can be 
compared using this experimental data. The precipitates of copper were about 30 nm in diameter 
and 1-2 monolayers thick after quench in NaOH solution. Assuming that the precipitates were 
CuSi,, one can estimate that each precipitate contained about 5.1 O4 atoms of copper. Thus, for an 
initial concentration of copper of about 10" cm3, the density of precipitate sites is about 2 1 0 ' 
cm". Based upon this data, to obtain a diffusion length of 200 pm, the density of similar sized 
copper precipitates must be less than 2-  1 o8 ~ r n ' ~ ,  which corresponds to an initial copper 
concentration in the range of 1012 ~rn '~ .  

The deleterious role of microdefects on the lifetime of minority carrier in solar cells has 
been discussed for a long time (see for example Ref.8). Recently, M.Weme? detected by TEM 
several types of microdefects. One of these types were planar defects lying in { 11 1 } planes. 
Though there is no direct experimental data on the structure of defects, the similarity of planar 
(1 11) defects reported in Ref.9 to the structure of Cu-precipitates suggest them as a possible 
candidate to the main lifetime reducing defects in silicon. This assumption is in line with the data, 
recently reported by A.Correia et al.I0 who found that in samples, contaminated with copper, the 
diffusion length of the minority carriers dropped to more than an order of magnitude due to the 
defects, which had the form of platelets in (1 11) planes with the diameter of about 12 nm. These 
defects were surrounded by strong deformation fields, which is typical for Cu-precipitates. 

This work was supported by NREL, subcontract XD-2-11004-3. 
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Selective Nucleation and Solid Phase Epitaxy Process For Si Thin Film Photovoltaics 

Claudine M. Chen and Harry A. Atwater 
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Future thin film poly-Si solar cells on low-cost substrates, will require methods for fabrication of 
approximately 10-30 pm thick Si films with large (30-100 pm) grain sizes at low temperatures. In order 
to take advantage of present low-cost glass substrates, processing temperatures are limited to 600 O C  or 
lower. With a selective nucleation and solid phase epitaxy (SNSPE) process, grain sizes of 10 pm have 
been achieved to date at 600°C in 100 mn Si thick films on amorphous Si02, with potential for greater 
grain sizes. Selective nucleation occurs via a thin film reaction between a patterned array of 20 nm thick 
In islands which act as heterogeneous nucleation sites on the amorphous Si starting material. Crystal 
growth proceeds by lateral solid phase epitaxy fkom the nucleation sites, during the incubation time for 
random nucleation. The largest achievable grain size by SNSPE is thus approximately the product of the 
incubation time and the solid phase epitaxy rate. Electronic dopants such as B, P, and Al, were found to 
enhance the solid phase epitaxy rate at high concentrations. The optimum doping concentration to 
produce large grain size by SNSPE is constrained by several competing factors, including the electronic 
enhancement effect, doping segregation at the amorphous-crystal interface, and unwanted heterogeneous 
nucleation resulting from dopant precipitation at concentrations above the solid solubility limit. 

SELECTIVE N'UCLEATION AND SOLID PHASE EPITAXY PROCESS 

The overall process for selective nucleation and solid phase epitaxy (SNSPE) of Si is shown in 
Fig. 1. A thin film of a-Si is first crystallized by SNSPE. To maximize the extent of grain growth during 
the incubation time for nucleation, crystals are nucleated at specified locations in a periodic array at the 
beginning of the anneal. Metal induced crystallization enables crystal nucleation at these specified sites 
with virtually no incubation period [I]. The crystallized film then foms a template upon which a thicker 
Si layer can be grown by vertical solid phase epitaxy of deposited a-Si layer grown on the template. 

Figure 1: Procedure for fabricating large grain poly-Si: (a) metal is deposited through a mask to form patterned 
film on a-Si layer, (b) sample is annealed to nucleate and grow c-Si, (c) seeded grains impinge on each other, film 
is completely crystallized, (d) additional layer of a-Si is grown on the thin film seeded layer by vertical SPE of an 
a-Si layer deposited on the template, and (e) sample is annealed to crystallize device layer. 



Figure 2: Optical image of Al-doped a- 
Si (peak conc. 5SEl 9/cm3) samples 
after 450 OC/20 minutes, 600°C/3.5 
hours anneals. The brighter areas, 
corresponding to c-Si, are separated by 
20 pm and were nucleated by In. 

The expected grain size can be very roughly estimated as the product of the transient incubation 
time, f,, and the solid phase epitaxial growth rate, v,,. Once random nucleation starts, further growth 
of the seeded crystals will be inhibited by impingement of randomly nucleated grains, thus limiting the 
grain size to that which is achievable before random nucleation occurs. The SPE rate of Si as an 
Arrhenius function of temperature (T) [2] is given by, 

- EA IkT 
V~~~ = Voe , where vo = 2.3 x 10' cm/s a.ndEA = 2.7 ev, 

and the transient incubation time as an exponential function of T is given by [3], 

hc = toeE"'kT, where to = 1.12 x lo-" s and EA = 2.7 eV. 

EXPERIMENTAL RESULTS 

Selective nucleation and solid phase epitaxy was investigated in 100 nm a-Si films, deposited by 
ultrahigh vacuum electron beam evaporation at low temperatures onto S i 4  films on Si substrates. Films 
were implanted with 13 keV I%+, 37 keV "P', or 30 keV 2 7 ~ 1 + ;  at these energies, the dopant 
distributions span the a-Si thickness. Peak concentrations were: for B, 2. Ox 1 OZ0/cm3 and 9 . 8 ~  1 O2'/cm3; 
for P 2 .1~1  020/cm3, 1.1 XI ~ * ~ / c r n ~ ,  and 2. lx 1 021/cm3; and for Al, 1 .OX l ~ ~ ~ / c r n ~ ,  1 -9xl OIg/crn3, and 
1 .OX 1 02*/cm3. 

Indium dots, deposited by thennal evaporation in a high vacuum evaporation chamber, created 
seed regions that enabled selective heterogeneous nucleation. The 20 nm thick In layer was evaporated 
through a mechanical mask in a grid pattern of 5 pm diameter circles with a periodic spacing of either 20 

Figure 3. (a) TEM bright field image of an In dot after initial 20 minute anneal. (b) TEM plane-view 
DF image of an In seeded grain. 



Figure 4. Current work and other experimental data for solid phase epifaxy rate for intrinsic and doped Si 
as function of temperature. 

pm or 25 pm. The samples were annealed at 450°C for 20 minutes to induce selective nucleation of a-Si, 
and then an additional 600°C for various times, depending on the growth rate. Anneals at 575OC and 
625 "C for intrinsic Si and A1 with a peak concentration of 1 .Ox 1 OZ0/cm3 were also done. After the 450°C 
anneal, the In dot separated into many In islands as seen in Fig. 3. The discontinuous film seeded 
several Si crystals per In dot. This results in multiple crystals with different orientation at each 
nucleation site, which reduces the maximum possible grain size. Development of a method for 
nucleating one crystal for each nucleation site, which is more desirable, is underway. 

In Fig. 4, the growth rates versus temperature of the various samples are compared to the results 
of Ref. [2] (for vertical SPE for 4 0 0 >  orientation), and Ref. [3] (for polycrystalline silicon nucleated by 
random nucleation). The SPE rate was determined by measuring the change in the position of growth 
fronts at successive anneal times. The growth rate as a function of temperature of the intrinsic Si 
coincided with the results of Ref [3]. This suggests that the indium, which nucleates the crystals, has 
little influence on the growth kinetics. 

Electronic dopants such as B, P, and A1 enhanced the solid phase epitaxy rate in some samples. 
The growth rate of the Al-doped Si coincided with intrinsic Si for the two higher doses( peak conc. 
1.9x10'~/cm~, and 1.0x1020/cm3), and was enhanced by a factor of 2 relative to intrinsic Si for the lowest 
dose (1.0x1019/cm3). The growth rate of P-doped Si was enhanced by a factor of 15 relative to intrinsic 
Si (peak conc. 2 . 0 ~  1 02'/cm3) and 27 relative to intrinsic Si (peak conc. 2 . 0 ~ 1  020/cm3). The growth rate of 
B-doped Si (peak conc. 2.0x10Z0/cm3 and 9.8x10*~/cm~) was enhanced by a factor of over 50 relative to 
intrinsic Si. An unexpected result is that the growth rate for higher concentrations is less than lower 
concentrations, which may be related interfacial dopant segregation for dopant peak concentrations near 
or above their solid solubility limits in crystalline Si at the anneal temperature. At 600°C, A1 has a solid 
solubility of 7x10'~ atoms/cm3, whereas the solubility limits for B and P can be linearly extrapolated to 
be roughly 6x10I8 atbms/cm3, and 6x10'~ atoms/cm3, respectively[4]. We speculate that doping 
concentrations in excess of the solubility limit can drive impurity precipitation, and that precipitates 
could then impede interface motion, resulting in a lower growth rate. However, the coincidence of the 
solid phase epitaxy rates for Al-doped films at the two higher doses with the intrinsic solid phase epitaxy 
rate is not understood, and may indeed be purely coincidental. 



Figure 5. Observable random nucleation density for doped Si as a function of m e a l  time. 

As important as the growth rate in SNSPE is the random nucleation rate in the "bulk" of the a-Si 
film, and at its surfaces, since the random nucleation rate essentially determines the achievable grain 
size. The larger the random nucleation rate, the sooner the seeded crystal will be impinged by randomly 
nucleated crystals. For example, among all the dopant types and concentrations investigated, the solid 
phase epitaxy rate for boron was highest, but B doping also yielded a high random nucleation rate 
relative to other dopant species, so there was no increase in the maximum crystal grain size nucleated by 
the seed. Figure 5 shows the observable random nucleation density for the doped Si layers as a function 
of anneal time. This figure does not distinguish between homogeneous or heterogeneous nucleation 
events, and only reflects nucleation observable by optical microscopy, with minimum size of 0.1 p.m. 

Grain size determination was complicated by the irregularly-shaped growth fionts and twin 
boundaries observable during grain growth, and also by deformation of the layer after specimen thinning 
for TEM imaging. The largest observed grain sizes were approximately 10 pm for P-doped Si with a 
peak P concentration of 1 .Ox 1 U2'/cm3. 

CONCLUSIONS 

Selective nucleation and solid phase epitaxy (SNSPE) was demonstrated for intrinsic and B, P, 
and A1 doped Si layers. Selective nucleation by metal-induced nucleation, has not led to date to a single 
crystal per nucleation site, which reduces the area into which the crystal can grow and therefore limits 
the maximum crystal size. Alternate methods of nucleating one crystal per site will be studied in future 
work. Dopant enhancement of the solid phase epitaxy rate was demonstrated, but the dopant 
concentrations appeared to be higher than optimum. Further experiments with dopant concentrations 
below the solubility limit are underway. 

- 
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Introduction 

The study of recombination mechanisms in solar materials is an important activity 
directed toward understanding of processes which will improve bulk quality during cell 
processing and increase solar cell efficiency. We extend this study here for the first time to non- 
radiative recombination centers in crystalline silicon by relating room temperature 
photoluminescence (RTPL) intensity to bulk material electronic quality. Our studies are carried 
out in multicrystalline silicon grown by the Edge-defined Film-fed Growth (EFG) technique. 
EFG silicon wafers, as many other crystalline silicon photovoltaic materials, require special 
device processing steps to improve performance of solar cells and achieve optimal efficiencies. 
Each process step has a synergetic effect on bulk diffusion length, and contributes integrally to 
determining wafer quality in the solar cell. We have previously described bulk minority carrier 
diffusion length improvements monitored by surface photovoltage (SPV) measurement, or 
lifetime "'upgrading7', for individual steps used in the EFG cell manufacturing line: phosphorus 
diffusion, hydrogen passivation and aluminum alloying (1). Each of these processes acts to 
reduce recombination activity at minority carrier traps during the upgrading. 

Non-radiative recombination, on the other hand, can be monitored using the PL 
technique, specifically, by spatially resolved PL mapping. We present here results which show a 
large band-to-band PL intensity increase for the same processing steps which produce material 
quality upgrading and the SPV diffusion length changes usually associated with increases in cell 
efficiency. PL mapping is repeated on a given area of a wafer undergoing a sequence of 
processing steps, and this repeated mapping over the full 10 cm x 10 cm area of an EFG wafer 
provides a weighted average measure of the PL intensity changes for a given processing step. We 
discuss the relation of the RTPL intensity changes to SPV results, and show that RTPL provides 
a means of monitoring processing steps which contribute toward optimizing solar cell efficiency 
and are as convenient a method for mapping of the wafer as is SPV. 

Experimental Details L. 

We have developed and applied a spatially resolved PL non-contact technique to mapping 
EFG polycrystalline silicon wafers and solar cells (2). The PL spectrum was analyzed using a 
SPEX-5OOM grating spectrometer coupled to a liquid nitrogen cooled Ge detector, or 
alternatively with a PbS detector cooled with dry ice. The PL intensity was modulated with a 
mechanical chopper and converted by a photodetector to a signal which could be monitored by a 
lock-in amplifier. The 5 14 nrn Ar laser line with power ranging fiom 30 to 100 mW was used as 
the PL excitation source. Room temperature PL mapping of the silicon wafer was carried out 

, 

with a spatial resolution controlled by the A .  laser spot size, which ranged fiom 100 pm up to 3 
mm. The smallest step of the x-y table driver was 1 pm. The PL spectra were corrected to the 



sample mounted to the cold finger of a cryostat capable of ranging between 4.2 and 300 K. The 
SPV diffusion length (L) measurements were carried out using a system described previously (3). 

PL spectra data were obtained on EFG wafers by mapping PL responses at the same 
locations over the surface of a 10 cm x 10 cm wafer before and after an individual solar cell 
processing step. PL spectra and L value measurements were made on the same samples to 
provide data for correlation. 

Results 

Typical PL spectra of an EFG wafer at 4.2 K and at room temperature are shown in Fig. 
1. The dominant PL line at 4.2 K is the boron-bound exciton (BTO) at 1.093 eV. This arises from 
the boron dopant present at levels of 3-5x10~51cm3. At 300 K, the exciton lines are quenched 
and two broad PL bands persist and can be resolved. The maximum at 1.1 eV corresponds to 
band-to-band recombination in silicon and its intensity is related to the concentration of non- 
radiative recombination centers in the material. The band peaked at 0.8 eV is attributed to a 
"defect" arising fiom oxygen precipitates. We use the band-to-band peak to correlate to the local 
SPV diffusion length at each point in the wafer after different stages of processing. 

RTPL maps were obtained initially on as-grown wafers. These maps formed the basis of 
the reference PL intensity distribution obtained over the full area of an individual wafer, as 
shown in the bottom trace of Fig. 2. The reference bar designated as "initial", on the far left for 
each wafer designation in Fig. 3, gives the averaged PL intensity over the 10 cmxlO cm area of 
each of the 5 wafers that were mapped in this study. After the initial PL mapping, each wafer 
next was subjected to phosphorus diffusion (Nl-second trace fiom bottom in Fig. 2 and second 
bar from left in Fig. 3 ) and the mapping repeated again; the N2 and N3 distributions in Fig. 2 
and the rightmost two bars for each wafer in Fig. 3 represent the PL measurements repeated on 
the same wafers at the same locations after hydrogen passivation and then after combined 
hydrogen passivation and aluminum alloying, respectively. These processing steps are identical 
to those used in producing SPV diffusion length changes and material upgrading that we reported 
previously for the EFG manufacturing line (1). Note that the spectral amplitudes reported in Figs. 
2 and 3 are plotted with logarithmic scales, and that the changes in the PL intensity represent 
large variations spanning several orders of magnitude. 

SPV measurements to correlate to the PL intensity have also been performed, by taking 
PL and L line scans across the same location on the same sample. These are shown in Fig. 4. A 
map of PL intensity and L is given in Fig. 5. The best fit line correlation indicates that PL 
intensity - L ~ .  Since L~ - T , the data in Fig. 5 are a strong indication that RTPL intensity is 
indeed a measure of recombination lifetime and can be used, like L, to track material electronic 
quality changes in polycrystalline silicon wafers. 
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The trend of using Czochralski grown (CZ) Si crystal wafers of very large diameters, up to 30 cm 
or beyond, raised new problems of gate oxide integrity. Recent studies have shown that it was de- I 

graded by the so called D-type swirl defects1 that were identified to be voids in Si reaching 100 nm in 
size. When unaltered by processing the voids are polyhedral-shaped, with their faceted surfaces con- 
sisting of Si { 11 1 } planes covered by thin SiOz layers.=-4 These defects form under vacancy (V) su- 
persaturation conditions due to the precipitation of V. In this process, there are two forms of competi- 
tion: between nucleation of voids and V-type dislocation loops (DL) and between growth of existing 
defects and nucleation of new ones. In this work, the nucleation and growth of the V-type extended 
defects is examined assuming that the process is homogeneous and is due to precipitation of V only, 
i.e., with the contribution of self-interstitials ignored. 

At the V concentration C ,  the Si crystal Gibbs free energy change due to the formation of a V- 
type edge DL, which may or may not contain also an intrinsic stacking fault (SF), is 

where rd is the radius of the DL, ~ 6 0  ergs cm-2 is the intrinsic SF energy density (pO for the perfect 
DL), p=6.45x1011 dynes cm-2 is the shear modulus of Si, b is the magnitude of the dislocation 
Burgers vector (b=3.135~10'* cm for the 1 1  1 1>/3 Frank partial DL and 3 .84~10 '~  crn for the 
<110>/2 perfect DL), v =0.228 is Poison's ratio of Si, a =4 is a parameter accounting for the dislo- 
cation core energy, cm3 is the volume of one V, kB is Boltzmann's constant, T is the ab- 
solute temperature, and C; is the V thermal equilibrium concentration. On the right-hand side of Eq. 
(I), the first term is due to the intrinsic SF energy, the second is due to the edge dislocation elastic and 
core energy, and the third is due to the consumption of V. Similarly, for a spherical void of radius r,, 

where -1230 ergs ~ r n - ~  is the Si surface energy density. Both AGd and AGv are zero for r=O, in- 
crease to a maximum (critical) value AG* at the critical size ~ r * ,  and then decrease. The qqmtity AG: 
is the needed activation energy for defect nucleation to occur. In Fi . 1, the T=90°C AG and AG 
values are plotted as functions of the V-supersaturation value C JC;$These curves are faihy insens;- 
tive to temperature changes within the range of 700 to 120O0C. Assuming that the V concentration in 
as-grown Si crystal just after c stallization is equal to the thermal equilibrium concentration at the 7 melting temperature, Cv(2") = C,, (T ), and V are frozen into a crystal section when it is cooled down, 
we have calculated the v ues of JC;: They are plotted in Fig. 2 as functions of T and using 
enthalpy of V formation $ as a parameter in the range 1 to 4 eV, for it is not known precisely. From 
Figs. 1 and 2, it can be seen that in the considered temperature range the DL nucleation banier cannot 
be lgwer than -15 eV. Thus, the possibility of nucleating a V-type DL can be ruled out, because the 
AGd values are excessively large. But the nucleation barrier of voids is significantly smaller than that 
of both faulted and perfect DL at any V supersaturation value. Besides, the free energy of a void is 
significantly smaller than that of a DL containing the same amount of V, as can be seen in Fig. 3. The 
situation changes only for voids larger than -50 nm and DL larger than -0.8 ym in radius. Hence, 
even if a V-type DL has nucleated, it is likely to transform into a void. 

The void nucleation rate can be written as J = < ~ c Z w / ~  where c'&, is the thermal equilibrium 
concentration of the critical nuclei, Z is Zeldovich factor for nonequili6r~um distribution taken to be 
equal to 0.001, and w is the frequency of V impingement onto a void. In more details, 



where d is the interatomic distance (2.35 A). The Vcontribution to Si self-diffusivity is5 

but the individual D and C;q values are not established. Using $ as a parameter in the range 2-4 eV 
and assuming that A1 V frozen in the crystal eventually precipitate to form voids of final radius rf =5O 
nm distributed within the crystal at volumic concentration p=5x105 ~ r n - ~  (these values were take 
from the paper by Ueki er.d4), we calculated the void nucleation rate as functions of T and 4 
Integrating it with respect to time and taking into account the time dependence of temperature one can 
obtain concentration of void nuclei as a function of time or temperature. For our calculations, we used 
cooling rate 0.02 K/s for n 3 0 0  'C and 0 for T < 300 'C.  The void nuclei concentration, calculated 
by assuming that Cv does not change, is plotted in Fig. 4. The intersection of each curve with the line 
of observed void concentration p corresponds to the temperature of nucleation, TN. Nucleation of 
most voids occurs close to TN. At higher temperature (earlier stage), the nucleation rate is significantly 
smaller, but at lower temperatures (later stage) V concentration is decreased due to the growth of 

> voids. The plot of TN versus the enthalpy of V formation is shown in Fig. 5. It is noted that in the 
actual process, the void concentration asymptotically approaches p. 

We have modeled also void growth under the assumption that they are spherical in shape and the 
process is limited by V diffusion. Voids were assumed to be distributed homogeneously within a 
section of the cqstal, so that each void grows by the precipitation of V from a spherical diffusion 
domain of radius R,, = (3p/47r)lI3 surrounding it. Since r is changing, the probelm involves a 
movin boundary. At the void surface the V concentration is the dynamic equilibrium value C,(r,t)= C;'e~~~20l2l(~-k~T)) while at the outer border of the diffusion domain the V flux is zero. A set of dif- 
ferential equat~ons has been written subject to these conditions and solved numerically using the same 
set of constants as for the nucleation rate calculations. The growth process was found to have two 
distinct phases: reaction limited with linear dependence of r on time and diffusion limited with 

fV parabolic time dependence. The grofwth is faster at higher h, values. Temperature dependence of 
growth rate has a maximum. With hv=3 eV, it occurs at about 1100 'C at the early, linear stage of 
growth and higher than 1300 'C at the final, parabolic, stage. This is consistent with the observation 
that the temperature of the fastest nucleation is lower than the temperature of the fastest growth. Due 
to lower V supersaturation, the growth rate is lower at a higher temperature. Since nucleation of most 
voids occurs close to TN, the characteristic growth time can be defined as the time necessary fof a void 
nucleated at TN to grow to radius r=0.9rf. The characteristic growth time as a function of the h, value 
is shown in Fig. 6. The cooling rate used is the same as in the nucleation case. 

Figure 4 shows that the observed concentration of voids of 106 will not be obtained for hi lower 
than -2.8 eV, even if the concentration of V is assumed to remain constant. Also, Fig. 6 shows that 
for ht lower than 3.1 eV, the radius value close to rf cannot be obtained within a reasonable time. The 
corresponding minimum nucleation temperature is about 720 'C. It should also be taken into account 
that concentration of V does not remain constant during the nucleation rocess, since V are consumed P by nucleation and growth of void? which makes the lower limit of h, even more stringent. On the 
other hand, if too high a value of h, is assumed, some voids nucleated at early stages of cooling will 
have enough time to grow and absorb most of V, leading to a significantly smaller number of nucle- 
ated voids which will grow to much bigger sizes. Their concentration may be reduced by a factor of 
1000 or more while radiu increased by a factor of 10 or more. This consideration allows us to de- P termine the high limit of h,. 

The outcome of the competition between the growp of existing voids and the nucleation of new 
ones depends on the enthalpy of V formation. Hi+ h value results in high nucleation temperature, 
low void concentration and large void sizes. Low h, vdue results in low nucleation temperature, high 
void concentration and small void sizes. To obtain results compatible with observed void concentra- 



tion p and sizes rfi characteristic times associated with void nucleation and growth processes need to 
be close to each other. The characteristic time of nucleation can be defined as the time necessary to 
nucleate voids to concentration 0.5p at the rate corresponding to TN. A characteristic time of V 
depletion due to void growth can be defined as the time needed to reduce the V concentration at the 
diffusion domain outer boundary by a factor of 2 from its original value, provided that the temperature 
reaches TN at this moment. This time was obtained ffom the growth simulations. Plots of nucleation 
a d V depletion characteristic times as functions of h, y e  shown in Fig. 6 .  These times are equal at 3 h =3.2 eV and differ py no more than a factor of 5 at hyc3.6 eV which seems to be a safe estimation 
or the upper limit of h, value while the lower limit obtamed from the growth kinetics considerations is 
3.1 eV. The corresponding values of TN are 890 and 720 'C. Our present findings appear to be 
reasonable in view of the facts that: (i) in one observation the D-defect formation temperature is given 
to be - 9 0 0 0 ~ ; ~  (ii) low temperature (4 K) electron irradiation produced V migrates with hmc0.5 eV 

v 8 between 80-100 K ; ~  and (iii) a recent theoretically calculated V formation enthalpy is 3.65 eV. 

The enthalpy .of formation values were obtained assuming that all V in excess of thermal equilib- 
rium concentration are consumed by the end of the crystal growth. In the actual process, this may no! 
be the case, and a significant fraction of V may stay frozen into the crystal. This can happen if h, 
value is lower than 3.1 eV and the initial amount of V exceeds that needed to form voids at concentra- 
tion p and radius r In this case, the observed concentration of V and their sizes will depend on the 
cooling rate strong f' y. The above assumption can be verified by analysis of the growth rate and its cor- 
relation with concentration and sizes of voids, or a specific growth experiment can be carried out. In 
the experiment, the growing crystal should be cooled down to about 500 'C at a regular rate and then 
kept at that temperature for about 3 hours. This will ensure almost complete precipitation of V into 
voids without the voids start to shrink due to V outdiffusion. After that, the concentration and sizes of 
voids should be analyzed. 

In conclusion, from the calculations of nucleation barrier of vacancy-type extended defects in Si, 
we have shown that the nucleation of voids is more favorable than that of dislocation loops. Under the 
assumptions V are at thermal equilibrium concentration at the crystal growth front, and their excess is 
almost totally precipitates into the growing voids by the end of the cooling, the homogeneous nucle- 
ation of voids was shown to be thermodynamically and kinetically possible. The calculated results can 
be matched to observed void concentrations and sizes if the enthalpy of vacancy formation is within 
the range 3.1 to 3.6 eV and the nucleation temperature is 720 to 890 'C.  

This work has been partly supported by National Renewable Energy Laboratory Subcontract XD- 
2- 1 1004- 1. 
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PVSCAN5000 is a commercial instrument that was developed to rapidly map several key 
parameters of semiconductor materials and photovoltaic devices. The material 
parameters that PVS CAN5 000 measures are the dislocation density and grain boundary 
distribution. These parameters provide feedback to the material manufacturer on the 
quality of the material and an insight for improving the manufacturing process. The cell 
parameters include reflectance and light beam induced current (LBIC) at two different 
wavelengths of light excitation. These data are used to produce the internal response of 
the cell. Because the internal responses for the long- and the short-wavelength excitation 
can be related to the bulk and the junction recombination, the generated data are used to 
produce maps of the minority carrier diffusion length and the near-surface recombination. 
These parameter maps allow PVSCAN5000 to be used for device analysis, process 
optimization, and process monitoring. PVSCAN5000 also provides information on the 
uniformity of the substrate material or a solar cell. 

Figures 1 and 2 are schematics illustrating the operation and optics of PVSCAN5000. 
The operation is described in detail in previous publications. However, PVSCAN is 
continually being improved to enhance its applications and to incorporate user requests. 
The following items describe recent upgrades to the instrument. 

Average value of the measured parameter over the scanned area: this software addition 
produces a spatial-average value of the parameter over the entire scanned area. Figure 3 is 
a dislocation density map of a commercial 4 in x 4 in polycrystalline wafer. Local 
dislocation densities are depicted by the color legend, while the average value is 8.3 x 10A4 
defects/cmA2. Similar averaging can be performed on any other parameter map, such as 
LBIC, minority carrier diffbsion length, and reflectance. 

Zoom-in feature: selection of a limited area of interest and averaging its parameter 
value. Figure 4 illustrates this feature. It shows a zoomed image of the upper left comer 
of the wafer shown in Figure 3. The average dislocation density in this defect cluster is 
3.0 x 10A5 defects/cmA2. 

Saving split images: PVCSAN5000 can simultaneously map and display grain 
boundaries and dislocations or specula and diffused reflectance. In the past, saving these 



data as individual scans was not possible. We now have added a feature that allows each 
scan to be saved as a separate file. 

Parameter distribution (number versus range of the parameter values): this statistical 
capability has been added to allow the user to compare variations in the parameter values 
for different samples. 

The following items describe hture upgrades to PVSCAN5000. 

Etch pit size correction: this capability will automatically correct for any variations in 
the etching process that may arise fkom changes in the etch composition, etch time, and 
process differences (operator to operator). 

Standard samples: reference samples will be provided for calibrating dislocation 
density, reflectance, and the minority carrier diffusion length. 

Optional light source: interest in other materials has led to requests to change the 
wavelength of light suitable for these specific semiconductors. This feature will extend 
the range of wavelengths to those suitable for GaAs, CdTe, CIS, and a-Si. 
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Abstract 

A joint effort between NJlT and NREL aimed at an understanding of the effects of SWface roughness 
on emissivity of semiconductors is in progress. While the surface roughness measurements are in their 
initial stages? the emissivity measurements have been investigated in detail. Atomic Force Microscopy 
(AFM) has been employed to quantify Mace roughness on semiconductors such as silicon, S i w i  and 
W/SiOz/Si under various conditions of annealing. Temperahue and wavelength dependent emissivity 
measurements have been performed using a spectml ernissometer operating in the wavelength range of 0.8 
to 20 microns and temperature range of 300 to 1400 K 

Introduction 

Optical properties of semiconductors are of fundamental importance. The applications of 
semiconductors in optdectronic devices such as detectors, solar cells etc. are determined by their optical 
properties. For semiconductor device processing, pre-knowledge of the optical properties is essential for 
process monitoring and control. Semiconductor processing techniques such as Rapid Thermal Processing 
(RTP) and Molecular Beam Epitaxy (MBE) require stringent temperature uniformity and control for each 
prooess run and from run to run, i.e. across the wafer and from wafer to wafer. Pyrometers are the 
standard seflsors for semiconductor process monitoring and control. Wafer radiance, as function of 
wavelength aad temperature, determines the choice of the operating wavelength of the pyrometer. 
Emissivity is a ratio of the wafer radialnee to that of the blackbody operating at the same temperature. It is 
a function of wavelength, temperature? wafer resistivityldoping concentration, surface mnditions such as 
presence of over-layers? fllIface roughness, etc. Studies of the optid properties in the literature have 
focussed, primarily, in the visible range of wavelengths. The dependence of optical properties on Swface 
roughness in the infrared range of wavelengths has not been studied in detail [I ,2]. 

Experimental Details 

A Burleigh METRIS 2000-NC Atomic Force Microscope (AFM) and a Burleigh Horiu,n 200 
profilometer have been deployed for measurements of surface roughness of four kinds of samples. The 
AFM was operated in two scan modes. For the very flat samples (average roughness < Inm), the AFM 
was nut in high-amplitude resonance AC mode, i-e., intermittent contact, using a fie& silicon tip with 
resonant frequency of approximately 225 kHz, operating at 60% amplitude w i g .  The Si-tip was 
characterized for quality with an appropriate standard sample. The rougher samples, such as tungsten 
films, were run in standard contact AFM mode. For nonantact optical profiling, the profilometer was 
operated in a phase-sbift mode, with a 2-piezo having 1.8 micron maximum z-range. Imaging was 
performed using multipIe image averaging of five images in order to minimi;re standard deviations and 
n m h k e  reproduability. A spectral emissometer [3] operating in the wavelength range of 0.8 to 20 
microns and temperature range of 300 to 2000 K has been utilized to obtain the emissivity of the samples. 
The emissometer consists of a hemi4ipsoidal mirror with a blackbody source at one focus and the 
sample under study at the other focus. A chopper combined with a set of mirrors permits a simultaneous 
measurement of the sample transmissiVity, reflectivity and eemissivifl. Ge and HgCdTe detectors coupled 



with an on-line h e m  high-reso1ution Fourier Transform In6rared (FI'XR) spectrometer permit data 
acquisition of the measured properties. 

Results and Discussion 

Four types of samples have been considered in this study. They consist of (1) amorphous-Si/Si@, (2) 
double-side polished Si, (3) ply-Si/SiOz/Si and (4) W/SiOJSi. The roughness of these samples is 
summarized in Table I. AFM images and analyses were done on scan areas between 2-2.5 p i 2  for the 
flat wafers, and on 5 pn2 for the W films. The profiler scans were much larger, of area 21 1 @. The 
AFM results for the W films are probably more accurate than with the profilometer data because the 
surface features on these samples are very small. That is to say, the AFM tip can get down in between the 
grain boundaries, whereas, the p r o f i g  device does not even recognize individual grains (0.5 pm 
resolution). Non-contact AFM scan mode was used for the flat wafers (# 1-3) and contact mode for the 
rougher W films. The results of the d c e  roughness measurements are presented in Fig. 1. 

Some tip atihcts are seen in the contact mode AFM data of the W films, specifically for the larger 
grains; however, the roughness data are not compromised, as the grain interstices are still well resolved in 
these films. ln comparison, roughness numbers for the same W films using the pmfiler show smaller 
numbers. Clearly, the grain structure i s  not sampled effctiveIy with this large-area profiling technique, 
which has only 0 . 5 ~  lateral resolution In general, the features sampled with the horizon profiler are of 
merent spatial frequency, relative to AFM, and thus the data fiom these two techniques are 
complirnenbry. The profiler data of the flatter samples is also different in nature fiom the AFM data, 
showing large-scale undulations, rather than the discrete surface features resolved with the AFM on a 
scale one order of magnitude d e r .  

Bulk optical properties of silicon as function of temperature and wavelength and the Muence of the 
growth of thin epitaxial films on emissivity are of fundamental importance for RTP. An experimental 
study has been pefionned on thin double-side polished silicon slab of thickness t = 10 ~ r m ,  feSiSeivity = 5.0 
- 12.0 ohmem. The details of the samples were supplied by the manuhcturer, Viiginia Semiconductors, 
with f 20% deviation in the wafer thickness. The Erst sample was compared with yet another specular 
silicon sample of thickness t = 250 pm, p = 10 - 100 obm.~m. This experiment has been inspired by the 
pioneering work of Minkov and Swanepoel [Q]. In their study, Minkuv and Swanopoel use the 
interference fringes to determine the optical dhctive index of thin dielectric films deposited on quartz 
substrates. In this study, a similar approach is utilized to investigate the optical properties of silicon. 

A number of studies aimed at determining the d h c t k  index (n) and extinction d c i e n t  (k) of 
silicon at different ranges of wavelengths and temperatures have been reported in the literature. One such 
study has been wormed by Li [5]. His studies cover a wavelength range of 1.2-14 microns and 
temperature from 100 to 7SOK. No results however, were reported at temperatures above 600°C where a 
thick silicon slab would be opaque. In Figs. 2(a) and 2@), the optical properties of the 10 micron thick 
silicon are shown as function of wavenumber and wavelength, respectively. Fig. 2(a) is utilized for the 
deconvolution of the measured optid properties to yield &active indices of silicon at room temperature 
and Fig. 2(b) is used for showing the smoothness of the interference fringes versus wavelength. This is 
usually accomplished when the numbers of data points, i.e. resolution, of the FTIR is enough in the 
measured range of wavelengths. This feature means that the refractive index data obtained by this method 
is reliable. In Fig. 2(a), it is not id  that the number of fringes in each 1000cm~~ is consistent which 
meam that the &active index in this long range of wavenumber is not changing much. This agrees with 
the literature [6]. Another important observation in Fig. 2(a) is that the fringe amplitude is in accordance 
with fundamentals of optics, in which the amplitude is increasing with decreasing wavenumbefs, i.e. 
increasing wavelength. In optics* this is known as the visliility of the fringes. Here the intensity, I, of each 
monochromatic f k g e  is as follows: 



where 

6 is the pbase difference between the two or more interfering waves, 8 is the internal incident angle and d 
is the film thickness. In Fig. 3, a qualitative comparison is made between the f i g e  dependent refractive 
indices and the rebctive indices deconvoluted fkom dectivity and transmissivity of the 10 pm thick 
silicon wafer. At the short wavelength, the f h g e  dependent n is not stable. This is understandable since 
at such wavelengths, the visibility of the f i g s  is smalI and the compatibility of the wavelengths to the 
optical path difference and hence phase difference is not good. This could also be attniuted to the shb 
thickness and the way of polishing or thinning wafers. Fig. 4, shows the optical properties of a double- 
side polished silicon sample with thickness t = 250 pm at room and high temperature. At this thickness, 
interference fiinges will not show up. This is because the rays reflected i n t e d y  are attenuated and the 
coherency of these waves and the one refIected at the top surface of the sample is not available. 

As can be seen in Figs. 2 and 4, at short wavelengths, the emissivity of the thicker silicon wafer is 
higher than that of the thin wafer. The transmittanace in Fig. 4(a) is high and is independent of 
wavelength 6rom 1.2 to 20 p. It becomes small at high temperatures due to the high absorption in 
silicon. Singleside polished silicon is not as good an IR window as a double side polished silicon. 
Further, single-side polished silicon is characterized by comparatively higher emissivity, It appears that, 
qualitatively, roughness should have a direct correlation with emiss~ty. Surface roughness leads to 
decreased reflectance and enhanced light trapping thus leading to increase in emisssivity. Detailed 
investigation ahed at establishing a correlation of the AEM data with emissivity of various 
semiconductor materials and structures is in progress. A software package that includes the effects of 
roughness on optical properties in the visible and near-IR range of wave1engths has already been put 
together by NREL. 

Conclusions 

Atomic force microsco~ and d c e  profilometry techniques have been utilized to quantify surface 
roughness of silicon related mate* and structures. Emissivity measurements have been performed on 
double-side poIishd silicon wafers as function of wafer thickness. Interference fringes have been 
obsewed for very thin silicon wafers. These a g e s  have been utilized to determine the rehctive index of 
bulk silicon Further studies are in progress to mderstarnd the effects of mfhce mugh~ess on emissive in 
electronic materials. 
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TABLE 1 - Roughness Data 
Profiler roughness(nm) 

1.13 
0.62 / 0.79 

AFM roughness, Ra (om) 
0.056 

0.026 / 0.028 

Sample 
1 

2-A/B 

Surface / Substrate 
amorphous Si I S i 4  
double-sided ~olished Si 
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Introduction 
The performance of photovoltaic 

polycrystalline silicon materials, edge-defined 
film growth (EFG) or ingot, has been hampered 
by regions of low minority carrier diffusion 
lengths. It has been shown that these regions 
have high concentrations of structural defects ' . 
Cz PV silicon materials generally do not have 
such large variances in minority carrier 
diffusion length, but still fall far short of the 
diffusion lengths obtained in standard integrated 
circuit Cz materials, 400+ pm. It was hoped 
that external gettering techniques, which -are 
part of the solar cell manufacturing process 
(phosphorous and aluminum gettering) would 
significantly improve both single and 
polycrystalline materials. Aluminum gettering, 
for- instance, has been shown to sig&cantly 
increase minority canier diffusion lengths in 
float zone silicon which had been intentionally 
contaminated with high levels of iron2. In that 
study, gettering temperatures were chosen to be 
the same as the iron drive-in temperatures. In 
this manner, the iron never precipitated to any 
large extent. Never the less, diffusion lengths 
in these materials were improved from 4 7 p m  
(iron contaminated) to ~ 2 0 0  pm by aluminum 
gettering . Deep level transient spectroscopy 
@LTS) measurements showed a dro in FeB P concentration from 1 o ' ~  to 10" Fe/cm- . - 

Unfortunately, similar improvements 
from aluminum gettering were not realized in 
photovoltaic materials1. Aluminum gettering 
never recovered intentionally iron contaminated 
PV materials to the initid minority carrier 
diffusion lengths. As-grown PV materials 
exhibited varying responses to aluminum 
gettering. PV grade Cz silicon showed little 
improvement and retained its - 100km initial 
diffusion length. Polycrystdline materials 
generally exhibited two types of responses. 
The regions with high minority carrier diffusion 
lengths, i.e. low structural defects, generally 
improved by 5% to 30%. In contrast, the 
performance limiting regions, i .e. low minority 

carrier diffusion lengths, either improved 
slightly, by <5%, or degraded. 

Since iron has been shown to precipitate 
rapidly in regions with high concentrations of 
structural defects3 (low minority carrier 
diffusion lengths), these regions internally 
getter transition metals. Regions with low 
concentrations of structural defects (high 
minority canier diffusion lengths), contain 
dissolved metals which slowly precipitate due 
to a lack of precipitation sites. Thus it appears 
that aluminum gettering is effective in gettering 
dissolved transition metals, but not precipitated 
transition metals. The difficulty of dissolving 
precipitates during high temperature gettering is 
unexpected and implies a barrier to dissolution. 

Further improvement in the minority 
carrier diffusion length of PV materials depends 
upon the understanding precipitation and 
dissolution processes of transition metal 
clusters. Practical questions regarding the 
effects of cooling rates from growth or high 
temperature processes on metal impurity 
precipitation (and the subsequent resistance to 
gettering), require studies of precipitation of 
such metals on various well defined structural 
defects. Furthermore, the nature of the barriers 
to metal precipitate dissolution also needs to be 
addressed to enhance present gettering 
techniques or to develop new ones. 

This study is a first step in studying 
transition metal precipitation processes. It 
focuses on iron precipitation in FZ and Cz 
materials with various concentrations of oxygen 
precipitates, including Cz with no oxygen 
precipitates. Future studies will include 
dislocated FZ, poly-crystalline FZ, single and 
pol y-cry stalline PV materials. Additional 
studies on dissolution will also begin. The 
methodology in both the present and future 
studies is based on the application of Ham's 
law on the precipitation or dissolution rate. 
This method is briefly described below before 
the precipitation results are presented. 



Ham's Law 
The precipitation rate of an impurity 

depends on the number of precipitation sites, n , 
and the effective precipitate radii, r,. This was 
described by Ham with the following equation 
for spherical precipitates for fixed radii and for 
growing radii after precipitation of over 50% of 
the solute," 

C- C,, = (C, - Ceq)e -t/z ( 1 )  
where C,. is the equilibrium concentration at 
the annealing temperature, Co is the initial 
interstitial impurity concentration, and C is the 
time dependent concentration and 

l /z=3Dnro ( 2 )  
Here D refers to the temperature dependent 
diffusivity and l/z is the precipitation rate. 

The nr, product can thus be measured 
by how quickly the supersaturated impurity 
concentration drops. In previous publications, 
I/T is usually derived from the slope of a line 
drawn through the experimental data points. 
This is based on the assumption that the 
precipitate radius does not change during the 
precipitation process. In fact, the solute 
precipitation rate increases as the precipitate 
grows, and does not fit a simple exponential. 
The slow precipitation rate during the beginning 
of the precipitation is primarily a result of the 
small precipitate surface area on to which the 
solute could be absorbed. Growth of the 
precipitate makes more surface area available, 
increasing the precipitation rate. Once more 
than 50% of the impurities have precipitated, 
the precipitate radius does not increase 
significantly, and the precipitation rate 
approximately follows Equation 1. 

The nucleation site density can be 
calculated from the conservation of mass, i.e. 

-I 

and Ham's law (Equation (2)), by, 

where AC is the drop of interstitial iron 
concentration, and R is the density of iron in 
the precipitate. Implicit in Equation 4 is that T 
should be obtained from data measured after 
more than 50% of the solute has precipitated 

and the precipitation rate is approximately 
exponential. To fit the whole precipitation 
curve, the fixed radius approximations, 
Equations 1 and 2, can be used in an iterative 
calculation in which the radius, r,, is 
continually adjusted as the precipitate grows. 
In such a manner, even the early precipitation 
can be modeled and values for n can be 
obtained. 

Computer Simulations 
To obtain a more accurate precipitate 

density, an iterative finite differences computer 
simulation was used to fit the precipitation data. 
The following equations, slightly modified 
from Ham's original formulation, were used in 
the simulation. 

and 

where C, (T)  is the temperature dependent 
equilibrium solubility; C, ( t )  is the impurity 
concentrations at the start of the time step, At; 
AC is the change in dissolved impurity 
concentration during the time step At; Q is the 
volume density of the impurity (iron) in the 
precipitate (iron silicide); and r, and r, are the 
precipitate radii at the beginning and end of the 
time step, respectively. For FeSi, , the density 
of iron is roughly 25.6 ~ e / n m ~ .  Equation (6) is 
used to determine the incremental change in 
precipitate radius, Ar=r, -r, , from changes in 
concentration, AC. It was assumed that all the 
metal was dissolved in the beginning of the 
simulation. Small steps in time were simulated. 
After each step a drop in solute concentration, 
AC, was calculated from Ham's law, and the 
precipitate radius was increased by an 
appropriate amount. This approach should 
yield more accurate results since the radius, and 
thus nr,, is incrementally revised as 
precipitation continues. Numerous simulations 
were run and the precipitation site density 
varied to obtain a fit to the experimental data 
points. 

Results 
Samples from a FZ wafer and from Cz 

wafers wid no oxygen precipitates, 2x108, 
2x 1 09, 2x 1 01*, and 2x 10' oxygen precipitates 
per cubic centimeter (initial oxygen 
concentrations for all Cz samples 6-8 x 1 ol' 



0/cm-)) were intentionally contaminated 
with iron to a concentration of = 4x10" 
~elcm). These samples were then annealed 
at lower temperatures for various times and 
quenched, After chemically etch more than 
40pm from the surface, the remaining 
dissolved iron concentration (FeB pairs) in 
these samples was then measured by DLTS. 
Precipitate site densities were determined 
from computer simulations as shown in 
Figure 1. A low temperature precipitation at 
240°C and a medium temperature 
precipitation at 650°C were performed on all 
the types of materials and precipitate site 
densities are shown in Figure 2. 
Obviously, there is a strong correlation 
between precipitate site density and oxygen 
~reci~itate concentration. This was also 
bbseked by Gilles et. al.' although he did 
not explicitly obtain precipitate site 
densities. The Cz silicon with no oxygen 
precipitates showed the lowest precipitate 
site density. In each type of material, it is 
observed that the precipitate site density 
increases as the annealing temperature is 
reduced below =50O0C. Thus in each case, 
the site density at 240°C is greater than at 
650°C. Annealing at various temperatures 
above 500°C yields an approximately 
constant precipitate site density . This is 
shown for one type of Cz material in Figure 
3. 

Discussion 
The increase in ~reci~itation site 

0 5 I0 15 20 25 
Time (min) 

Figure 1: Example of computer simulations and 
~xperimental data for Cz material without oxygen 
precipitates , annealed at 650°C 

' oxygen FZ CZ CZ cz CZ CZ 
i Precipitates = none none 52x1d =2x1@ &ldO -2x1d' 

'Figure 2: Precipitate site densities for various 
materials annealed at 240°C and 650°C 

where Npregip is the concentration of iron 
iron precipitates, and No is proportional to 
the dissolved iron concentration and the trap 
density. Plotting NpEcip as a function of 
IkT, the binding energy of the trap was 
estimated to be O.49fl. 14 eV. After this 

A I 

densities at lower temperatures, d0O0C, ' 

200 300 400 500 600 700 800 900 
Annealing Temperature 

can be easily understood in terms of 
nucleation at trapping sites. Since dissolved 
iron is detected as FeB pairs by DLTS, iron 
atoms need only be trapped as clusters or 
complexes to result in a reduction of 
dissolved iron. The first step in this 
process is a small nucleus such as an iron 
complex. The density of iron occupying 
such a trap or complex and forming a 
nuclei, can simply be described as , 

WkT ( 7 ) Nprecip = No 

Figure 3: Precipitation site densities for various 
annealing temperatures in Cz silicon with 2x10' 
oxygen precipitates ~ r n - ~  
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complex/cluster forms, further precipitation can 
continue as the iron atoms diffuse to these sites. 
If the concentration of trap sites is similar or 
greater than the concentration of iron sites, then 
the precipitation rate is essentially the rate at 
which iron diffuses to a trap. Since there is no 
growth in radius of the precipitate, the resulting 
precipitation curve is a simple exponential as 
Ham's law would predict. This is observed in 
samples with high site densities. 

At higher temperatures, in the range of 
500°C up to the iron drive-in temperature, a 
temperature dependence of site density on 
annealing temperature is difficult to resolve with 
the present data. The data does show that 
numerous precipitation sites exist even at high 
temperatures, indicating that the binding energy 
of iron to this trap is high and thus should not 
be easily dissolved. 

Among the different materials, the 
lowest precipitation site density was in the Cz 
material with no oxygen precipitates, while the 
highest site density occurred in the Cz material 
with 2x 1 0" cm-3 oxygen precipitates. Such 
high densities of oxygen precipitates provide 
large surface areas and high concentrations of 
associated structural defects, punched out 
dislocations or stacking faults. Thus many iron 
nucleation sites are available per single oxygen 
precipitate. In the Cz material with 2x10" cm" 
oxygen precipitates (smallest precipitates), each 
precipitate generates approximately 15 sites for 
iron precipitation at 650°C. In the Cz material 
with 2x10~ ~ r n - ~  oxygen precipitates, each 
precipitate provides 500 sites for iron 
precipitation. The number of iron precipitation 
sites per oxygen precipitate seem to correlate 
with the surface area of the oxygen precipitate. 

However, if there are no oxygen 
precipitates present, as in either FZ or Cz with 
no precipitates, there are still iron precipitation 
sites present. It is uncertain what defects or 
impurities are present at levels of 5x lo9 ~ r n - ~  
(Cz with no precipitates). It has been recently 
shown that in FZ silicon, vacancies can exist in 
concentrations of up to 1014 cm" at high 
temperatures6. After the iron contamination at 
high temperatures, a quench is used to prevent 
interstitial iron from precipitating. This quench 
may also cause these vacancies to cluster, 
forming iron complexing or nucleation sites. 
This would result in the high site densities 
observed in FZ silicon. Such high 
concentrations of vacancies were not observed 

in the Cz materials which explains the lower site 
densities detected in the Cz material with no 
oxygen precipitates. 

Conclusions 
The precipitation behavior of iron in FZ 

and various Cz silicon materials was observed. 
Computer simulations based on Ham's law 
were used to fit the precipitation rates in order 
to obtain iron precipitate site densities. The iron 
precipitate site densities increase with increasing 
oxygen precipitate site densities at all 
precipitation temperatures. High precipitation 
rates in FZ materials is possibly due high 
concentrations of vacancy clusters. 

A high density of traps with a relatively 
high binding energy was detected in FZ and Cz 
materials. It is suggested that a higher density 
of similar defects in PV materials may be 
responsible for resistance of these materials to 
gettering techniques. 
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Introduction 
In order to improve the cost effectiveness of silicon photovoltaics, a variety multicrystalline silicon (mc-Si) growth 

techniques have been developed for large scale production. Solar cells formed on such materials exhibit production line 
efficiencies of 12-14% [1,2], whereas analogous cells made on high quality single crystalline silicon exceed 16% in 
efficiency. This 2-4% difference in performance is primarily due to the higher impurity levels and defect densities in mc-Si 
materials compared to IC grade silicon. The impact of impurities and defects can be reduced by implementing various 
gettering techniques. Conventional gettering processes used during solar cell fabrication (which induce the segregation of 
bulk impurities to phosphorus diffused junctions or aluminum regions) can lead to improvements in device performance. 
However, the degree of improvement is typically limited. Particularly unresponsive to conventional gettering sequences are 
regions of high defect density (dislocation networks or grain boundaries decorated with impurities). Impurities readily 
segregate to these regions and cause an increase in the local recombination rate. Additionally, if a supersaturation of 
impurities exists, these defects can provide nucleation sites for impurity precipitation. Past work has shown that 
conventional gettering treatments are rather ineffective in reducing the recombination activity in such regions [3]. In order 
to bridge the present efficiency gap between mc-Si and IC grade silicon solar cells, an extremely potent gettering process 
must be established which targets impurity decorated defect clusters. 

Pre-Getter Anneal (PGA) Treatments for Impurity Release and Precipitate Dissolution 
The gettering process is comprised of three steps: 1) impurity release fiom the active area of a device, 2) impurity 

diffusion out of the active area, and 3) impurity capture in a region of the device where its effects are not detrimental to 
device performance [4]. In regions of mc-Si wafers where the defect density is high, the gettering process is release-limited. 
It has been suggested that the response of such regions can be improved by incorporating a pre-getter anneal (PGA) 
treatment prior to the conventionaI gettering step [ 5 ] .  If the PGA is intense enough, it can provide the energy needed to 
release impurities from defective regions in the device. The released impurities can then be removed fiom the active area 
by the ensuing gettering step. It is important to note, however, that each step in this two step process must be designed for 
compatibility. For example, if the gettering step following the PGA is of insufficient intensity (in temperature and time), 
there will be a net accumulation of released impurities in previously unaffected regions of the device. On the other hand, if 
the PGA treatment is of insufficient intensity, the impurity release fiom defective regions of the material will not occur. 

The above concepts are depicted in the response surface model of Fig. 1 which shows the expected swing in solar cell 
performance as a function of both the PGA treatment and the ensuing getter. Four points labeled A-D mark the comers (or 
extreme cases) of this response surface. Point A represents 
a nominal device formed on a sample without a PGA or an 
appreciable gettering treatment. Point 33 represents a 
device formed on a sample receiving a strong PGA 
treatment but no subsequent getter. Without a means of 
removing the impurities released by the PGA, there occurs 
a degradation in device performance fiom point A. Point C 
represents a device formed on a sample receiving an 
intense getter but no PGA treatment. A limited increase in 
performance over point A is shown. As discussed above, 
the improvement is limited by the release of impurities 
fiom regions of high defect density. Finally, point D 
represents the most effective combination of the two steps: 
intense PGA coupled with an appropriately intense getter. 
It should be noted that the functional dependence shown in 
Fig. 1 is expected to be material specific because of the 
wide variation in the impurity content and structural 
defects in various promising PV materials. 

Much insighthi work in this area has been done by 
the group at UC Berkeley [ 5 ] .  In their studies, the PGA 

Device 
Efficiency 
(scalable) 

1 u 
PGA Intensity 
(arbitrary units) 

10 

Phosphorus 
Getter 

Intensity 
(arbitmy units) 

Fig. 1. Response surface model which shows the conceptual 
dependence of mc-Si solar cell performance on 1) the PGA 
intensity and 2) the ensuing phosphorus gettering efficiency. 



treatment was accomplished using rapid thermal annealing at elevated temperatures (1050-1 100°C) for short times (< 1 
minute). The subsequent gettering treatment consisted of a lengthy (3 hour) aluminum alloying step performed at 900°C. 
Different mc-Si materials (cast and ribbon) were investigated for their response to the PGA treatment, and the SPV 
technique was used to monitor the effective diffusion length (L,,) response in the different materials. In most cases, the L,, 
values measured for PGA samples were either the same as or slightly less than the L,, for non-PGA samples. It is unclear 
whether: I)  the PGA treatment implemented was of insufficient intensity to increase the release of impurities from defects, 
2) the aluminum gettering was not effective in removing the impurities released by the PGA. 

In the present work, we have extended the application and characterization of the PGA treatment in order to 
determine more clearly whether this process can be successful in raising the performance on mc-Si solar cells. The 
approach utilized in this study contrasts that found in 151 in the following two respects. First, we have used relatively short 
phosphorus diffusion cycles instead of lengthy aluminum alloying for the post-PGA gettering treatment. Secondly, we 
have used light IV and light beam induced current (LBIC) measurements of mc-Si solar cells to characterize the effects of 
the PGA treatment on device performance. 

Experimental 
HEM mc-Si (Crystal Systems) fiom different ingots was used in this study. Special low-resistivity material (x0.4 0- 

cm), which is expected to yield lower performance due to higher doping levels, was specificaHy grown for gettering 
experiments. The resistivity, vertical ingot position, substitutional carbon concentration, and interstitial oxygen content in 
the as-grown materials were measured. These values are listed in Table I .  

Table 1. Characteristics of the HEM material used in this study. 

Material/ Resistivity Position in Ingot Carbon Oxygen 
Ingot ID (a-cm) (cm from bottom) ( P P ~ @  ( P P ~  

HEM 1HS4 0.37 5.6 9.5 +I- 0.3 6.9 +I- 0.0 

HEM IHS7 0.38 6.4 9.2 +I- 0.1 6.7 +I- 0.1 

HEM IHS8 0.30 10.2 11.3 *+I- 0.2 3.8 +/- 0.2 
HEM 50-1 0.95 NA 8.9 +I- 0.2 2.0 +I- 0.0 

HEM 5R8 1.20 8.5 8.0 +/- 0.0 5.8 +/- 0.2 

The advantage of using cast mc-Si material for gettering studies is that consecutive wafers can be selected fiom an ingot. 
The defect structures in these consecutive samples are usually quite similar (often times nearly identical), which allows 
direct comparisons to be made. Two processes were compared in this study. In Process I, the first four HEM samples 
shown in Table 1 were used. Samples were subjected to a rapid PGA (RPGA) treatment in an RTP unit for 2 minutes at 
1050°C in an N, ambient. At the end of the 2 minute period, the samples were quenched fiom 1050°C to 750°C in 10 
seconds by turning off the tungsten halogen lamps in the RTP unit. The ensuing phosphorus gettering treatment consisted 
of a short diffusion (8406C for 20 minutes) using phosphorus solid sources. Matched samples were included at this stage in 
the process in order to establish the response of the baseline (non-RPGA) process. The difision resuked in an n' region 
sheet resistance of 40 Wsq. Next, the emitters were etched back to roughly 85 Wsq. A thin layer of aluminum was then 
evaporated onto the backside of the wafers and alloyed at 850°C for 15 minutes to form the BSF. During this alloying 
process, a 1OOA passivating oxide was grown on the emitter surface. Multiple 1 cm2 devices were formed on each sample. 
Contact metallization was applied using lift-off photolithography, and the individual devices were isolated using a mesa 
etch procedure. Again, the use of matched wafers allowed for the fabrication of cells with identical defect structures for 
both the RPGA and non-RPGA samples. 

In Process 2, wafer splits fiom the first experiment as well as samples from the remaining ingot listed in Table 1 were 
used. Samples undergoing the RPGA treatment were f ~ s t  annealed in an RTP unit for 3 minutes at 1100°C. At the end of 
the 3 minute period, the samples were quenched fiom 1100°C to 750°C in approximately 10 seconds. The ensuing 
phosphorus gettering treatment consisted of a more intense diffusion (900°C for 30 minutes) using phosphorus solid 
sources. Matched samples were included at this stage in the process. This diffusion resulted in sheet resistance of 15 Sllsq. 
The junctions were then etched away completely, and emitter regions re-diffused (840°C for 30 minutes) using a POCI, 
source. The emitter sheet resistance resulting from this diffusion was 85 Wsq. The rest of the process was identical to that 
described above. Light IV tests were done under approximate one sun conditions without the application of an AR coating. 
LBIC scans were done under low level injection conditions using a 905 nm laser diode source. 



Results and Discussion 

Process I - Light Phosphorus Getter 
Table 2 shows the results of Process 1 .  Each parameter in this table represents the average value taken from 12 solar cells 
across the sample. 

Table 2. Results of Process 1 (RPGA followed by light phosphorus getter. Solar cells were measured without AR coatings.) 

I Without RPGA Treatment I With RPGA Treatment 

Two altogether different results are indicated by the measured data. In the case of samples from ingots 1HS7 and 
1HS4, the average J,, response increases dramatically as a result of the RPGA treatment, which leads to a substantia1 
increase in cell performance. LBIC analysis of a representative matched pair of devices from ingot 1HS4 (Fig.2) reveals 
that the intragrain response is considerably higher for cells undergoing the RPGA treatment. This is either due to the 
dissolution of precipitates in the intragrain regions, or impurity release from dislocation clusters within grains. For these 
samples, the light phosphorus difhsion removes the impurities released by the RPGA treatment. 

In the case of samples from ingots lHS8 and 50- 1, the average J,, response faIls dramatically as a result of the RPGA 
treatment. LBIC maps of a representative pair from ingot 50-1 (Fig. 3) show that the collection efficiency in the intragrain 
regions is reduced as a result of the RPGA treatment. For samples which do not undergo the RPGA, LBIC maps reveal 
denuded zones around structural defects, which indicates that impurities have segregated to the defect sites during the ingot 
growth stage or possibly during cell processing. However, in matched devices undergoing the RPGA treatment, the 
denuded zones vanish and the regions in the immediate vicinity of structural defects exhibit reduced collection efficiency. 
This shows that the RPGA treatment does enhance the release of impurities away from defect sites and into the surrounding 
bulk silicon. However, in the present case, the ensuing light phosphorus gettering treatment does not effectively remove the 
released impurities. Thus, the overall J,, response is reduced. 

Sample1 
Ingot ID 
HEM 1HS7 
HEM 1HS4 
HEM lHS8 

Process 2 - Intense Phosphorus Getter 
Table 3 shows the results of Process 2 on the wafer splits taken from ingots lHS4, 1HS7, and 1HS8, as well as 

samples taken from ingot 5R8. Again, the infomation in the table represents the average values of 12 devices fabricated 
on each wafer. 

Cell 2b-6 Cell 2a-6 
V,=594, J,=21 .O, FF=.781 V,=595, J,=22.8, FF.745 

Voc Jsc FF Efficiency 
(mv) (mA+/cm2) (yo) 

577 20.3 .78 1 9.1 
578 20.0 .770 8.9 
559 21.6 .560 6.8 

Cell lb-1 Cell la-1 
V,=569, J,,=2 1.9, FF=.739 Vp566, J,=20.8, FF=.778 

Voc Jsc FF Efficiency 
(m V) ( m ~ l c m ~ )  (%) 
584 2 1.9 .792 10.1 
5 80 21.9 .744 9.4 
563 20.4 .613 7.0 

non PGA Solar Cell RPGA Solar Cell non PGA Solar Cell RPGA Solar Cell 

Fig. 2. LBIC response of matched solar ceHs fabricated from Fig. 3. LBIC response of matched solar cells fabricated from 

wafers from ingot 1HS4. The RPGA has improved the overall wafers from ingot 50-1. The RPGA has reduced the collection 

collection efficiency. efficiency in the vicinity of the defect centers. 



Table 3. Results of Process 2 (RPGA followed by intense phosphorus getter. Solar cells were measured without AR coatings.) 

ingot ID 
HEM 1HS7 

In contrast to the results of Process 1, the results of Process 2 show little effect of the RPGA treatment. The J,, values for 
samples undergoing the RPGA treatment are essentially the same as those undergoing the baseline process. This behavior can 
be explained in terms of the conceptual model shown in Fig. 1 by observing the efficiency progression of cells for the four 
process variations implemented in this study. Again, these process variation are: 1) light phosphorus getter only, 2) RPGA 
followed by light phosphorus getter, 3) intense phosphorus getter only, and 4) RPGA followed by intense phosphorus getter. 

With RPGA Treatment 
Voc Jsc FF Efficiency Sample1 

E M  1HS4 
HEM 1HS8 
HEM 5R8 

The efficiency progression resulting from these processes is 
shown in Fig. 4. Two points are evident from the data. First, 
when a light phosphorus gettering step is used after the WGA, 
a significant efficiency improvement occurs for certain 
materials. Secondly, and more generally, the intense 
phosphorus gettering alone produces a very pronounced 
gettering effect for all materials. h fact, for samples from 
1HS4 and 1HS8, the effect of the RPGA is masked by the 
intense phosphorus gettering. In terns of the model in Fig. 1, 
the RPGA used in this step is not intense enough to yield 
additional performance improvements when followed by a 
900°C/30 minute phosphorus getter. This is understandable if 
the time duration of each step is considered. The RPGA 
treatments times were relatively short ( 1 . 2 ~  1 02- 1 . 8 ~  1 O2 
seconds), whereas the time used for the intense phosphorus 
getter was one order of magnitude longer ( 1 . 8 ~  1 O3 seconds). It 
is evident that the RPGA cycle temperature or time must be 
increased in order to show an effect after the 900°C/30 minute 
phosphorus getter. 

Without RPGA Treatment 
Voc Jsc FF Efficiency 
(mv) (rnAkm2) 
607 22.7 .769 10.6 

Conclusions 

(mv) (rn~lcrn~) 
613 22.9 -785 11.0 

596 22.4 -783 10.5 
615 22.6 .763 10.6 
5 87 23.5 .774 10.7 

light getter RPGAilight intense getter RPGAIintense 
getter getter 

Process 

603 22.5 .789 10.7 
608 22.6 .757 10.4 
591 23 -5 .783 10.9 

Fig. 4. Efficiency progression for HEM mc-Si solar cells for the 
four gettering variations implemented in this study. 

The results in this study show that an RPGA treatment can enhance the impurity release process. However, the final 
device performance is strongly dependent on the combined effect of the RPGA and the ensuing phosphorus gettering 
sequence. If an intense RPGA treatment is followed by a weak phosphorus getter, the overall device efficiency can decrease 
due to an accumulation of impurities in intragrain regions of the solar cell. If the phosphorus gettering treatment is dominant, 
the RPGA has little impact on the device performance. This suggests the existence of an optimal RPGAIphosphorus gettering 
combination for mc-Si materials. Of course, the response of a given material to a specific gettering combination will depend on 
the type of impurities present as well as their relative concentrations. Table 2 clearly shows that an effective combination of 
RPGNphosphorus gettering for one material might not be appropriate for another. Further experimental work is in progress to 
develop RPGAIphosphorus gettering combinations that can be applied generally to a wide r a g e  of mc-Si materials. 
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Introduction 

Manufacturing technology for photovoltaic modules based on a multicrystalline silicon 
wafer produced by the Edge-defined Film-fed Growth (EFG) technique became the first "new" 
crystalline silicon approach, i.e., not based on producing wafers using conventional Czochralski 
or casting methods, to enter commercialization in 1994 on a multi-megawatt level. The EFG 
technique is based on production of hollow octagonal-shaped tubes, 4.6 m in length and 300 pm 
average wall thickness, consisting of 8 faces of 10 cm width each. Since 1994, the EFG 
manufacturing line has expanded to a 4 MW capacity level, to become the third largest U.S. 
producer. This paper describes the contributions that have been made in this growth through 
technology development and in module cost reduction by successes under Phase 4A2 of the 
Photovoltaic Manufacturing Technology (PVMaT) Initiative, which started in December of 1995 
at ASE Americas. They have resulted in a 7% reduction in module manufacturing cost in the first 
year of the program, and the cost reduction is anticipated to reach to 15% by the end of 1997. 

Technology Development 

The PVMaT program at ASE Americas has been structured to incrementally improve 
manufacturing line processes and so attain module manufacturing cost reductions on a continuing 
basis, as well as to develop new technology that will more radically impact on costs and change 
manufacturing line processing steps in the last two years of the program. An integral part of this 
effort involves work being done at subcontractors both in the private sector and at Universities. 
We outline the scope of the work here and describe the progress made in implementing new 
technology to reduce costs in the main areas of wafer, cell and module manufacture. 

EFG wafer manufacturing. EFG wafer costs are dominated by silicon feedstock material and 
graphite component costs, and by process yield. Progress has been made in reducing costs in all 
three areas. Silicon feedstock utilization was increased by 3% by improving pellet sorting; the 
main contributor to reduced graphite cost, the run length has been increased by over 50%; yield 
in crystal growth and laser cutting has been increased by 3% as result of reductions in stress 
during growth and in improvements in thickness uniformity in octagon tubes. Purification 
methods for graphite furnace components also have been improved, contributing to stabilization 
and overall improvement in EFG wafer quality, hence solar cell efficiency. 



Yield improvements are targeting thinner material. A portion of the EFG growth line has 
now been turned over to production of 275 pm thick wafers, down fiom the current 300 pm 
thickness. The planned reduction in thickness to 250 pm will give an overall 17% decrease in 
silicon feedstock costs when fully implemented at the end of the PVMaT program at year end 
1998. Yield issues in cutting of the thinner EFG material are being addressed. A new laser 
cutting technology which utilizes copper vapor lasers is in the feasibility testing stage. It has the 
potential to significantly reduce cutting damage to the levels required for thin wafer manufacture 
with high yields. 

EFG cell manufacturing. Process improvements which are being studied include improved 
metallization, a more environmentally benign method of phosphorus glass removal, a new 
diffusion process using rapid thermal processing (RTP), and the study of front surface texturing 
schemes which can increase cell efficiency through improved light trapping. Metallization 
changes planned increase the number of fingers fiom 32 to 40, and to make them thinner. This 
will decrease series resistance and will increase EFG cell efficiency by 0.3-0.4% absolute. 
Optimization work on the EFG cell line has produced significant numbers (in the hundreds) EFG 
cells in the 14-14.5% efficiency range. When combined, these improvements have the potential 
for achieving program targets of 15%. Work is proceeding with a subcontractor, Georgia Tech, 
to study improved methods of processing, including RTP. To date, record small area (1 cm2) 
EFG cells of over 16% have been demonstrated with RTP at Georgia Tech. A second 
subcontractor, Harvard University, has successfully demonstrated that a texhued ZnO layer can 
be deposited on silicon nitride AR coating used by ASE Americas. Encapsulated EFG cell 
efficiencies have not improved, indicating the current EFG manufacturing line module process is 
already lughly optimized in trapping sunlight. A subcontractor, Bright Technology, is developing 
a novel method to remove phosphorus doped glass. This approach has potential to reduce 
manufacturing line add on costs in the cell processing area by 7%, and more importantly, will 
reduce fluorine ion effluent by several orders of magnitude, hence almost completely eliminating 
a serious concern for waste disposal in this process step. 

EFG module manufacturing. We have redesigned several components of the module housing 
and electrical protection circuits in this program. These will reduce module add on 
manufacturing costs by 4% when implemented later this year. We are also evaluating low-cost 
framing approaches. Studies of module encapsulants are under way. Several of the new EVA 
formulation have been evaluated, and compared to the ASE Americas' proprietary non-EVA 
encapsulant for potential advantages. Further improvements on the proprietary non-EVA 
encapsulant, as well as other new materials are also being investigated. These are aimed at 
improving yields and increasing flexibility in manufacturing, and in reducing costs. 
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ABSTRACT: Boron gettering effects on FZ and CZ Si substrates have been investi@ed by 
measuring effective lifetime with a chemical p assivat ion. After removal of the boron-diffused 
layers, the effective lifetime increased about two times higher than initial values for p-ty pe FZ 
Si substrates. However, t h e d  processes in O2 and N2 after boron f f i s i on  degraded the 
effective lifetime drastically for both the substrates. These results were confirmed by DLTS 
measurement indicating an existence of a nitrogen-vacancy complex The boron gettering was 
effective to improve short-circuit current density and cell efficiency for monocrystalline Si 
solar cells. 

1. Introduction 

High-efficiency crystalline silicon solar cells include a back surfke field (BSF) structure 
fabricated using boron (B) diffusion to reduce recombination at the rear electrode [I]-[3]. 
However, B diffusion is a delicate process because sometimes B diffusion degraded cell 
performance by chf5si.g Met ime killer impurities or defects at hlgb temperature. This is one 
of the reasons why a theoretical efficiency of single crystalline Si solar cell is dimcult to be 
achieved. Furthermore, one of the ideas to reduce the cost of solar cells is to use thinner Si 
substrates. In the t h e r  cell structure, the BSF structure has to be fabricated hopefully by an 
aluminwn alloying However, the alloying process is  cult to apply for t h  substrates due 
to warping To avoid the problem, p-phase B dffision should be employed to prepare p' 
layers without warping. 

In this research, a detailed study on effective lifetime (qff) variation during cell processes 
related to B diffusion has been Carried out by d i n g  the B-diffused p+ layers for FZ and CZ 
single cry s t h e  Si substrates[4]. The effect of "degettering' was evaluated by measuring teff 
for Si substrates after thermal processes in O2 or N2 ambient. The &ect of B gettering on cell 
performance is also described. 

2. Experimental 

Two different Si substrates of p-type, FZ (2 Ckcm) and CZ (10 S1.crn) were used in 
this experiment. B was diffused at 1000°C for 60 min into both sides of the substrates to 
fabricate p+ layers with a sheet resistance 
source. To investigte the effect of t h d  
types of samples were prepared. One was 

of 20 l2/O using a pyrolytic boron nitride solid 
processes after B diffusion on bulk lifetimes, two 
oxidized at 1000°C for 60 min to make a surface 

He is now with Sharp Cop.  



passivation layer and the other was annealed in N2 ambient at the same condition. Furthemore, 
to investigte gettering and de-gettering effects in detail, p-type CZ (10 Qxm) substrates 
were processed to fabricate B-diffused samples using consecutive B diffusion and oxidation. 
First, the B-diffused layers of three samples were removed in an HF:HNOs (1:20) solution. 
Then, the fvst sample was oxidized at 1000°C for 60 min, the second sample was diffused by 
B againand the third sample was oxidized at the same con&tion after the second B diffusion. 

A microwave detected photoconductivity decay method using a pulse laser of 904 MI 
was used to measure ten.. To examine the effect of B gettering, bulk lifetimes before and after 
B diffusion were measured using a chemical passivation (CP) techmque. The CP technique 
using an ethanol solution of iodine was applied for reducing surface recombination velocity at 
wafer sufaces [5].  To obtain bulk Metimes, before ze. measurements, the B-diffused layers 
were removed from each side of the wafer in an HF:HN03 (120) solution and then native 
oxide was removed in an HF : H20 (1 : 10) solution. 

3. Results and Discussion 

The effect of B diffusion process on zeff for FZ and CZ wafers was investigted after 
removal of the B-diffused layers. As shown in F ig 1, the init id z,ff values for FZ-p and CZ-p 
wafers were about 240 and 600 ps, respectively. After B &ffusion, Teff for the FZ-p Si wafer 
increased about two times higher than the initla1 value although that for the CZ wafer dtd not 
vary substantially. This result showed that gff increased due to B gettering. 

On the contrary, as indicated in Fig. 2, m e a ~ u ~ e d ~ , ~ ~  for both FZ and CZ wafers oxidued 
after B diffusion decreased drastically to as low as 3 ps. The values were two orders of 
magnitude lower than those for the B get tered samples. Furthermore, similar ~ ~ f f  decreases to 
about 10 to 20 ps were obtained for B-diffused wafers annealed in Nz ambient. These mean 
that the drastic zeff decrease was caused by the thermal processes rather than the ambient 
effect. 

C 
After B 
diffusion 

0 1 0 0 m ~ 4 0 0 5 0 0 m  

Ef eclive lifetime (p s) 

diff7 
0 xidati 

t 
Annealin 
g in N2 

t 

medive lifetime us) 
Fig. 1 Effectofboron gettering on eflkctkelifetime Fig. 2 Effectofthermal processes in 02 or N2 ambient on 
for p-type FZ and CZ wafers. effective lifetime for p-type FZ and CZ wafers aftg B 

diffusion. 

The effect of consecutive thermal processes on was examined for CZ-p 10 L2 crn Si 
wafers after removing the first B-diffused layers. After the second B diffusion, as shown in 
Fig 3, teff was about 500 ps as high as that for the first B-diffised sample, but zeff after 



subsequent oxidation decreased to about 15 ps. On the other hand, in the oxidation after 
removal of B-diffused layers, Ten of about 150 ps was not so low as compared with the B- 
get t ered samples and higher t hau samples oxidized after the first and second B diffusions. This 
result suggests that the twice B gettering is more effective than the once gettering and "de- 
gettering" occurs during thermal processes for samples with p+ layers. 

To investigate gettaing and "de-getterin$ mechanisms, carrier profiles before and after 
oxidation for the FZ-p wafers were measured by the C-V method with an electrochemical 
etching Surface carrier concentration before oxidation was about 5 x 1019 crn 3, which means B 
was heavily doped at the surface. Gettering sites were perated in the heavily B-diffused 
layers due to the atomic size difference between Si and B atoms. As a result, lifetime killer 
impurities were diffused and gettered at the sites. On the other hand, surface B concentration 
after oxidation decreased to 1 X 10'' cm '. Therefore, the gettering sites in the B-diffused 
lay ers became lower after oxidat ion. As a result, lifetime killer irnpurit ies could not be trapped 
at the defects and were diffused out from the B-diffused layers into bulk regions. 

In order to estimate the gettering mechanism, the dependence of wafer thlckkness on hff 
was investigated by repetitive etching of oxidized, B-diffused the CZ-p Si wafers. As 
indicated in Fig.4, the lifetimes degraded for whole regions of the wafers. This result indicated 

I 10 100 lOOC 
Effective lifetime us) 

Fig. 3 Effect of consecutive B &sion and oxidation 
processes on effectivelifetime for p-CZ 10 l2 - cm wikrs. 
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Fig. 4 Dependence of dkrthickness on effective 
lifetime for an oxidized and B-dil%sed p-type CZ. 

that lifetime killer impurities diffused into almost the center of the wafer. Using an equation of 
JD t where D is the diffusion coefficient and t the oxidation time, a diffusion distance of Fe 
was estimated to be 3 nrm using the D of about 3 x 10 m2/sec at 100O0C [6]. This suggests 
that a fast diffuser like Fe mi& be related to the gettering and "de-gettering" processes. 
However, this assumption was not mnfmed by measuring a deep level using Deep Level 
Transient Spectroscopy. As shown in Fig5, a DLTS signal relating to nitrogen-vacancy 
complex was observed for an n-type FZ wafer oxidized after B-diffusion, whereas no signal 
was observed just after the boron diffusion process. 

To confirm the effkct of B-gettering on cell pafonnatlce, cells were fabricated using p- 
type FZ wafers[7]. As indicated in Fig6, cell efficiency was found to depend on B-diffused 
area and to attain a very high efficiency of 22.6 %. This was due to the increase of short- 
circuit current density by improving minority-carrier lifetime during the boron diffusion 
process. 
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Fit5 DLTS signal for an n-type FZ wafer oxidized Fig.6 The e f f i  of B-diffised rear area on cell 
after boron-diffUsion. cell efficiency for highly efficient Si cells. 

4. Conclusion 

After B dfh ion ,  bulk lifetimes increased about two times hlgher than initial value for 
p-type FZ Si substrate. However, thermal processes in 0 2  or N2 after boron diffusion 
affected the drastic degradation of bulk lifetimes. These results suggest that lifetime kder 
impurities were gett ered at defects in the heavily B-doped p+ lay ers , whereas diffused out into 
bulk regions because of lowering surface B concentration by thermal processes. The B 
gettering was effective to improve cell efficiency for monocrystalline Si solar cells. 
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ABSTRACT 

Aluminum gettering has been widely shown to improve minority carrier diffusion lengths in 
both single- and multi-crystalline Si, which has been attributed to gettering of metal impurities 
from silicon. In this paper, experimental results are reported which show that the A1 gettering 
process can successfully getter away deliberately introduced Au from single-crystal Si. The Au 
diffusion profiles measured by the Spreading Resistance Profiling(SRP) method show that the Au 
is quickly gettered from Si regions near both wafer surfaces although the A1 layer is present on 
only one wafer surface, while Au from the bulk of the wafer is gettered at a much more lower rate. 
This bears out previous simulation results which attribute the effect to the diffusion of Au in Si by 
the kick-out mechanism, by which the Au diffusion is coupled to Si self-interstitials (I). Out-dif- 
fusion of Au generates an I undersaturation which hinders further out-diffusion of Au from the 
bulk region whereas in the surface regions the ready supply of 1 from the surfaces prevents such 
an undersaturation from developing and hence the out-diffusion and gettering of Au proceed unim- 
peded in these regions. 

INTRODUCTION 

Gettering of unwanted impurities away from the device active regions is an integral part of 
manufacturing integrated circuits (IC) using Czochralski (CZ) Si wafers, where intrinsic or internal 
gettering (IG) is employed. IG utilizes oxygen precipitates and their associated defects in the CZ Si 
wafer bulk as gettering sites.'t2 Gettering also shows promise for use in Si solar cell fabrication 
for improving the cell e f f i ~ i e n c ~ . ~ d  In this case an extrinsic or external gettering (EG) scheme, 
applied at one Si wafer surface, needs to be used since solar cells are bulk devices. Cost effective 
gettering schemes proposed for solar cell applications include P indiffusion g e t t e ~ g  and A1 getter- 
ing, since both P and A1 are already used in solar cell fabrication for doping the emitter region and 
for forming contacts respectively. The gettering of contaminants, usually transition metals, to the 
gettering region involves the metal dissolution (if existing in a precipitated form), the diffusion of 
metal atoms to and their being stabilized at the gettering sites. 

A1 gettering is performed by annealing Si wafers with an Al layer on one wafer surface, which 
provides a gettering effect because the solubility of typical metal contaminant species is much 
higher in A1 than in Si, thus creating a driving force for the metal species to segregate into the A1 
layer from the Si bulk. If the annealing temperatures used are above the AI-Si eutectic temperature 
of 577OC, then a liquid A1-Si alloy layer is formed on the surface of the Si wafer, which may have 
even higher solubility for metals and thus provide an even stronger ettering effect. A1 gettering 
has been shown to successfully getter specific metal species from Si% and to result in improved 
minority carrier diffusion lengths.7y89 

Au is not a naturally occurring impurity in Si, but its diffusion behavior in Si has been widely 
characterized and utilized for fundamental studies of diffusion in Si 10v11912. AU in Si is a substitu- 
tional-interstitial impurity, which means that it primarily resides in substitutional sites but diffuses 
in an interstitial form. The changeover from substitutional to interstitial form or vice versa requires 
interaction with native point defects in Si, which may be self-interstitials or vacancies. The diffu- 
sion of Au in Si has been widely modeled by considering interactions with self-interstitials via the 
kick-out reac tion13 

where Au, is a substitutional Au atom and Aui is an interstitial Au atom. Au, has a negligible dif- 
fusivity, while Aui is very fast-moving but has a very low equilibrium concentration with respect 
to Au,. Thus, diffusion of Au proceeds by a substitutional Au atom being kicked-out into an in- 



terstitial site by an I .  Therefore, the process consumes I, and if there is a net flux of Au atoms dif- 
fusing away from a Si region, an I undersaturation develops in the region. If this developing I un- 
dersaturation cannot be relieved by the presence of suitable I sources like dislocations, grain 
boundaries and surfaces, then further diffusion of Au is hindered. 

SRP has been shown to be suitable for measuring Au diffusion profiles in Si because of the 
strong compensation effect of the Au mid-gap level on the shallow dopant levels in ~ i . ~ ~ ~ ~ ~  This 
causes a significant reduction in the carrier concentration and hence a significant increase in the re- 
sistivity when the Au concentration becomes comparable to the dopant c~ncentration.'~ Thus, 
higher Au concentrations correspond to higher resistivity and hence higher measured spreading 
resistance. 

EXPERIMENTAL 

The present experiments involve deliberately contaminating Si with Au and then gettering the 
Au with an A1 layer. 125 nm of Au was deposited on one side of a P-type, B-doped, single-crystal 
FZ Si wafer of 10-40 a-cm resistivity and 530 pm thickness, and subsequently the wafer was an- 
nealed at 95Q°C for 16 hr to indiffuse Au and then rapidly cooled in air. Following the anneal, 15 
pm of Si was etched off from both sides of the wafer in two steps along with boiling aqua regia 
and RCA treatments after each step to remove all the surface Au, leaving a thickness of about 500 
pm. After etching, a SRP sample was prepared by cleaving a piece of suitable size and bevel- 
polishing it to allow probing to a sufficient depth. This was done by lapping with 3 pm alumina 
abrasive in water followed by a 1 pm alumina abrasive in water and finally a polish with 0.25 jm 
diamond paste in oil. A SRP sample from the original wafer before Au indiffusion was also 
prepared. One sample from the wafer was sealed in an evacuated quartz ampoule and annealed at 
1000°C for 8 hr, which served as a control. Other samples from the wafer were deposited with 1 
pm of A1(99.999%) and also sealed in evacuated quartz ampoules and then annealed at 1000°C for 
30 min, 2 hr and 8 hr respectively to perform A1 gettering. The samples sealed in evacuated quartz 
ampoules were all about 9 mm wide and about 15 mm long or longer. At the end of each anneal, 
the ampoules were quenched in water. After quenching, the samples were removed from the quartz 
ampoules and SRP samples were prepared from the central part of each sample by cleaving and 
bevel-polishing as described above. Profiling was done in the thickness direction, i.e., one- 
dimensional diffusion conditions were considered. All the SRP profiles were measured from the 
unpolished side of the wafer, except for the 30 min A1 gettering sample for which two samples 
were made and profiles measured from both surfaces. For the Au indiffusion as well as the A1 
gettering, the metal films were deposited on the unpolished wafer side. 

RESULTS AND DISCUSSION 

Figure 1. shows all the relevant SRP depth profiles. The SRP profile after Au indiffusion and 
etching shows a U-shape (Fig. 1 (a)), which is characteristic of the indiffusion of Au by the kick- 
out mechanism. 10913%n this case, the sides of the U have actually been truncated somewhat due 
to etching. The resistance values were noticeably increased as compared to the original SRP profile 
before Au indiffusion (Fig. l(a)). The control sample which was annealed without A1 for 8 hr at 
1000°C shows some flattening of the SRP profile (Fig. l(b)), i.e., the Au concentration has risen 
in the middle of the sample while it has dropped near the surface, but there does not seem to be any 
significant loss of Au. This flattening of the Au profile is expected as there is no longer an infinite 
source of Au atoms at the surface? After A1 gettering for 30 min, the spreading resistance has 
almost dropped to its original value near both wafer surfaces, while it remains almost unchanged in 
the middle (Fig. l(b)). The 30 min profile is a composite of two separate profiles measured from 
both wafer surfaces and the A1 gettering layer was on the left surface of the profile shown. For the 
2 hr A1 gettered sample, the SRP profile (Fig. l(b)) has almost dropped to the original wafer 
values before Au indiffusion (Fig. l(a)). Previous simulation results of the gettering of Au by A1 
from a Si wafer have indicated that initially, gettering of Au in both the surface regions is fast even 
though there is an A1 layer on only one sulface.17 This is because outdiffusion of Au will generate 
an undersaturation of I in Si because of I consumption by kicking out Au, atoms to become the 



mobile Aui atoms. Since both surfaces of the sample serve as sources of I ,  they will relieve the I 
undersaturation in the surface regions, thus allowing further kicking-out of the Au, atoms to 
diffuse to the A1-Si layer where they are stabilized, i.e., gettered. In the wafer interior, the I 
undersaturation will not be relieved, thus inhibiting more Au, atoms from being kicked-out and 
mobilized. Since the diffusivity of the substitutional gold atoms is negligible, they will remain 
practically ungettered. As the annealing proceeds, the in-diffusion of I from the surfaces will re- 
lieve the undersaturation of I in the bulk, thus allowing more and more gold substitutional atoms to 
be kicked-out and gettered. 

After 8 hr annealing, it is expected that all the Au will be gettered and the SRP profile will thus 
be flat and almost equal to the original profile that was present before Au contamination. In our ex- 
periment, a reasonably flat profile is obtained after 8 hr A1 gettering (not shown here) but the SRP 
values are not as low as the original sample but intermediate between the original sample and the 
contaminated sample. Since the A1 gettehg has been performed in evacuated quartz ampoules at 
high temperatures, it is expected that there will be loss of A1 from the surface Al-Si layer due to 
evaporation, and indeed it is observed after annealing and quenching that the insides of the quartz 
ampoules have a thin metallic coating. This is observed for all gettering times, i.e., 30 min, 2 hr 
and 8 hr. However, it is reasonable to expect that loss of A1 is the most severe for the 8 hr anneal, 
and the composition of the liquid Al-Si layer may be sufficiently changed so that the Au solubility 
is reduced towards the later part of the anneal. Since the relative concentrations of Au in the Si and 
the Al-Si layer when equilibrium is reached are dependent on the relative solubilities of Au in the 
two layers,18 a reduction of Au solubility in the liquid layer would cause a decrease in the Au 
concentration there and a simultaneous increase in the Au concentration in the Si sample. Thus, for 
longer times, the gettering capacity of the liquid AI-Si layer may decrease due to evaporation loss 
of Al. 

SUMMARY 

A1 gettering was successful in gettering Au from deliberately contaminated single crystal Si. 
Although the liquid A1-Si gettering layer is present only on one surface, the Au is initially gettered 
from both surface regions and then progressively to increasing depth from both surfaces. This is 
attributed to undersaturation of Si self-interstitials in the bulk of the sample which is gradually 
compensated by supply of self-interstitials from both surfaces. For long annealing times, evapora- 
tion loss of A1 from the surface Al-Si layer reduces its gettering capacity for Au, thus causing some 
of the Au to diffuse back into the Si. 
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Fig. 1 Spreading resistance depth profiles of Si samples (a) from original wafer and after Au 
indiffusion at 950°C for 16 hr, (b) control annealed at 1000°C for 8 hr and after A1 gettering at 
1000°C for 30 min and for 2 hr respectively. Almost all profiles were measured from the 
unpolished wafer surface (at 0 micron depth). For the 30 min A1 gettering, two samples were taken 
from adjacent locations and profiles measured from both surfaces (i.e., from 0 microns and 500 
microns). The profile shown above is a composite of the two. For Au indiffusion as well as A1 
gettering, the metal films were deposited on the unpolished surface, i.e., on the left side of the 
profiles shown. 
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The baseline post-growth quality enhancement procedures used to produce high 
efficiency s i l i c o n - ~ i l r n ~ ~  polycrystalline silicon solar cells feature an extended-duration 
phosphorus/aluminum gettering and a RF hydrogenation. Effective minority carrier 
diffusion lengths have been increased from 3 0 - 4 0 p  to 150-200pm as a result of the post- 
growth processing. During the course of investigation, the response of s i l i c o n - ~ i l m ~ ~  
materials to the quality enhancement steps was found to be material specific and site 
specific. Spectral response of certain devices was shown to have an unusual illumination 
dependence. Non-uniformity of effective diffusion lengths across the wafer correlates with 
this unusual illumination behavior. Initial efforts to understand these behaviors are 
described. 

I. Experimental 

Post-growth quality enhancement techniques, or defect engineering, have been 
investigated by many groups and are considered to be an integral part of polycrystalline 
silicon solar cell processing. The degree of improvement and the individual process can 
vary with different materials. Process sequence used to fabricate high efficiency Silicon- 
~ i l m ~ ~  polycrystalline silicon solar cells involves a pre-gettering preparation, 
phosphorus/alurninum gettering, removal of diffused/alloyed layers, emitter diffusion, RF 
hydrogenation, emitter surface passivation, metallization and antireflection coating. Among 
these, external gettering and hydrogenation are two major steps used to improve the quality 
of as-grown s i l i c o n - ~ i l m ~ ~  sheet materials. 

Phosphorus diffusion and aluminum alloying, which are compatible to silicon solar 
cell fabrication sequences, were chosen for the investigation. Prior to gettering, the as- 
grown Silicon-FilmTM wafers were chemically thinned to about 3 0 0 p .  This allows 
phosphorus gettering to occur at the front surface and aluminum gettering at the back 
surface. Because of the synergistic and complementary effects of impurity diffusion and 
segregation during P/A1 gettering, a four-hour gettering step performed at 890°C [I] was 
used and found effective in increasing the minority carrier diffusion length in Silicon- 
~ i l r n ~ ~  materials. The diffused and alloyed layers were removed to prevent the gettered 
impurities from entering the bulk during the subsequent high temperature process steps. 
Emitter difhsion was optimized separately. 

Passivation of bulk structural defects was accomplished using RF hydrogen plasma 
treatments performed at 3 10°C for 40 minutes. This treatment was found to be additive to 
the gettering step in increasing the effective carrier diffusion length. The side effect of 



plasma treatment is that it interferes with emitter surface passivation by damaging the solar 
cell surface, thereby decreasing the blue response. In order to avoid the depassivation of 
hydrogenated materials fiom a high temperature oxidation process and to achieve a good 
blue response, a low-temperature emitter surface passivation using a PECVD (Plasma 
Enhanced Chemical Vapor Deposition) oxide layer was implemented. Surface damage 
caused by RF hydrogenation was found reparable by an emitter etchback using a weak 
HF/HN03 based solution. 

11. Result and Discussion 

Figure 1 shows the effects of post-growth quality enhancements on the internal 
quantum efficiency (IQE) of S i l i c o n - ~ i l r n ~ ~  solar cells. Extended P/AI gettering and RF 
hydrogenation significantly improved the long wavelength (>600nm) response by 
increasing minority carrier diffusion length in the base region. The diffusion lengths 
obtained in finished solar cells can reach over 200pm after incorporating material quality 
enhancement steps. As illustrated by two dashed lines in Figure 1, PECVD oxide enables 
the passivation of the emitter surface, leading to an increase in the short wavelength 
response. Here, the good surface passivation is the result of optimized emitter doping 
profile, oxide deposition conditions and forming gas annealing. 

PECVD Oxide Passivation 1 

[ / Passivation oxide stripped 

Wavelength (nm) 

Figure 1. Effects of post-growth quality enhancements on internal quantum efficiency 
(IQE) of silicon-~ilm" solar cells. Solid line: gettered; Dashed lines: ungettered. AN 
cells received identical emitter dzffusion andpassivation. 

The degree of improvement for s i - ~ i l r n ~ ~  materials was found to be material 
specific and site specific. This may be ,due to the batch differences in material growth and 
the inhomogeneous distribution of impurities and defects. This limits the performance of 



large-area ~ i l i c o n - ~ i l r n ~ ~  solar cells. Investigation into the process of material upgrading 
was required. One of the focuses was the evolution of carrier diffusion length along with 
the solar cell fabrication process, especially the post-growth quality enhancement steps. 
Figure 2 shows the diffusion lengths measured at three different stages during solar cell 
fabrication. Diffusion lengths were determined fiom IQE data taken on three sets of mesa 
diodes. The substrates used to make mesa diodes were cut fiom the same wafer in order to 
ensure a statistically significant result. Data shown in Figure 2 do not represent the best 
case of improvement but reflect the typical changes in diffusion length. As indicated in 
Figure 2, the s i l i c o n - ~ i l r n ~ ~  materials investigated, in general, have a high response to 
hydrogenation treatment. However, the overall improvement in carrier diffusion length 
depends on the effectiveness of gettering step. Obviously, material-B was degraded during 
the gettering step. This can be related to the high oxygen concentration andlor high 
localized dislocation densities that can reduce the gettering efficiency [2]. This area is 
addressed in the material growth process. 

I + Material Lot-A 

-A- Material Lot-8 

t I I 

Initial Gettered RF H' 

Figure 2. Evolution of measured carrier dzfusion lengths along with post-growth quality 
enhancement steps. Two typical material lots that have dverent gettering responses 

Localized characterization using EBIC measurements was also performed on the 
mesa diodes analyzed in Figure 2. The measurements were made using a beam energy of 
30 KeV, which yields an electron penetration depth of about 7 pm. Results indicated that 
the gettering step increases the overall EBIC signal level over the whole mesa diode while 
the hydrogenation treatment works greatly to suppress the electrical activities at grain 
boundaries. Figure 3 shows a EBIC image of a mesa diode that has received both gettering 
and hydrogenation treatments. Prior to hydrogenation, a PECVD oxide layer (-4500A) 



used to prevent hydrogen plasma fiom reaching the silicon surface was deposited onto the 
mesa diode. Then a square-shaped window (2mm x 2rnm) in the middle was opened by 
selective etching. Thus, only the exposed region received a hydrogen plasma treatment. The 
masking oxide was removed prior to EBIC measurements. As can-be seen, the grain boundary 
recombination was significantly minimized in the hydrogenated region. 

Figure 2. EBIC mapping shows the eflect of extended RF hydrogenation on the electrical 
activities at grain boundaries. Measured in the dark and no bias. 

Inhomogeneous behavior of bulk electrical properties across wafers is also related to 
extended defects, such as grain boundaries and dislocations. One interesting phenomenon that 
we have observed was an unusual illumination bulk behavior, i.e., the solar cell long 
wavelength response decreases as the bias light intensity is increased. This is different fiom 
what was observed previously, in that the long wavelength response increased with the bias 
light intensity. According to the explanation by others [3], defect clusters (or grain 
boundaries) in polycrystalline silicon are effectively negated by high injection levels, leading 
to a reduction in carrier recombination at these regions. The opposite illumination dependence 
indicates other mechanisms exist in the devices, either material related or process related. 
Based on the limited data obtained fiom devices processed at different stages, the unusual 
illumination response is likely to occur during the hydrogenation treatment. If this is the case, 
the illumination-dependent bulk effect would occur mostly at grain boundaries based on the 
result of Figure 2. As reported earlier, the dependence of recombination velocities on 
injection levels at grain boundaries and at the silicon surface can be modified by oxygen 
concentration [4] and doping concentration [ 5 ]  in the materials. It is still too early to conclude 
that elimination of this unusual illumination dependence can lead to further increase in bulk 
quality. More interestingly, the diffusion lengths extracted from light biased IQE data show a 
better uniformity than those extracted fiom IQE data taken without light bias. An observation 



of this is listed in Table 1. To facilitate further investigation, the light-biased EBIC or LBIC 
studies can be a good tool to identify any possible localized illumination behavior. This work 
is in preparation. 

Table I .  Dlffsion lengths of three a@acent one cm2 Si-Film solar cells determined from 
IQE with and without light bias. 

111. Conclusion 

Effective Diffusion length (pm) 

With light bias 

Without light bias 

~ i l i c o n - ~ i l r n ~ ~  material has a high response to post-growth quality enhancement 
techniques through the suppression of intragrain and grain boundary recombination. Spatial 
behaviors of bulk electrical properties are of importance to large area s i l i c o n - ~ i l r n ~ ~  solar 
cells. Non-uniform bulk electrical properties are originated from non-uniform distribution of 
impurity species and extended defects. Non-uniformity of effective diffusion lengths 
correlates with the injection dependent bulk behavior. 

CelM Cell#2 Cell#3 

90 88 87 

114 148 1 74 
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1. Introduction 

The current flow in homogeneous standard solar cells is well mderstood After the generation electrons and holes diffuse 
mainly in one direction perpendicular to the surfaces. Close to the top surface the current changes the direction and flows in the 
emitter region to the contacts parallel to the surface. Inhomogeneities in the conducting properties of the emitter layer or 
'shunts' of the pn-junction disturb the current flow and may degrade the electrical properties of the solar cell. In order to 
understand the mechanisms of the degradation the localization and identification of the defects that cause the inhomogeneity is 
essential. 

Recently we developed a new method CASQ (Current Analysis by SQuids) that allows one a very direct measurement of the 
current distribution in a solar cell El]. The CASQ method is based on the relationship between the lateral current in the emitter 
region and the induced magnetic field that extends into the t k e  space above the solar cell. Inhomogeneities of the current 
distribution are directly reflected in the magnetic field From the topographical measurement of the field dose to the surf= we 
can calculate the current flow in the emitter and in the contacts. In addition to the localization of bulk defects and their 
ramifications on the current distribution, the qahty of the grid fingers can be monitored as well. 

2. Expehental Procedure 

SQUIDS are sensitive sensors for magnetic fields and are reqwred for current density measurements in the range considered 
here (down to 10 pA/cm2f. The use of high-temperature SQUIDS offers today much greater flexibility for the application 
compared to SQUIDS that require liquid helium. An important advantage is that the sensor can be brought close to the sample 
surface which increases the spatial reso1ution. 

In our commercial CASQ instrument the SQUID probe is placed inside a specially constructed cryostat filled with liquid 
nitrogen [2]. The position of the SQUID can be oriented in various directions so that all three components of the magnetic field 
can be determined The cryostat is mounted above a non-magnetic xy-table that can support and shift 10 x 10 cm2 solar cells. 
The minimum distane between the sensor and the sample is less then 1 mm, restricted by the isolation vacuum of the cryostat. 
This limits the maximum lateral resolution of the measurement which is currently about 0.5 mm. 

To minimize the influence of external electromagnetic fields, the system is shielded in a p-metal/ aluminium chamber with 
small lead-throughs for the co~mection to the interior (e-g. the electrical connection of the SQUID). The xy-movement of the 
table is realized by two step motors outside of the chamber. In addition, all the electrical. mmections to the sample have to be 
twisted and located at maximum distance to the sensor. A potentiometer allows the adjustment of the total current fi-om the cell. 

At present three different operating conditions for the solar cell can be realized: 
the application of an external voltage, 
the glow illumination by four halogen lamps and 
the locat illumination through an optical fibre with laser light. 
After the measurements a numerical deconvolution of the magnetic field is performed that yields a topographic image of the 

current distribution in the top layer of the solar cell. This analysis is based on the application of the Biot-Savart-law: 

It is assumed that the conductive layer is very thin (thickness L,,,) and carries currents only parallel to the d a c e ,  that means 
j, = 0. In this case equation 1 simplifies and yields for instance for B, 



Equation 2 is a convolution integral, where the source J&c9y') is convolved with a Green's function G(~-x',y-y'~z) = l/(r - x-')~. 
The determination of the current density fkom the magnetic field requires the inversion of the problem. In general, the inverse 
problem can not be solved uniquely for a three-dimensional current distribution. In the special two-dimensional case considered 
here the solution is, however, unique [3]. 

Equation 2 can be Fourier-transformed applying the convolution theorem. One obtains the following equation for the 
transformed &- component: 

The determination of the current is thus reduced to a division of &(kX,ky,z) by g(kx7k,,z) and the revers transformation into the 
real space. 

As g@,&,z) decays exponentially with both k and z, the Green's function works as a spatial low-pass f2kr. In addition, g 
contains only discrete values of k, settled in the low-frequency range of the frequency spectra. For the inverse problem this loss 
of information means an amplification of the noise, as the current density rises for low magnetic fields and high spatial 
frequencies. Nevertheless equation 3 contains a fast and elegant way to compute the current density distribution 16.01~ the 
magnetic field data. 

3. Experimental Results 

3.1 Solar cell with applied voltage 
Although the magnetic field topography of a solar cell operated 

under applied voltage does not reflect the real situation, this mode can 
be used to detect inhomogeneities [4,5,6]. 

In figure 1 we focus on a part of a mc-silicon solar cell. The j, 
component calculated ftom the measured B, component is displayed. A 
100 mV forward biased voltage is applied to the 100 x 100 mm2 cell 
without anti-reflexion layer. The total current is about 6 rnA The bus 
bar of the cell is orientated paratlei to the x-direction (at y=25 mm), the 
grid fingers at a distance of 4 mm are parallel to the y M o a  The 
electrical contact is located at the lower end of the bus; the rear contact 
covers the entire aluminium backside contact of the solar cell. 

The topogram shows a rather & h e  current distribution and does 
not reflect the current flow accurately in the grid fingers. This is 
because of the numerical deconvolution of the magnetic field as 
mentioned above, which can only be performed on a discrete set of data 
because of the limited lateral resolution of the method. Nevertheless 
differences in the m e n t  flow are obtained that are unexpected. 

The B, component mainly reflects the current in the y-orientated 
grid fingers and is less sensitive to the bus current. The red areas always 
belong to a current flow in positive y-direction, the blue areas to a 
negative j, (as dso indicated by the arrows). The topogram clearly 
shows inhomogeneous cuftent densities in several fingers in the picture. 
It is surprising that not only the absolute values vary but also the 
directions of the currents. 

Figure 2 gives a detailed view of the upper part of figure 1. The 
enhanced current densities of two neighbouring grid fingers are clearly 
separated. In addition, one can see the increase of the current towards 
the bus and the inversion of the current flow direction in neighbouring 
grid fingers as mentioned above. 

Figure 1: Calculated j, component from the measured 
magnetic field Bx of a m~sdicon solar cell operated 
under applied voltage (100 mV, 6 mA). The external 
contact is positioned at (100/25). The red and the blue 
areas indicate enhanced current densities in positive and 
negative ydirection, outlined by the arrows. 
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not all fingers contnite to the current flow equally. Furthennore there 
exist aIso loss mechanisms that lead to an inversion of the current flow. 

3.2 Solar cell under global illumination 
'In Figure 3 the j, component of another mc- silicon solar cell 

(50x50 mm2, a single bus bar orientated in x-direction at y=28 mm) is 
shown. During this measurement the cell was homogeneously 
illuminated. A single external contact collected the total current (about 
3 mA) from the cell at the lower end of the bus bar. 

The current distribution is more or less homogeneous, the current 
increases fkom all parts of the cell to the collecting contact. There are 
current variations between bulk and grid but they are weak and can only 
be seen in h e  scans. Under these conditions any inhomogeneities in 6 
the current distribution in the grid fingers and the bulk material cannot 
be detected. (The narrow yellow area in the middle of the topogram 
belongs to the enhanced current in the bus bar which, although 
perpendicular to the measured Karnponent, cannot be totally 
suppressed probably due to misorientation) Figure 2: Enlarged view of figure 1 at the upper part. 

The same sample if abed under the same f i m t i o n  The , labels are the same. The increasing cwent 
conditions, but in the open-circuitase, i.e. without external contact, is towards the bus of two neighbounng grid fhgers (at x=7 
shown in figure 4. In contrast to the previous conditions there is no and 1 1 mrn and ~ 2 9  and 33 mm) can be seen The blue 
current flow in the grid fingen of the cell. The anent  flows to areas area in the middle indicates a cutrent flow in the 
where recombination of the carriers can occur. Therefore this yields a Op@te 
kind of 'current-loss topography'. The topogram for this example shows 
enhanced current densities in the centre of the cell and a small variation 
in the middle of the lower edge (direction also outtined by the arrows). 

current d e n s i t y  [mA/cm2] 

Figure 3: Calculated j, component of a mc-silicon 
solar cell under global illumination. A contact is 
located at position (50/28). The total current fim 
the cell is about 3 mA. The current density increases 
homogeneously to the contact. No variations of the 
current in the grid structure or the bulk are observed. 

c u r r e n t  d e n s i t y  [rnA/cm2] 

Figom 4: j, component of a mc-silicon solar cell 
under homogeneous illumination in the 'open- 
circuit' case. Under these cond~tions no cwent 
flows in the grid. One can observe, however, the 
areas where enhanced recombination of carriers in 
the bulk occurs. The vertical artefacts are due to the 
amplification of noise in the ydxection. 
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connections I& to a magnetic field topography dominated by the main current flow in the grid, the open-circuit mode, allows 
one to monitor bulk areas where enhanced current losses occur. 

3.3 Locally illuminated solar cell 
'Another operating mode for CASQ is measuring the magnetic field under 

spotlike illumination. In this case, illllmination occurs by a laser through an 
optical fibre. Due to geometrical constraints of the cryostat the end of the 
optical fibre can only be located at a certain distance from the SQUID, as 
shown in figure 5. 

The spatial resolution in this case is determined by the size of the 
illuminated area (about 0.2 mm2). Under the assumption that the generated 
carriers diffuse radially from the illnmination centre, the SQUID detects the 
difference of the current flow in positive and negative direction and works, as 
the distances equal each other, as a current gradlometer. It is thus 
parbcdar1.y sensitive to the direction of the current flow in the bulk 

An example is shown in figure 6 where the j, component of a 
multicrystalline silicon solar cell (same sample and equivalent axes labels as 
in figure 4) is depicted. The orientation of the SQUID is as in figure 5: the 
SQUID detects the %-component. The red and blue areas indicate regions 
where the current flows mainly in the positive or negative x-direction. The 
grid structure is visible because carrier generation is suppressed when the 
laser beam hits the contact area. 

The topgram displays a current flow to the centre of the ceil (the carriers 
accumulate at an area in the region between x = 25 - 33 mm). Only the small 
stripe parallel to the bus on the right hand side the current flows in the 
inverse direction (mainly to the edge of the cell). 

CASQ is a new method for direct measurements of the current 
distribution in solar cells. Apart from the advantages, that it is undestroying 
and non-touching, CASQ is a very sensitive method for the determination of 
the current, not only of the absolute value, but also of the direction. First 
measurements have underlined the possib'ities of CASQ to observe 
inhomogeneities in the current flow. DBerent operating conditions allow one 
to monitor the grid and the bulk currents iadependently. 

The investigations showed already that the grid fingers of commercial 
solar cells often do not work efficiently. The results further demonstrated that 
the CASQ method is able to detect deteriorated bulk areas of the solar cell. 
This information can be used for further investigations with other analytical 
techniques which allow one to c o ~ e c t  the electrical characteristics with 
defect dxstributions. 
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-/ + illumination point with 
outlined current paths 

Fire 5: Geometry of the point illumination 
mode. Under these can&tions (SQUID detectmg 
%), the SQUID works as a 'current-@metery 
for the current flow in positive and negative x- 
direction. 

cu r ren t  dens i ty  [mA/cm2]  

Figure 6: j, component of a mc-silicon solar cell 
illllminated by a laser beam positioned at a distance 
of about 10 mm to the SQUID. In this mode the 
SQUID detects the difference of the current flow in 
positive and negative direction parallel to the SQUID 
area and works as a current gradiometer. The 
horizontal stripes parallel to the y-direction reflect 
the grid fingers (visible in the non-homogeneous 
areas): if the beam hits the contact canier generation 
is suppressed. 
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ABSTRACT: Multicrystalline-silicon (mc-Si) materials and cells feature large areal variations in 
material and junction quality. The regions with poor device quality have been predicted to have more 
recombination current at forward bias than a simple area-weighted average due to the parallel 
intercomection of the good and bad regions by the fiont junction. We have examined the effect of 
gettering on areal inhomogeneities in large-area mc-Si cells. Cells with large areal inhomogeneities were 
found to have increased non-ideal recombination current, which is in line with theoretical predictions. 
Phosphorus-diffision and aluminum-alloy gettering of mc-Si was found to reduce the areal 
inhomogeneities and improve large-area mc-Si device performance. 

INTRODUCTION 

Multicrystalline-silicon (mc-Si) materials are a commercially 
important photovoltaic material. This material consists of 
individual crystalline-silicon grains. The crystal orientation 
and grain size distribution depends upon the specific crystal 
growth method, but the orientation is generally random and 
the size varies between a few millimeters to several 
centimeters. The intragrain dislocation density, impurity 
precipitate density, and intrinsic stress can vary significantly 
between grains. The net result is that there can be significant 
areal variations in material and junction quality in large-area 
mc-Si cells. 

The effect of areal inhomogeneities has been examined 
theoretically by several research groups [1,2,3]. These 
models use a network model of the solar cell - i.e., the cell is 
divided into many small subcells that are connected in 
parallel through resistors that represent the front-surface 
junction and grid (Fig. I). The areal inhomogeneities are 
represented in the equivalent circuit parameters of the small 
subcells. A significant result of these studies is that the 
recombination current in the poor regions at open-circuit and 
maximum-power voltages are greater than predicted by the 
area-weighted average of the subcell parameters; i.e., the 
low-performing regions can act as "sinks" to dissipate 
power internally within the cell [2] due to the parallel 
interconnection of the good and poor regions. 

Experimentally demonstrating the enhanced recombination 
due to poor regions has been difficult. For example, mapping 
of the recombination current at any bias except short circuit 
is difficult because the parallel interconnection of the 
junction distributes the recombination current over a large 
area. The theoretical models suggest an indirect means to 

. experimentally examine the effect of areal inhomogeneities. 
A solar cell is fi-equently modeled as two parallel diodes, a 
current source, and a series and shunt resistance. The diodes 
represent "ideal" and "non-ideal" recombination current, 
where the diode quality factor (n) is unity for ideal and n>l 

for non-ideal recombination. The models predict that cells 
with large areal inhomogeneities will exhibit large non-ideal 
recombination in the double-diode model [3 ] .  

We examined the effect of gettering on areal 
inhomogeneities in mc-Si substrates . Gettering refers to a 
process where deleterious impurities are removed from 
important regions of a solar cell to less important regions. As 
a result of the detailed device characterization for our 
experiments, we also make some observations on the effect 
of areal inhomogeneities on large-area mc-Si solar cell 
performance. 

EXPERIMENT 

Several types of large-area mc-Si cells were thoroughly 
characterized. The first group of cells were low-, medium- 
and high-performance production 100-cm2 EFG cells fYom 
ASE Americas. This material consists of long (many 
centimeters) and narrow (less than 1 cm) grains, and has low 
oxygen and high carbon concentrations. The second group of 
42-cm2 mc-Si cells were fabricated at Sandia using HEM 
mc-Si from Crystal Systems. This mc-Si material has low 
carbon and oxygen concentrations and was used in the recent 
demonstration of an 18.6%-efficient 1-cm2 mc-Si cell [4]. 
The Sandia cells included both control and gettered splits, 
where the gettering included phosphorus diffusion and/or 
aluminum alloy. The gettering step was performed and the 
gettering layer removed prior to cell fabrication. The 
fabrication sequence includes an aluminum-alloyed back- 
surface field and passivated emitter, and uses a photolitho- 
graphically defined, evaporated metallization and an 
evaporated double-layer ARC [ S ] .  

The cell characterization included one-sun IV, dark-IVY 
absolute spectral response, hemispherical reflectance, and 
1 064-nm laser-beam-induced-current (LBIC) scans. The 
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one-sun and dark-IV data was fitted to a double-diode 
model, and the recombination current distribution at 
maximum-power and open-circuit voltages were calculated. 
Histograms of the LBIC data provided a good graphical 
description of the areal inhomogeneities. 

RESULTS 

The histograms of the LBIC data for the ASE cells show a 
systematic improvement in areal homogeneity as the cell 
performance increases (Fig. 2). The LBIC histogram both 
narrows and the mean moves to higher response, which 
indicates that the material is both more uniform and of 
higher quality. The improvement in cell performance is 
reflected mainly in V, and I,, (Table l), while the cell 
parameters fiorn the fitted dark-IV data show that there is a 
systematic decrease in the non-ideal recombination current 
with improved cell performance (Table 2). 

The gettering experiment on the HEM material (Table 3) 
found significant improvement in device performance due to 
the gettering of around 2% absolute. Similar gettering 
experiments in our laboratory typically finds more modest 
improvements (on the order of 0.5% absolute) and is 
generally material specific. The large gettering effect for this 
particular experiment more clearly illustrates some of the 
effects of gettering on areal inhomogeneities in large-area 
mc-Si cell performance. 

There was a dramatic improvement in non-ideal recombina- 
tion with gettering for the 42-cm2 HEM mc-Si cells. The 
non-ideal recombination represented around 18% and 5% of 
the recombination at V, and 60% and 30% of the 
recombination at V,, for the non-gettered and gettered cells, 
respectively (Table 4). The histograms of the LBIC data 
(Fig. 3) again show an improvement in the areal uniformity 
for the gettered cells. 

CONCLUSIONS 

Gettering of mc-Si substrates was found to both reduce the 
areal inhomogeneities and improve large-area mc-Si cell 
performance. In line with theoretical predictions, we found 
that the non-ideal recombination current in large-area mc-Si 
cells is qualitatively correlated with larger areal inhomo- 
geneities. 
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Table 1. ASE 100-crn2 EFG mc-Si production cells. 

High 14.2 0.586 31.8 0.760 0.480 
Medium 13.4 0.578 30.7 0.757 0.471 

Low 12.8 0.567 30.1 0.752 0.460 

Table 2. Distribution of recombination (%) in ASE cells. nl 
and n2 refer to ideal and non-ideal recombination. 

High 94.9 68.1 26.2 
Medium 94.4 67.2 27.9 

Low 93.4 67.0 29.4 

Table 3. Gettering experiment with 42-cm2 cells on HEM 
mc-Si material. Gettering using A1 and P simultaneously 
(Am) was ineffective, while gettering using A1 or P 
individually (Alum and Phos) was effective. 

NREL- 1 7-3 Alum 0.607 31.3 0.796 

Table 4. Recombination distribution (%) for HEM cells. 

Cell Split 
Name Descr 

NREL- 17-3 Alum 
NREL- 17- 1 0 P ~ O S  
NREL- I 7-4 AW 
NREL- 1 7-5 None 
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ABSTRACT: Borondoped back-surface fields (BSF's) have potentially superior performance compared to 
aluminum-doped BSF7s due to the higher solid solubility of boron compared to aluminum. However, 
conventional boron diffusions require a long, high temperature step that is both costly and incompatible 
with many photovoltaic-grade crystalline-silicon materials. We examined a process that uses a relatively 
low-temperature aluminum-alloy process to obtain a borondoped BSF by doping the aluminum with boron. 
In agreement with theoretical expectations, we found that thicker aluminum layers and higher boron doping 
levels improved the performance of aluminum-alloyed BSF's. 

Doped junctions on the back surface are a well-known technique to reduce back-surface recombination in 
silicon solar cells. These junctions are commonly known as back-surface fields @SF). BSF's are of 
increasing importance because (1) manufacturers are using thinner substrates to reduce material and 
crystal-growth costs and (2) material quality is now high enough such that the back surface is a large 
source of recombination in present silicon solar cells [I]. 

Aluminum-doped BSF's can be formed at relatively low temperatures with easily applied aluminum paste 
and with a relatively low temperature alloy process. The physics of the alloy process and of the resulting 
junction have been studied extensively [2] .  Boron-doped BSF7s can potentially achieve superior results 
compared to aluminum-doped BSF's due to the higher solid solubility of boron compared to aluminum. A 
more heavily doped BSF is particularly important when using lower resistivity (4 Rcm) substrates (Fig. 
1). Boron doping, however, has been difficult to implement cost effectively. Boron diffusions require high 
temperatures (>950°C) that are costly and frequently injurious to photovoltaic-grade silicon materials, 
while implantation of boron uses costly equipment with low throughput. 

Lolgen et al. has described a potentially low-cost method for forming boron-doped BSF's using relatively 
low temperatures (<900°C) 131. This process dopes an aluminum paste with boron. When the boron-doped 
aluminum paste is alloyed with the silicon, the boron dopes the regrown silicon at the higher solid solubility 
of boron compared to aluminum. The result is that a heavier boron doping is achieved with the low- 
temperature process of an aluminum alloy. 

In this extended abstract, we report results of an experiment to examine aluminum-alloyed B SF'S using 
sputtered boron-doped aluminum layers. Sputtered aluminum layers provide a more highly controlled 
environment (i.e., more uniform film with controlled composition) for examining the physics of the 
resulting junction compared to aluminum pastes. Aluminum sputtering targets that were doped with boron 
to 0.3 and 1% by weight were obtained from a commercial vendor. Pure aluminum layers were deposited 
by thermal evaporation. The alloys were performed in dry oxygen in a tube furnace for 30 minutes at 
850°C. This step both alloys the BSF and grows a thin passivating oxide on the fiont surface of the solar 
cell. The cell fabrication sequence is presented in Table 1. The experiment varied both the aluminum 
thickness (1 and 10 pm) and the boron doping (0, 0.3, and 1%). The material was 320-pm 2-Rcm float- 
zone silicon wafers. 

A problem with tube-fbrnace alloys is the vertical configuration of the wafers. We found that the molten 
silicon eutectic would flow to the bottom of the vertical wafer - particularly on the wafers with the thick 

'~andia National Laboratories is a multiprogram laboratory operated by Sandia Corporation, a Lockheed 
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10-pm A1 layers. This uneven thick Al deposit on the back surface caused problems with the photolitho- 
graphy processing, with the net result that the cells with the thick A1 alloy have low fill factors due to 
discontinuous grids on the front surface. The variation in aluminum thickness also causes uncertainty in the 
data analysis since the precise thickness of the aluminum remaining in any particular region on the wafer is 
uncertain. The effect of the boron doping and aluminum thickness on BSF performance was monitored 
through cell V, and back-surface recombination velocity (S). S was estimated by analysis of the spectral 
data [4]. Table 2 presents the results. 

Both increasing the thickness of the aluminum layer and the boron doping of the aluminum improved the 
BSF performance. The improved BSF performance is also evident in the internal quantum efficiency 
spectra (Fig. 2 and 3). Current experiments are performing the alloys with the wafers laid flat. The 
resulting alloyed layer is flat and has much improved morphology. The flat geometry might also improve 
the alloyed junction due to the improved morphology. 

In conclusion, we performed preliminary experiments to examine boron-doped aluminum-alloyed BSF's. 
In agreement with theoretical expectations, the boron doping and aluminum thickness improved BSF 
performance. 

1. A. Rohatgi et al., "Record high 18.6% efficient solar cell on HEM multicrysta1line material," 25" IEEE PVSC, 
741-744 (1996); and I. M. Gee et al., "High-efficiency cell structures and processes applied to photovoltaic- 
grade Czochralski silicon," ibid., 409-4 12. 

2. P. Lolgen ef al., "Aluminum back-su&ce field doping profiles with surface recombination velocities below 200 
cds ,"  23" IEEE PVSC, 236-24 1 (1993). 

3. P. Lolgen et al., "Boron doping of silicon using co-alloying with aluminum," Appl. Phys. Lett. 65,2792 (1994). 

4. P. A. Basore, "Extended spectral analysis of internal quantum efficiency," 23rd IEEE PVSC, 14% 152 (1993). 

Base Doping: loq6  cm" 
Base Doping: loq5  cmJ 

Figure 1. Calculated effective recombination velocity S at a pp+ interface as a function of the BSF 
thickness and doping level. The contours are S in cm/s. The calculations used PClD and assumed a 
uniform doping profile for the BSF. 





Table 1. Summary of cell fabrication sequence. 

1. Wder clean and etch. 

2. Wafer label. 

3. CVD oxide on back surface. 

1 6. Aluminum deposition on back surface. 1 13. Ti02/A1203 double-layer antireflection coating. I 

8. Photoresist and expose on front. 

9. Contact etch, evaporate TiPdAg, and liftoff. 

10. Evaporate A1 on back. 

4. POCIJ &ion. 

5. HF etch. 

7. Dry Oxidation, 850°C, 30 min. 

11. Sinter in forming gas, 400°C, 20 min. 

12. Ag plate grid on front. 

14. Laser-scribe grooves and cleave 42-cm2 cells from 100- 
mm diameter wafers. 

Table 2. Results of experiment that examined aluminum thickness and boron doping on aluminum-alloyed 
BSF performance. The cells have planar surfaces and are 42 cm2. The effective diffusion length and 
internal collection efficiency (LeE and qJ are parameters from the analysis of the internal quantum 
efficiency spectra, and are used for the calculation of the bulk diffusion length L and back-surface 
recombination velocity S 141. I&, is the estimated back-surface reflectance. Thick refers to the aluminum 
thickness, and Boron refers to the boron doping. The BSF's using 10-pm Al layer doped with 1% boron 
improved the V, by about 24 rnV and reduced S from around 1700 cm/s to below our measurement 
resolution compared to BSF's using 1-pm A1 layer without boron doping. 

CelI Boron Thick V, Len "lc h L S 
Name YO pm volts pm YD YO pm cm/s 

BorBSF17-6 0 1 0.606 338 62 74 372 1530 
BorBSF17-8 0 1 0.606 

BorBSF17-28 0 1 0.604 396 64 77 536 1811 
BorBSF17-16 0.3 1 0.609 428 68 74 53 1 
BorBSF17-19 0.3 1 0.606 1304 
BorBSF17-20 0.3 1 0.604 435 67 75 603 1492 
BorBSF17-13 1 1 0.610 459 68 72 668 1406 
BorBSF17-27 1 1 0.607 377 62 74 361 702 
BorBSF17-32 1 1 0.604 
BorBSF17-7 0 10 0.614 601 77 75 690 673 
BorBSF17-18 0 10 0.614 
BorBSF17-17 0.3 10 0.608 666 81 75 55 1 3 18 
BorBSF17-2 1 10 0.630 
BorBSF17-4 1 10 0.627 1055 94 70 536 0 
BorBSF17-10 1 10 0.629 783 88 71 466 0 

Factor Average <1> 0.606 405 65 74 512 1374 
<lo> 0.620 776 85 73 56 1 248 

Split Averages 0 1 0.605 367 63 75 454 1670 
0.3 1 0.606 431 65 75 510 1534 
1 1 0.607 418 65 73 515 1054 
0 10 0.614 601 77 75 690 673 

0.3 10 0.608 666 81 75 55 1 318 
1 10 0.629 919 91 71 50 1 0 
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Abstract 

This work presents a simple screen printing solar cell process based on h g  the front 
contacts through a silicon nitride (SiNJ layer deposited by direct plasma enhanced chemical 
vapour deposition (PECVD). This sequence of only six steps results in an excellent fiont 
surface and bulk passivation. Efficiency improvements up to 1.5% with a state-of-the art 
processing sequence were obtained on Solarex multicrystalline material. Independently 
confirmed efficiencies of almost 16% were reached. First indications of the excellent 
passivation quality of SiN, deposited by direct PECVD on p-Si are given. 

1. Introduction. 
One of the impediments for the industrial production of high efficiency multicrystalline silicon 

solar cells is the lack of a cost effective method to achieve an efficient surface and bulk passivation. A 
possible solution lies in the use of silicon nitride deposited in direct plasma enhanced chemical vapour 
deposition (PECVD). A silicon nitride layer serves as an antireflection coating passivating the surface 
and also the bulk if an appropriate annealing step is applied[l - 31. In this paper the PECVD silicon 
nitride is incorporated in a simple and high throughput screen printing process and the effects of surface 
and bulk passivation by hydrogen are demonstrated and analysed. Solarex material has been chosen for 
this study because it is representative for present day multicrystalline silicon substrates used by the PV 
industry. 

2. Process sequence. 
The key towards a cost effective and efficient hydrogen passivation process is to fire the screen 

printed fiont side grid through the PECVD silicon nitride antireflection layer. Figure 1- describes the 
process as it is developed and optimised in IMEC[4]. 

Saw Damage removal 

I 
Alkaline texturization 

I 
POC13-diffusion 

I 
PECVD S& deposition 

I 
Screen printed metallization 

I 
Parasitic junction removal 

Figure 1 : 'firing-through-SNX' process sequence 

It consists basically of only six steps: First, after a removal of the saw damage and a 
texturization using NaOH, the emitter is formed by POClj-diffusion to reach a sheet resistance around 



45 Nsq. This is followed by a silicon nitride deposition in a direct PECVD-system capable of 
depositing on 84 100 cm2 wafers at once. Then the contacts are screen printed on the front side and 
back side of the wafer and co-fired in an IR-furnace. Hereby, the front contact is fred through the 
silicon nitride layer to make contact with the underlying emitter. This process results in solderable 
contacts since no ARC-layer is covering the busbars at the end of the process. Moreover, due to the 
elevated temperatures used for the firing-through process, the screen printed aluminium on the back side 
alloys with the silicon and forms a back surface field. The most important factor however is the fact 
that hydrogen is released fiom the SiN, layer during the firing step of the metal contacts which results 
in an excellent surface and bulk passivation. The surface damage created during the SiNx-deposition is 
annealed during this step. However, at the same time, the vacancies resulting fkom the direct deposition 
process can help in the indiffusion of hydrogen into the bulk of the material [S]. In general, the above 
process has only one high temperature step (the diffusion). This means only one cleaning step is 
required for the whole process. Nevertheless, this simple process incorporates a BSF and an effective 
surface and bulk passivation as will be shown below. 

3. Process application on different material qualities 
The process as described above was compared to Solarex's baseline production process which 

was used as a reference. The baseline process includes an homogeneous emitter, TiOx as ARC and a 
back surface field. Both processes were applied on neighbouring Solarex substrates of different quality : 
The first batch of wafers was standard quality material while the second batch was of lower quality. 
The results are shown in the following tables : 

Table 1 : Cells made on standard aualitv substrates 

process I I 1 I 

Process 

Baseline process 

Firing through SiNx- 

Firing through SiNx- 1 30.6 1 600 ( 74.5 1 13.7 

Jsc (rnPJcrn2) 

30.1 

3 1.5 

Table 2 : Cells made on lower quality substrates 

process I I I I 

Process 

Baseline ~rocess 

From these results, it is clear that the substrates processed with the fuing-through-Sax 
sequence give much higher efficiencies compared to the standard process. This difference becomes larger 
for lower quality material. The S N ~ e l l s  of table 2 (lower quality material) even reach a higher 
efficiency than the cells of table 1 (good quality material) made with the standard process. 

The higher Voc and the current increase for the SNx-cells can be explained by the hydrogen 
passivation due to the diffusion of hydrogen fiom the silicon nitride layer into the cell during the 
contact firing.. Laser Beam Induced Current (LBIC) measurements performed at Sandia National 
Laboratories have shown the uniform passivation of the surface and the upper part of the bulk, 
independently of the grain orientation. The worse the starting quality of the material, the more this in- 
situ hydrogenation will be needed to obtain good cells. In fact, the temperature treatment of the silicon 
nitride can replace long hydrogenation steps which can never find a place in an industrial production 
line. Thanks to the in-situ annealing of the surface damage, resulting fiom the ion bombardment during 
the SiNx deposition, it is possible to remove the thermal oxidation fkom the process sequence. If the 
silicon nitride layer would not be treated with a high temperature step, an underlying oxide would be 
needed as a banier to prevent an extended damaged surface layer. 

The use of S a x  not only increases the efficiency of the cells but, since high efficient cells can 
also be obtained on lower quality material, it can also enhance the overall material yield. This is 
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important since the crystallisation cost accounts for a significant portion of the total cost of the finished 
product. 

To indicate the extent of the passivation effect coming fiom the SiNx-process, figure 2 shows 
the IQE of two cells made on lower quality material. Both cells were processed at IMEC using firing 
through ARC-processes. The ARC'S were respectively TiUx and SiNx. 

0 0 0 0 0 0 0 0 0  
~ ) ~ ) m m t n m m m m  
m t t m w ~ a o m o ~  

Wavelength (nm) ' ' 

Figure 2 : IQE comparison of cells made by firing through SNx and TiOx on lower quality material 
(cells processed at IMEC) 

4. Optimised process sequence on high quality material 
The fhg-through-SiNx process sequence, including the optional oxidation step, was applied on 

a batch of good quality Solarex material. The sheet resistance of the POC13-diffused homogeneous 
emitter was 50 Wsq. An optimised pattern for the front side contacts was used. The busbars were 
tabbed to decrease the series resistance. The average results of these 12 cells are shown in table 3. Two 
cells were independently measured at Sandia. On one of them, a second ARC (MgF2) was applied. 
Efficiencies of 15.4% in the case of SLARC and 15.8% in the case of DLARC have been measured. 
These results are amongst the highest measured on large area, a k h e  textured, multicrystalline screen 
printed cells. 

Table 3 : Average result of 12 screen printed cells on good quality Solarex material 
with homogeneous emitter using the Sax-process (area : 96 cm2) 

Table 4 : Results of homogeneous emitter cells on Solarex material (confied at Sandia) 
using the f e g  though SiNx-process (area : 96 cm2) 

Jsc (mAlcm2) 

32.1 

5. Application of silicon nitride as back side passivation 
The general trend in the PV industry is to reduce the wafer thickness due to the high cost of the 

silicon material. Till now, most cell producers use a gridded AglAl or an 111 A1 back contact scheme. 
For thinner cells, back side recombination will become a critical issue which necessitates an adequate 
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back surface passivation. A screen printed A1 BSF is also no solution for thin cells due to warping of 
the wafers. 
An elegant and effective solution is the use of PECVD-SiN, for back surface passivation. Figure 3 
shows the effective recombination velocities of silicon nitride deposited by direct PECVD as a h c t i o n  
of the applied bias light. The material used was 7 Rcm FZ material with a bulk lifetime of 700 ps. Low 
recombination velocities around 30 cdsec were obtained indicating the good surface passivation of this 
direct plasma technique after annealing the nitride at high temperature for a short time like for a contact 
firing scheme as described above. This step can also result in an effective bulk passivation fiom the back 
side. Unannealed silicon nitride gave recombination velocities two orders of magnitude higher due to the 
surface damage fiom the deposition. 

no bias 

/ 
Bias light 

Figure 3 : Surface recombination velocities for annealed SiNx deposited by direct PECVD 
as a function of bias light 

6.  Conclusion 

The advantages of the implementation of a direct PECVD SiNx deposition in an optimised 
screen printing process sequence have been demonstrated. Confirmed efficiencies on Solarex material of 
almost 16% have been reached with a very simple process consisting of only 6 steps. This strengthens 
the need for high throughput PECVD systems which should be developed for industrial use since the 
process not only increases the efficiency but can also increase the material yield. Direct PECVD-SiNx 
seems the logical choice since it combines ARC, surface and bulk passivation in one step unlike other 
passivation techniques like plasma hydrogenation and ion implantation. Compared to remote plasma 
systems, it has the advantage of better uniformity and being easier to upscale while giving as good 
passivation properties. The development of high throughput equipment, not only for plasma 
passivation, but also for other innovative processing steps, will become a major topic for hhue  solar 
cell R&D. 
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Abstract 

Silicon wafer costs are a large proportion of the cost of a commercial PV module. We have 
developed a technique for the preparation of single crystal silicon sheets of any size, shape or 
thickness that eliminates the cost of wafer slicing and reduces consumption of pure silicon by a 
factor of five to ten. The process, called Epilifi, entails the growth of an epitaxial layer on a single 
crystal silicon wafer followed by its detachment. The substrate can be recycled indefinitely 
through further growth and detachment cycles. 

Thin Crystalline Silicon Solar Cells 
The cost of fabricating a c-Si wafer comprises the cost of pure silicon, the cost of growing an 

ingot and the cost of slicing the ingot into wafers. During slicing up to half of the silicon is lost 
as sawdust. Further silicon is wasted if single crystal round wafers are squared up. In addition, 
silicon wafers are generally 300-500 pm thick for mechanical strength, whereas 10-100 pm is 
all that is needed for optical and electronic purposes. The realisation that c-Si can be used in a 
thin film form (10-100 pm) with the aid of light trapping has led to considerable interest in the 
area. 

An important choice for the fabrication of a thin film silicon cell is the choice of a suitable 
substrate on which to deposit the active silicon layer [I]. The substrate must be cheap, able to 
withstand all the temperatures to which it is exposed during processing, not cause thermal expan- 
sion mismatch cracking and permit the growth of silicon layers of sufficient quality and at a suffi- 
cient speed for photovoltaic purposes. Ideally it should enable the incorporation of light 
confinement into the device structure. Several different options are currently being investigated, 
including glass, ceramic and low cost crystalline silicon. 

Thin crystalline silicon deposition processes reported to date result in silicon layers that are 
multicrystalline, leading to inhomogeneous material with many defects and at most moderate 
material quality. This limits the efficiency potential of solar cells. None of the substrates men- 
tioned above offer the optimal combination of high material quality, low cost and effective light 
trapping. 

A number of techniques have been developed for the separation of semiconductor layers from 
a substrate and subsequent reuse of the substrate. These techniques are widely used for the GaAs 
family of materials. One technique is to use the very large etch speed ratio of AlGaAs and GaAs. 
AlGaAs is grown on a GaAs wafer followed by a GaAs layer. Black wax applied to the upper 
GaAs layer places it under tension. The structure is then immersed in a suitable etchant, which 
etches AlGaAs laterally without etching either GaAs layer. The purpose of the black wax is to 
curl up the upper GaAs layer to allow easier exchange of etchant and reaction products. After a 
long period (depending on the width of the structure) the top GaAs layer floats off. The process 
is not suitable for silicon because no known silicon etchant has the large selectivity that is 
available for the GaAdAlGaAs system. To date, no suitable non-silicon compound has been de- 
veloped that can act as an intermediary layer, analogous to AlGaAs. Although C a b  can be 
deposited epitaxially on silicon, and silicon on CaF2, the procedure is not well developed and ex- 
pensive. Silicon grown on CaF2 has a very high defect density. 



In the CLEFT process, a masking layer is deposited on a single crystal substrate, usually GaAs. 
Line openings formed in the masking layer provide the seeds for subsequent epitaxial growth. 
The epitaxial layers overgrow the line seed openings laterally and eventually impinge on each 
other to produce a continuous epitaxial film. The masking layer is completely buried beneath the 
epitaxial layer. The epitaxial layer is then attached to a suitable secondary substrate. If the regions 
where the epitaxial layer is attached to the substrate are sufficiently narrow, and if the adhesion 
of the epitaxial layer to the masking layer is sufficiently weak, the epitaxial layer can be cleaved 
off the substrate. The process has not been successfully applied to silicon. 

A practical method of single crystal wafer manufacture that involved no slicing, that produced 
wafers 50-100 microns thick, and that could yield square (or any other shape) wafers of arbitrary 
size and thickness would eliminate most wafer costs. The Epilzji technique developed at ANU 
[2] is such a technique. 

Epilifl 

The 

Growth 

Epilifttechnique is illustrated in Figure 1. One possible set of process steps are as follows: 

diamond shaped cross-section 

1-1 Silicon substrate [I Masking layer 1 7  Lightly doped Si epi Heavily doped Si 

Figure. 1: The Epilift process. (a) The structure following deposition of the epi layer on a 
(100) oriented single crystal substrate; (b) Cross section through the epitaxial layer. 

i) A masking layer such as Si3N4 is deposited and patterned on top of a (100) single crystal silicon 
substrate, so that the substrate is only exposed along lines(typical1y 5 pm wide and 70 pm 
spaced) which form a mesh pattern and run along the <110> directions of silicon. The masking 
layer prevents nucleation of silicon anywhere except along these lines of exposed silicon. 

ii) An epitaxial layer is grown on the wafer by LPE. Silicon nucleates out of the lines and forms 
a continuous mesh. Due to the particular stability of the Si { 11 1 } planes, faces with near (1 11) 
orientation develop. As a result, the epilayer displays a diamond shape in cross section. The 
initial part of the epilayer can be grown heavily doped while the subsequent layer is more lightly 
doped, although this is not necessary. 

iii) As growth is continued, the epilayer progressively overhangs the areas of the wafer covered 
by the masking layer, leaving a series of holes of decreasing size in the epitaxial film. Growth 
is terminated just before these holes have closed up. Any metallic solvent residues can be re- 
moved by immersing the wafer in a suitable acid which does not attack silicon. It is possible 
to texture the substrate prior to use to virtually eliminate spaces where solvent residues could 
gather. 

iv) To detach the layer from the substrate, the wafer is immersed in an etchant which etches heavi- 
ly doped silicon faster than lightly doped silicon. Due to the narrowness of the epilayer attach- 
ment points, and the fact that the initial part of the layer was grown heavily doped, the etchant 
rapidly detaches the layer from the substrate, This leaves the substrate ready for the growth of 



another layer and the epilayer ready for processing into a solar cell. If the attachment points are 
sufficiently narrow and the grown layer sufficiently thick then there is no need for the initial 
growth to be heavily doped. Electrochemical etching based on pn junctions can also be used 
to undercut the attachment points while avoiding loss of silicon from the grown layer. 

The Epilifr technique is easy to perform, and, in fact, worked well first time. A 20 pm thick 
layer with an area of about 2 cm2 was detached from a (100) substrate in about 20 minutes. 

The big advantage of the epilift technique over liftoff techniques developed for GaAs is that 
the etchant is brought into contact with the silicon to be etched at a large number of points simulta- 
neously through the holes in the epi layer. The substrate is not damaged by the LPE growth or 
subsequent processing. The Si3N4 masking layer can be used for many growth cycles before 
being renewed. If desired, the access holes for the etchant can be made in the substrate instead. 
This would allow growth of the epi layer to continue until it formed a continuous surface. The 
thickness of the epi layer can be varied by simply changing the spacing of the lines in the masking 
1 ay er. 

Liquid phase epitaxial growth of the silicon in the epilift technique has the advantage that 
nucleation occurs only on exposed silicon, and not on the masking layer. LPE is known to produce 
very pure quality silicon with low defect densities and large minority carrier lifetimes [3]. The 
pattern of exposed silicon created in the masking layer can be designed so that the number of holes 
required to give the silicon etchant access to the 'roots' of the epi layer is minimised. In fact, a 
suitable arrangement of mirrors and or total internal reflection from the aidglass interface of the 
encapsulating package can be used to avoid the need to close the holes at all while still minimising 
loss of light from a solar cell. 

While (100) substrates are interesting for solar cell applications, (1 11) substrates could have 
very interesting applications to microelectronics. This is because lateral growth rather than verti- 
cal growth will dominate. Previous work on the LPE growth silicon on (1 11) substrates has con- 
centrated on growth from individual lines [4]. Growth from a connected mesh could form a nearly 
continuous, thin, defect free growth over the masking layer with obvious device applications. The 
difference between impingement of growth fronts from disjoint nucleation areas and the filling- 
in of a mesh of nucleation lines is of considerable scientific interest. 

A recent paper by Rolf Brendel at the 14th EC PV Conference in Barcelona [ 5 ]  outlines a very 
good idea that resembles the Epilift process in that large single crystal sheets can be produced. 
In this process an epitaxial layer is grown on a layer of porous silicon grown on a single crystal 
wafer. The porous silicon is then destroyed by immersion in an ultrasonic bath, allowing the epi- 
layer to be floated off. The quality of silicon grown on porous silicon needs to be checked. As- 
pects of the two processes could be combined. For example, detachment of the Epilift mesh could 
be made easier if the epitaxy was grown on porous silicon. 

Epilifl Solar Cells 
Development of new techniques such as low temperature surface passivation and grain boun- 

dary passivation, as is required for most thin c-Si cell technologies, is costly and risky. A major 
advantage of the epilifr process, in addition to the single crystalline nature of the layers, is that 
standard cell processing can be used. Well known techniques for diffusions, minority carrier life- 
time preservation, surface passivation and metallisation are available, and there are no unusual 
restrictions on process temperatures or ambient. There are, however, some significant potential 
problems to be resolved as well as several attractive features to be exploited. 

Texturing is a natural consequence of the epilift process on (100) substrates. The shape of the 
epilayer is such that there will be low reflection losses and good light trapping. The cost of textur- 
ing is eliminated from cell processing. 

The presence of holes in the epilayer as a natural consequence of the growth sequence opens 
the way for several attractive solar cell designs. For example, an n+ diffusion can be made into 



the front surface, on parts of the rear surface and down the holes. Both the n and p contacts can 
then be located on the rear surface of the cell, virtually eliminating losses associated with the 
metal fingers. Lateral resistance loss in the emitter can also be virtually eliminated by making the 
holes on a spacing of 0.5 mrn or less. The holes themselves need occupy only a very small propor- 
tion of the silicon surface, and can have reflectors positioned behind them to avoid loss of light. 
Such a design would be useful for concentrator cells. It is also attractive for the fabrication of very 
large area terrestrial cells (20-30 cm diameter). Finger shading and resistance losses would nor- 
mally be unacceptable in a cell of this size. The idea of using holes to conduct photocurrent from 
the front of the cell to the rear is not new. However, the ease with which this can be accomplished 
using the epilift technique compared with using a laser or other technique makes it practical. 

The large diffusion lengths observed in LPE grown silicon also allows both contacts to be 
moved to the rear of a sufficiently thin cell even if there are no holes to conduct photocu~~ent from 
front to back (eg if the access holes for the silicon etch used to detach the epilayer are located in 
the substrate rather than the epilayer). The naturally textured surface means that the substrate will 
be quite thin in many places. This means that the very long diffusion lengths normally needed 
to make a back contact cell perform well are not required. 

The fact that the epilayer is thin opens the possibility of monolithic series connection of cells. 
The lateral resistance of a 50 micron thick wafer is ten times higher than that of a 500 micron thick 
cell. This means that the area of silicon lost as an isolation layer between individual subcells is 
reduced by a factor of ten. It is possible to alter the nucleation pattern to nearly eliminate unde- 
sired lateral conduction. 

Much of the cell processing can be performed prior to detachment from the substrate in order 
to reduce cell breakage. For example, texturing, pn-junction formation and surface passivation 
can all be completed prior to epilayer detachment, leaving only metallisation to be performed 
after detachment. This would allow a high yield of thin cells. 

Cell fabrication processes on Epilift substrates are being developed and solar cells should be 
available soon. 

Conclusion 

If crystalline silicon is to compete against non-silicon materials then advantage must be taken 
of its high efficiency potential in order to reduce Balance of Systems costs. Given the single crys- 
tallinity of the layer, a realistic goal for Epilifr cell efficiency is 20%. The high efficiencies pos- 
siblein principle using processes such as Epilift or the process introduced by Brendel [5] give 
them a major advantage over deposition of multicrystalline silicon onto a foreign substrate. 
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We have developed an easy-to-use software package called P V  Optics that accurately models the 
optics of any solar cell or module. For example,PV Optics: 

accommodates device design with as many as three active semiconductor layers plus a 
glass cover, encapsulation, antireflection (AR) coating, buffer, and metal backing 
assesses the light-trapping impact of nonplanar (textured or intentionally rough) 

interfaces of any of the device layers 
calculates interference effects (caused by the coherence of light) of very thin layers such 
as antireflection coating or thin-film semiconductor materials . accurately calculates reflection and absorption from reflective metal backings . selectively applies wave optics only where needed to address interference of coherent 
light in thin layers, using ray optics elsewhere to keep the computer calculation time 
reasonable . with a Windows software system, allows you to continue to use other computer 
hc t ions  while the analysis is proceeding . includes default values for refractive index and extinction coefficient for crystalline silicon, 
amorphous silicon, glass used for encapsulation, encapsulation materials such as EVA, 
and a buffer layer . calculates maximum achievable current density (MACD in mAhn2) for each 

semiconductor layer, providing a benchmark for cell performance . for most devices, automatically and clearly plots: 
- reflection, transmission, semiconductor absorbance, and metal 

absorbance, each as a bc t ion  of wavelength 
- (for multijunction devices) absorbance for each separate layer 

plus total absorption 
- absorbance by wavelength for typical sunlight (AM1.5) - predicting short circuit 

current density 
- photon absorbance as a function of depth within the semiconductor 

layer-facilitating selection of optimum thiclmess 
provides output that can be directly input into graphic software such as Quattro Pro or 
Delta Graphs for manipulation of graphic display or electronic analysis software such as 
AMPS or PClD for electronic modeling. 

PV Optics Software (Version 1) for the PC comes on a single 3-1/2 floppy disk. 
The software requires an IBM compatible PC160 MHz (or a higher speed), a minimurn of 8 MB 
RAM, windows, a VGA monitor, and a color printer (can also operate with a B&W printer). 



Selection of the Device Configuration 
PV Optics Version 1 starts with a generalized device configuration, fiom which one can select a 
desired device configuration. Your device may consist of glass, encapsulation, anti-reflectant 
coating, three semiconductors, a buffer and metal. The device configuration choice is made by 
simply deleting - with a click of a mouse - portion of the device configuration that does not 
correspond to your device. 

The software provides you with default values for the interface type, thickness in microns, n and 
k of each region. The default values correspond to standard materials used in PV manufacturing. 
You can use the default values or click on the area that you wish to change. The anti-reflection 
page provides you with the default values for the interface type, nl, kl, thicknessl, 132, k2, and 
thickness2 for a 2-layer AR coating. nl, n2 are the refractive indices and kl ,  k2 are the 
extinction coefficient. The selection of semiconductor page provides you with a choice of upto 
three-junction cell, and you can select the material "Silicon" or "Amorphous-Silicon," 
"Amorphous-Silicon Top," "Amorphous-Silicon Middle," or "Amorphous-Silicon Bottom." 
Additional semiconductor data can be incorporated at your request. 

Results are displayed as Graphs 
The seven types of graphs include: 1 .) Reflectance / Transmittance, 
2.) Absorbance, 3.) Weighted Absorbance, 4.) Photon Flux, 5.) Reflectance/Trmsmittance won- 
Coherent), 6.) Reflectance /Transmittance (Coherent), and 
7.) Weighted Absorbance. 

The graphs may be saved as a bit-map (.bmp) file by selecting "Export" fiom the file menu. This 
will bring up the files window and you will be able to select drives, directories, and filenames. 
The files window will also ensure that you give the graph a designated extension of ".bmpN. 
Once you have selected or entered the filename that you wish to use click on the "OK" button. 
Make sure that you are in the directory where you wish to save the file. If you click on the 
"OK" button while the filename still shows "*.bmpU, then the window will show you a list of 
only those files that have been saved as bit-maps. 
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INTRODUCTION 

Although Cu is one of the major metallic contaminants in silicon, its properties in connection 
with gettering procedures or device failures are still a subject of intense research efforts. 
Numerous deep levels found in Cu doped silicon1J were shown to be affected by defect 
reactions. The thermal history of the sample plays thus a crucial role in the electrical activity of 
the Cu impurity. Up to now, no data exist whtch could firmly establish the level of Cu 
contamination tolerated by most electronic or photovoltaic devices. Moreover, as the 
concentrations of the Cu induced deep levels are generally much lower than the total Cu amount 
in the material, the highly sensitive electrical characterization techmques are inadequate to 
monitor low Cu concentrations in silicon. Gettering studies and bulk contamination studies have 
thus to rely on less sensitive techmques like Secondary Ion Mass Spectroscopy or Atomic 
Absorption Spectroscopy. 

Quantitative information about the Cu solubility and dlffksion coefficient in silicon were 
obtained by Hall and ~ a c e t t e ~  already in 1964, using the radioactive copper isotope cd4 as a 
probe. From the dependence of the copper concentration on the doping level they concluded that 
the ratio of substitutional to interstitial solubility at the annealing temperature is of the order of 
lo4, and that the interstitial copper (Cq) behaves as a mobile singly charged donor. The donor 
behavior of Cui is consistent With dnft measurements carried out by Prescha et a15 and Mesli et 
al!, where low temperature dnft of Cq ions in the depletion region of a Schottky banier was 
observed by capacitance voltage measurements. 

More recently room temperature transient capacitance changes were observed in ptype 
silicon samples following copper contamination at high temperatures and quenchmg, and were 
attributed to interstitial copper drift7 In this work, we show that these 'transient ion drift' (TD) 
induced capacitance signals can be used to detect copper contamination in p-type silicon with a 
detection limit of the order of l ~ ~ ' c m - ~ .  

TRANSIENT ION DRIFT ANALYSES 

The differential capacitance of a reverse biased Schottky barrier depends on the charge 
distribution in the depletion region. In the presence of mobile interstitial copper ions, thls charge 
density is modified by the dnft of CU,' ions in the electric field. When a reverse voltage is 
applied to the Schottky barrier, the initial uniformly dstxibuted Cui impurities will be swept out 
towards the bulk affecting the barrier capacitance. If the reverse bias is applied for long enough 
times, no Cui will be left in the depletion region. After subsequent reduction of the applied 
voltage, Cui diffises back toward the surface according to Fick's law. This leads, after an 
appropriate delay, to a uniform distribution. This drift-diffusion cycle can be repeated 
periodically as long as copper atoms remain interstitially dissolved. The capacitance 'time 
dependence can be found by solving the coupled diffusion and Poisson equations8 Numerical 
solutions of the Cu, redistribution and the resulting capacitance signal, are shown in Fig. 1, and 
compared to experimental data. 
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The calculations were performed assuming a 
diffusion potential of 0.6V, a reverse bias of 
5 V, an initial uniform copper concentration of 
10'~crn" and an boron density of 2.10'~ 
mi3. In these calculations, Cu - Boron pairing 
was not taken into account. The experimental 
signal was obtained at room temperature at a 
reverse voltage of 5V, after having reduced the 
voltage to zero for several seconds. As shown 
in Fig-1, a good agreement is found if we 
assume a Cy diffusion coefficient of 
3.1 ~%rn~s-' .  

QUANTITATIVE COPPER DETECTION 

Fig. 1 : Comparison between calculated 
(solid line) and experimental (triangles) 
capacitance signal. 

The use of TID for quantitative copper detection in silicon is only possible if the ratio 
of interstitial to total copper in the sample is known. This information can be obtained by 
comparing the TID results to the Cu solubility at the in-diffusion temperature. To investigate this 
question, we used both, B-doped and Al-doped samples, grown by Wacker Chemitronic with a 
resistivity between 2-15 R em. Two types of sample preparation were performed. On the first set 
of samples, a 100 nm thick Cu layer was deposited by sputtering, followed by a thermal 
annealing at 800°C for 30 minutes. This annealing step was found to be necessary to avoid the 
in-diffusion barrier of native oxide and allow reproducible results. The samples were then slowly 
cooled to a second temperature T, arid after another 30 minutes, they were quenched into 
ethylene glycol to prevent precipitation. The temperature T was varied between 450°C and 
800°C- This step allows the copper concentration to reach the solubility limit at temperature T. 

The second set of samples were Cu implanted at 150 keV, with a dose of 1017cm2. Such a high 
dose was fomd to be necessary to saturate the implantation induced defects with Cu atoms? 
The samples were then annealed for two hours at a temperature T between 450°C and 600°C and 
quenched to room temperature. As interstitial copper is unstable at room temperature, the signal 
amplitude decreases with a time constant of about several hours in B-doped material. In Al- 
doped material, acceptorcopper pairing increases the Cu, 'lifetime' to above 24 hours. As a 
consequence, the samples were stored in liquid nitrogen before and after the Schottlq barrier 
preparation. In B-doped material, room temperature precipitation kinetics were performed on 
each sample in order to evaluate the loss of Cu during the sample preparation. Fig.2 shows the 
as-quenched Cu, concentration determined by T D  on both sets of samples. For temperatures 
higher than 600°C, the concentration is temperature independent, while for lower temperatures it 
decreases exponentially. The same behavior is observed for all types of sample preparation and 
acceptors . 

Also shown in Fig.2 are data on Cu solubility in silicon measured by Hall and ~ a c e t t e . ~  The 
good agreement found between Hall and Racette's data and ours below 600°C lead us conclude 
that most Cu atoms remain interstitially dissolved after quenching from temperatures lower than 
600°C. In other words, the quenching procedure is fast enough to impede significant 
precipitation during cool down. Since precipitation is triggered by supersaturation , we expect 
that after annealing and quenching fiom even higher temperatures, most Cu atoms will be 
detected by the TID technique, if the concentration does not exceed the solubility at 600°C. It 
should be noted that this solubility is close to the acceptor concentration in our samples and that 
for higher doping levels we found an increase of t@$ighest measurable Cu concentration. 



100O/T (1K) 
Fig.2 : Asquenched C q  concentration 
measured by the transient ion dnft 
method, as a function of annealing 
temperature for Al and B doped samples. 
The Cu source was either from an 
implanted layer (+), (x), or from a 
sputtered Cu layer (A), (V). The solid line 
represents the solubility limit of Cu in si4 

We would like to emphasize that, in spite of 
the considerably different diffusion behaviors 
at room temperature of Cu, in both, A1 and B- 
doped silicon, as reflected through the different 
capacitance time dependence, the results agree 
fairly well. It is also remarkable that two very 
different sample preparation procedures lead to 
similar results and thus corroborate Cu to be 
responsible for the observed transient 
capacitance signals. In particular, as the 
implanted samples were not subjected to the 
initial high temperature anneal, any 
contamination, which might have affected the 
results, can be ruled out. 

LOW LEVEL COPPER C O m W A T I O N  
STUDES 

The efficiency of the TID analyses in 
detecting low level copper contamination is 
tested by studying the amount of copper 
introduced into silicon during chemical 
treatment with a copper contaminated solution 

and subsequent high temperature annealing. 
The present study was performed only on the Al-Qped silicon. Residual metallic surface 
contamination was removed by cleaning the samples with a H2S04 :&02 (5 :I) solution. Then, 
they were subsequently dipped into a 1% H2O:HNO3 mixture containing various densities of 
Cu(NO3l2 , blown dry one minute later, annealed at 1000°C for 10 minutes in a vertical furnace 
and quenched into ethyleneglycol. The Cu concentrations, as measured by TID are shown in 
Fig.3 (filled circles) as a function of copper density (in atomic parts per billion or ppb) in the 
aqueous solution. The copper concentration in the bulk is given in atoms per square centimeter 
in order to take into account the various widths of the samples. The dotted line corresponds to a 
concentration obtained in a clean aqueous solution and indicates the contamination background 
level. For copper densities between approximately 10 and 500 ppb, a strong correlation is found 
between the Cu in solution and the Cu in the silicon bulk. For higher values, the Cu 
concentrations reaches the maximum measursi.ble concentration as discussed above, while for 
lower densities, the contamination is equal to the background level. As few as 30 ppb of Cu in 
solution are enough to induce a Cu dose of about 2.10'~crn-~. These results illustrate how silicon 
contamination by copper impurities during chemical treatment and subsequent high temperature 
annealing can be successfully monitored by TID analyses. 

The samples were next annealed at 100°C for several hours in order to precipitate the Cu 
impurities. After such a treatment the TID signals vanish completely. Upon removal of the 
Schottky baniers, the samples were shortly etched and cleaned before being annealed again at 
1000°C for 45s in a vertical RTA h a c e  followed by quenching. This annkaling step is 
necessary to redissolve the Cu impurities which were previously precipitated during the low 
temperature anneal. The subsequent TID results are shown as empty triangles in Fig.3. A good 
correlation is again found between the Cu bulk concentration and the Cu density in the aqueous 
solution, indicating that the second anneal was 

235 



Cu (ppb) in H2O:HNO3 (1%) soIution 

Fig3 : Interstitial Copper concentrations 
measured by TID as a function of Cu 
density in solution after a short dip into the 
solution and annealing , at 1000°C for 5 
minutes (circles); after additional 1 OO°C a 
few hours and 1000°C for 45 seconds 
(triangles). 

long enough to remssolve most copper 
impurities in our samples and make them 
contribute to the TID signals It is worth 
noting that the background level is slightly 
increased after the second high temperature 
anneal. 

CONCLUSION 

From both experiments described in the 
present work we may conclude that, after a 
high temperature anneal followed by fast 
cooling, most copper atoms remain on 
interstitial sites and become 'visible' to TID 
analyses. The lowest detectable amount of 
Cu should be close to the detection limit of 
DLTS (-lO"cm;'), and make TID analyses 
of considerable interest in fields like 
gettering and contamination stu&es. 
Although interstitial copper does not have a 
strong recombination activity and hence no 

significant impact on photovoltaic devices, copper precipitates may well be responsible for 
efficiency limitations in solargrade materials. Copper precipitation studies using TID combined 
with diffision length measurements and TEM studles may be a clue to increase our 
understanding of the technological impact of Cu contamination. lo 
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